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Abstract
Advanced tools with superabrasive grains like diamond and cubic boron nitride are
widely applied for machining high strength materials. The emerging Selective Laser
Melting process has the potential to embed the superabrasives into such tools, socalled Metal Matrix Composites. Commercially available matrix alloys were developed
for the conventional processes like casting, brazing which have cooling rates of
several orders of magnitude lower than Selective Laser Melting. The present work
focuses on developing new alloys for Metal Matrix Composites by Selective Laser
Melting. Computationally assisted alloy screening is a cost-effective mean to narrow
the alloy compositions of interest. To pre-screen alloys, rapid solidification
experiments were carried out on the Cu-Sn-(Ti) and Ni-Cr-Si systems, which mimic
the primary metallurgical process taking place in Selective Laser Melting. The results
allow the understanding of the effects of cooling rates and compositions on the
microstructural formation. In addition, in-situ synchrotron X-ray diffraction helps track
phase transformations during the rapid solidification and the underlying mechanisms.
Based on the results, a test alloy was selected for Selective Laser Melting. Sets of
fundamental processing parameters were investigated to search for the processing
window. Two superabrasives, i.e. diamond and cBN, were tested to study the effect of
physical properties on the consolidation. It turned out that rapid solidification
experiments enabled to estimate microstructure in as-built parts by observation of
the same phases in the rapid solidification tests. The superabrasives are soundly
bonded to the matrix by the formation of Ti carbides, borides and nitrides. Diamond
content varies from 2 to 20 vol.%. Composites with 2 vol.% diamond can be free of
cavities while density of defects significantly increases with diamond fractions. Using
of Ti coated diamond showed limited improvement of density. However, 10 vol.% of
cBN particles were successfully embedded into the final parts with far less defects.
Besides, Finite Element Modelling was employed to support the understanding of the
consolidation of the melt-diamond suspension. Due to the high thermal conductivity
and volumetric heat capacity of diamond, abnormal heat transfer accounts for the
occurrence of a large amount of defects and the poor mechanical performance.
V

Zusammenfassung
Fortschrittliche Werkzeuge mit superabrasiven Körnern wie Diamant und kubischem
Bornitrid (cBN) werden häufig zur Bearbeitung von hochfesten Materialien eingesetzt.
Der entstehende Selective Laser Melting Prozess hat das Potenzial, superabrasive
Materialien in solche Werkzeuge, sogenannte Metallmatrix-Verbundwerkstoffe,
einzubetten. Für die konventionellen Fertigungsverfahren, wie Gießen oder Löten,
welche um einige Größenordnungen niedrigere Abkühlraten aufweisen, wurden
einige Matrixlegierungen entwickelt. Die vorliegende Arbeit konzentriert sich auf die
Entwicklung neuer Legierungen für Metallmatrix-Verbundwerkstoffe für das Selective
Laser Melting. Das rechnergestützte Legierungsscreening ist ein kostengünstiges
Mittel, um die gewünschten Legierungszusammensetzungen einzugrenzen. Zur
Vorselektion von Legierungen wurden Erstarrungsexperimente mit sehr hohen
Abkühlgeschwindigkeiten an den Systemen Cu-Sn-(Ti) und Ni-Cr-Si durchgeführt, die
den primärmetallurgischen Prozess des Selective Laser Melting emulieren. Die
Ergebnisse ermöglichen, die Auswirkungen sehr hoher Abkühlraten auf Mikrostruktur
und Phasenzusammensetzung zu verstehen. Darüber hinaus hilft die in-situ
Synchrotron-Röntgenbeugung,

Phasenumwandlungen

während

der

schnellen

Erstarrung zu verfolgen und zugrunde liegende Mechanismen zu verstehen.
Basierend auf den erhaltenen Ergebnissen wurde eine Testlegierung für das Selective
Laser Melting ausgewählt. Die möglichen Prozessfenster wurden durch Variation
verschiedener Prozessparametersätze ermittelt. Zwei Superabrasives, Diamant und
cBN, wurden hinsichtlich des Einflusses ihrer physikalischen Eigenschaften auf die
Erstarrung untersucht. Es konnte gezeigt werden, dass die Schnellerstarrungsexperimente geeignet sind, die Vorgänge bei der Erstarrung im SLM-Prozess
darstellen, da typische metastabile Phasen in beiden Prozessen gleichermassen
auftreten. Superabrasives werden durch die Bildung von Ti-Carbiden, Boriden und
Nitriden fest mit der Matrix verbunden. Der Diamantgehalt variiert in den
Experimenten zwischen 2 und 20 Vol.-%. Verbundwerkstoffe mit 2 Vol.-% Diamant
können ohne Porosität hergestellt werden, während die Defektdichte mit steigendem
Diamantanteil deutlich zunimmt. Die Verwendung von Ti-beschichtetem Diamant
VI

zeigte nur eine begrenzte Verbesserung der Dichte. Hingegen konnten 10 Vol. %
cBN-Partikel erfolgreich und mit deutlich weniger Defekten in den Verbundwerkstoff
eingebettet werden. Mit Hilfe der Methode der Finiten Elemente konnte aufgezeigt
werden, dass die Diamantkörner durch ihre hohe Wärmeleitfähigkeit und
Wärmekapazität zu einer vorzeitigen Erstarrung des Metalls in ihrer unmittelbaren
Umgebung und damit zu Anbindefehlern führen. Diese Arbeit lieferte ein Verständnis
für das Erstarrungsverhalten von Verbundwerkstoffen sowie Handlungsempfehlungen
für die metalladditive Herstellung solcher Verbundwerkstoffe.
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1 Introduction
Superabasive grits such as diamond and cubic boron nitride are widely used in the
tool industry for grinding and polishing high strength engineering materials due to
their ultrahigh hardness. In the industrial productions, there are four common
methods of bonding of diamond onto substrates, i.e. resin bonding, sintering,
electroplating and vacuum brazing [1–4]. In contrast to the former two bonds, the
latter two allow a much higher concentration of diamond particles integrated onto
tool bodies. Tools produced by vacuum brazing have a longer tool lifetime than
those fabricated by electroplating [5]. Therefore, this study focuses on the
metallurgical bonding mechanism. In the process of vacuum brazing, superabrasive
grains are metallurgically bonded to a substrate. To obtain a metallurgical bond, only
active filler alloys containing reactive elements such as Ti, V, Cr, Zr are molten and
react with both the substrate and superabrasive particles [4]. Thin carbide, boride or
nitride layers are the reaction products. As a result, superabrasive grains are joined
together with the substrate. Another requirement for being active filler alloys is that
those alloys should have a low melting point so that superabrasive grits do not suffer
from sever heat attacking during processing. However, the disadvantage of active
brazing technique is that only a single abrasive layer can be deposited and thus
insufficiently long tool lifetime. In contrast, the cutting-edge Additive Manufacturing
(AM) techniques for metals like Selective Laser Sintering/Melting could enable the
fabrication of such tools with multilayers of superabrasive grains regardless of
metastable diamond. This is attributed to the rapid cooling and thus a short lifetime
of the hot melt during selective laser melting since a small volume of material is
molten and solidified. The cooling rate could be further tuned by modifying the melt
pool size, for instance via employment of different laser spot sizes. Furthermore, the
general advantage of selective laser melting is that parts with complex but functional
inner structures can be manufactured without post machining. Therefore, channels
for lubricant or coolant can be implanted in the tools, aiming at improving their
performance and enhancing the tool life.
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It is of primary concern to select a right matrix alloy for this unique selective laser
melting process. The available commercial alloys were initially developed for
conventional processes like sintering, brazing and casting. Without any modification,
they could hardly be directly applied to selective laser melting where rapid
solidification and cooling are characteristic and out-of-equilibrium microstructure is
expected. Out-of-equilibrium microstructure results from segregation, formation of
martensite/massive and metastable phase etc. Due to rapid cooling and cyclic
annealing in the process, a large thermal gradient leads to high residual stress. Since
the parts are exposed to high residual stress, a high amount of brittle phases can be
detrimental. Formations of defects caused by improper alloy compositions were
reported in previous studies about selective laser melting of commercial Ni- [6] and
Al-based alloys [7]. Solidification and hot cracking are the common causes for defects
in Ni superalloys [8]. It is also challenging to process TiAl alloys by selective laser
melting [9] because of the high fraction of desired but brittle intermetallic phases.
Spierings et al. [10] showed that cracking occurred in the metal diamond composites
by selective laser melting. Large Ti carbides observed in the matrix were proposed to
be one of the causes of cracking. It is likely that the Ti content in the commercial base
alloy is excessive for this process. Metal-superabrasives composites represent a
typical category of materials which compose of two dissimilar alloys in terms of
thermophysical and mechanical properties. Application of Selective Laser Melting
(SLM) technology into the production of such composites allows new designs of costeffective tools with better performance.
Lack-of-fusion defect and porosities in the parts are another two common types of
defects, which are mainly introduced by employing improper processing parameters.
They are usually caused by insufficient energy input while porosities can be from the
raw powder and/or keyhole mode welding. In addition, the processing window is
dependent on the material chemistry and powder properties including powder size
distribution, oxide layer thickness etc. Therefore, it is bound to optimize processing
parameters for every new candidate alloy for selective laser melting.
To industrialize the fabrication of superabrasive tools by selective laser melting, more
systematic works need to be carried out to understand the process more
comprehensively. The out-of-equilibrium microstructure of matrix alloys is not
available in the previous work. In addition, the consolidation of the composites has
2

1 Introduction
never been covered. Furthermore, the maximum volume of superabrasives can be
incorporated into the as-built parts is still unclear.
This work focuses on developing alloys for SLM of metal matrix composites and
optimization of processing parameters. The general concept of designing innovative
alloys in the present work consists of three steps as demonstrated in Figure 1.1.
Rather than directly testing new powders in the SLM machines, alloy pre-screening
was conducted as the first step, which intends to shorten the development period
and save cost. For that, rapid solidification experiments were designed and described
in detail in the Chapter 4. Alloys of different compositions and sizes were prepared in
the arc furnace to mimic the rapid solidification process occurring in SLM process.
Two main alloy systems for applications in SLM were studied, i.e. Cu-Sn-Ti in the
section 4.1 and Ni-Cr-Si in the section 4.2. The cooling rates achieved in such rapid
solidification experiments were estimated by employing the Finite Element Modelling
(FEM). The correlation between a microstructure and cooling rates enables the
construction of composition-cooling rate-phase diagram as a database for alloy
selection for SLM. Based on these results, in-house developed alloy was used at the
second step, i.e. fabrication of Metal Matrix Composites (MMC) by SLM. Chapter 5
discusses the integrity of superabrasive particles with matrix and the underlying
mechanisms of the defect formation in the SLM-built parts. The interfaces between
the matrix and superabrasives were comprehensively characterized by various
advanced techniques. Parts with different fractions of diamond were processed by
SLM. The influence of Ti coating on diamond on the defect formation and mechanical
performance was mentioned. Single track experiments and FE simulations of heat
transfer in a single illumination were carried out to understand the consolidation
mechanisms. Cubic Boron Nitride (cBN) has comparable hardness as diamond but
better heat and chemical resistance. In Chapter 6, metal-cBN composites were
manufactured by SLM, and the difference between metal-diamond and metal-cBN
composites were compared with regard to consolidation process. The effects of
different thermophysical properties between diamond and cBN on processibility are
in discussion. In turn, this knowledge of melt-particles suspensions during SLM
process can give feedback to not only optimization of processing parameters but also
alloy selection in terms of setting proper criteria. At the end, the main conclusions
and contributions to science and industry were summarized in the Chapter 8. Some
3
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other interesting works for the future were also suggested in order that development
of alloys for metal matrix composites by SLM can hopefully be applied into industrial
productions.
The present work is an application oriented research work, and its results could be
utilized in industrial development of novel advanced tools.

Figure 1.1: Procedures of developing alloys for metal matrix composites by selective laser melting
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2 State of the art
In the tool industry, superabrasive grains such as diamond and cBN are highly
demanded due to their ultrahigh hardness higher than any other minerals on earth.
Thus, the tools made from these grains can be utilized to machine advanced
structural components of high hardness, for example, ceramics, high strength steels
and so on. Over decades, various technologies were developed to produce such
advanced tools decorated with superabrasives, e.g. electrochemical deposition,
brazing. Similar to the principle of active brazing, the bursting SLM technology allows
for fabricating tools with more complex geometries and multiple layers of
superabrasives.
To better understand the present topic, this chapter starts with introducing the
background of all relevant materials including base materials as matrix and
superabrasive particles. Their properties are closely related to the manufacturing
processes and performance of the corresponding tools. Since emerging AM
processes will be utilized for making machining tools, a brief introduction to the
relevant laser beam-based AM technologies is given in the section 2.2. Such
processes involve complicated metallurgical reactions due to rapid cooling, which
often leads to an out-of-equilibrium microstructure. Therefore, alloy development for
AM processes is necessary and desired. For such a purpose, many advanced
experimental methodologies were designed for understanding the phase and
microstructure formation mechanisms. Although many studies on the metal-matrix
composites were conducted with the effort to fabricate tools, some fundamental
knowledge gaps are persistent but would be essential to fill for understanding the
consolidation process.

2.1 Metal-superabrasives tools
According to the Mohs hardness scale, diamond has the highest hardness as 10, and
cBN is the second hardest mineral after diamond. They are also referred as
‘’Superabrasive’’. As a result, they are extensively used in the industry as advanced
5
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machining tools for grinding and polishing other engineering products, e.g. advanced
ceramics (Al2O3, ZrO2, SiC) [11–14]. Although ceramics are also used in the tool
industry for shaping other materials, tools with superabrasive grits exhibit better
performance [15]. Therefore, it is necessary to mention the properties of
superabrasives in details as follows.
Both superabrasive materials are rather brittle. Diamond usually cleaves on 4 (111)
planes, and cBN has 6 (110) cleavage planes [16]. In addition, the mechanical
property of diamond is anisotropic. Along <111> directions, it has highest shear
strength during wear tests. It is worthy of mentioning that these two grits have
extremely high thermal conductivity, which helps heat dissipate away from tools in
service. Main thermophysical properties of superabrasive particles [17–20] are
collected in Table 2.1.
Diamond tends to graphitize at a relatively low temperature: 700 °C in the air and
1500 °C in an inert atmosphere. It degrades rapidly when subjected to heat for a long
period. To retard the degradation of diamond during tool fabrication, various
elements are utilized to coat diamond particles, e.g. Cu, Ni, Ag, Ti, W, Cr. Given
necessity, double coating layers can be deposited. The coatings can have one or
different combinations of the following advantages in comparison to uncoated
superabrasives [16, 21, 22].
•

Reduction of thermal attack

•

Improvement of the wetting and enhancement of the chemical bonding

•

Reduction of the chemical erosion because of the passive layer

As diamond is just a form of carbon, it is usually not for machining materials that
have high chemical affinity of carbon for instance low carbon steels. In comparison to
diamond, cBN has no affinity for low carbon steels and higher thermal resistance. It
can work at 1900 °C. Oxidation starts above 1000 °C and complete around 1500 °C
[16] since the formed boron oxide layer is so dense that it prohibits further oxidation.
Diamond has unique optical properties, for example, low absorption of near IR light
(~2%) and high thermal conductivity, which makes it difficult to be damaged by the
IR laser beam. An infrared Nd:YAG laser has an energy of 1.17 eV corresponding to
the wavelength of 1.06 μm. In contrast, this energy level is significantly lower than the
wide band gap of both diamond (5.48 eV) [23] and cBN (6.4 eV) [24]. Only high light
6
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energy density from a high flux of IR laser can excite the valence or deep shell of
carbon atoms, which leads to the transformation of diamond to graphite or
amorphous carbon. Therefore, it requires certain duration of IR laser on the particles
to overcome the damage threshold. Damage spots appear if the applied energy
density is high enough to exceed the threshold of ablation [25]. However, the
threshold energy is dependent on the processing atmosphere [26].

Table 2.1: Physical data of superabrasive particles at ambient temperature

Materials ρ [g cm-3]

κ [W m-1 K-1]

cP [J K-1 g-1]

CTE [*10-6 K-1]

diamond

3.515

600-2000

0.5159

1

cBN

3.45

200-1300

0.6447

1.2

There are four main commercial processes to produce such tools decorated by
superabrasives: resin bonding, sintering, electrochemical deposition and active
brazing [1–4]. Accordingly, superabrasive grains are held together by mechanical
bonding and metallurgical bonding, respectively. The metallurgical bond shows much
higher bonding strength than the other two bonds, i.e. resin and vitrified bonds. The
formation of metallurgical bonds known as carbides and borides at interface is
fulfilled by the reaction of active filler alloys with superabrasive grains [27, 28].
Generally, active brazing for the production of metal-superabrasives tools follows that
filler alloys react with both the substrate and superabrasive grains. First, a filler alloy
and grits are placed on a substrate, which afterwards are annealed at the temperature
above the liquidus point of filler alloy but below that of substrate in a vacuum furnace.
The annealing parameters, i.e. brazing temperature and holding time, are programed
in a way that the filler alloy is molten and have enough time to wet grits. For filler
alloys, low liquidus temperature and certain amount of reactive elements in these
alloys are required. In addition, both diamond grains and the substrate should be well
wet by the filler alloy, which in this case is assisted by chemical reactions. The primary
prerequisite for filler alloys is that it must contain certain amount of reactive elements
like Ti, Cr, V, Nb, Ta etc. which have high affinity for carbon, boron or nitrogen [29].
The reactive elements in the filler alloy diffuse towards both diamond and the
7
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substrate, forming metallurgical bonds. Reactive wetting of diamond particles is
enhanced often by the formation of transition metal carbides, borides and/or nitrides.
In the literature, the most common material systems as filler alloys for active brazing
of superabrasive tools are Cu-Sn-Ti, Ni-Cr based alloys and Ag-Cu based alloys [30,
31].
Compared with the other candidates, Cu-Sn-Ti system shows good mechanical
properties, and has low cost as filler alloy for brazing of diamond tools [31]. In this
copper-based alloy system, Sn is added to significantly reduce the liquidus
temperature, and Ti is for the formation of bonding layer and establishing chemical
wetting. Klotz et al. [32] investigated the influence of composition and brazing
process parameters on the microstructure and mechanical strength of the joint.
Similar studies were carried out on cBN/Cu-Ni-Sn-Ti composites [33–35] . In such
case, the bonding strength is essential for mechanical properties, which is determined
by the interfacial microstructure. At the interface between diamond and matrix, Ti
carbide exists in all previous work. Since the lattice constant of Ti carbide is very
different from that of diamond, large interfacial strain and stress can be expected.
Therefore, interfaces have a high risk of cracking [36]. The stress originating from the
lattice mismatch, however, can be adjusted by the interfacial layer thickness.
Additionally, the ductile (Cu) phase was reported by Klotz et al. [32] to be sandwiched
between the Ti carbide layer and diamond. From the perspective of micromechanics,
this configuration could to certain extent improve the toughness of the interlayers
since ductile (Cu) can accommodate the high local strain. Buhl et al. [36]
demonstrated that an optimal thickness of TiC-layer contributed to a high shear
strength. This interlayer is resulted from instantaneous chemical reaction followed by
diffusion [37] which is a time and temperature dependent process. To obtain a
thinner TiC bonding layer, laser brazing was suggested by many scientists [32, 38]
since laser has a high energy density within a small beam spot and accordingly
shorter processing time. As a result, growth of the Ti carbide layer due to diffusion
can be hindered. All these knowledge can be transferred to develop and optimize
base alloys for the new emerging SLM process as well as the processing parameters.
In the Ni-Cr-Si alloy system, both Ni and Cr elements are known for their excellent
oxidation and corrosion resistance. Si also shows oxidation resistance via passivation
mechanism since the silicon oxide is so dense that the oxygen permeability is
8
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significantly reduced. Besides, Ni-Cr-Si alloys have high hardness and excellent wear
resistance due to the presence of hard silicides [39]. Therefore, this ternary system is
an ideal candidate for hard coatings where good oxidation and corrosion resistance
are required. Furthermore, other applications of Ni-Cr-Si based hard facing alloys are
filler alloys for brazing of superabrasive tools [40–42]. Generally, these alloys contain
a certain number of foreign solutes such as boron and carbon. One class of the
commercial hard facing alloys has a composition of Ni-Cr-Si-B-C. The melting point
of these alloys can be significantly reduced by the addition of B. In addition, small B
atom has high diffusion coefficient so that it diffuses away from filler alloy into base
plate during brazing. The melting point of the filler alloy then increases and it
solidifies at the brazing temperature, termed as Transient Liquid Phase (TLP) bonding.
Borides and carbides form during the process, which establish the metallurgical
bonding among superabrasive grits, the filler alloy and the substrate.
Grinding efficiency is one of the most important parameters to evaluate the tool
quality. In the previous study [43], different failure mechanisms were reported in such
metal-diamond machining tools, i.e. pull-out, flatted, and fractured diamond. Buhl et
al. [43] claimed that the pull-out failure of diamond was attributed to the thick TiC
layer which was the weakest part during loading. The shatter of diamond indicated a
good bonding between diamond and the matrix. However, the stress applied on
diamond particles was too high. During grinding process, the produced chips should
be removed efficiently since the accumulation of chips at the rear face of the tool has
following negative impacts:
•

Additional wear of the grains

•

Increase of temperature

•

Self-dressing ability is weakened

To address these problems, an adequate amount of porosity introduced during
production creates enough space close to superabrasive grains for chip removal [44–
48].
Overall, tools manufactured by the commercialized processes have the following
limitations:
•

Limited number of simple shapes

•

Single layer of superabrasives
9
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•

No complex inner channels for coolants and lubricants

•

Thick reaction layer due to long annealing time

2.2 Laser-based additive manufacturing technologies
Additive manufacturing (AM), also termed as 3D printing, is a process where parts are
formed by joining of materials from 3D CAD models in a layer-by-layer fashion [49].
Since AM is one of the near net shape manufacturing techniques, it has a general
advantage of cost saving. Additive manufacturing technique can be referred to
various terms depending on raw materials and principles. For metals, there are mainly
two variants, i.e. Direct Metal Deposition (DMD) (seen in Figure 2.1a) and powder bed
based AM (seen in Figure 2.1b) including electron beam melting and selective laser
sintering/melting. More information on different variants of AM techniques can be
found in several review papers [49–53]. Even though there are different machine
configurations in the former process, Figure 2.1 demonstrates that metallic powders
are focused coaxially with a laser beam onto a substrate. Upon demands, different
powders can be fed simultaneously to produce new alloys. The microstructurally
dependent properties can be tailored over layers during the process. Evidently,
functionally graded materials can be produced by varying the relative concentrations
of different powders. During SLM as shown in Figure 2.1b, powder is transported by a
coater from a supply chamber to a work chamber, and the excessive powder is
recycled in an overflow chamber. To ensure enough powder for a stable coating, the
stroke of piston in the supply chamber is larger than that in the work chamber in a
reverse motion direction. According to the cross section of each layer in the CAD
model, laser selectively scans the powder bed. A comparison of the different beam
based additive manufacturing techniques extracted from [51, 54–58] is presented in
Table 2.2.
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Figure 2.1: (a) Schematics of the DMD process: powder particles are transported by inert gas and
focused coaxial to laser beam on a substrate. Melt then is deposited on the substrate. (b) Schematics
of the SLM process: powders are transported from supply chamber to work chamber by a coater. The
powder bed is selectively irradiated by a laser. The red arrows in the two chambers indicate the motion
directions.

11

2 State of the art
Table 2.2: List of parameters of various beam based additive manufacturing techniques for metals.

Particle size

Spot size

[μm]

[μm]

[μm]

[°C]

EBM

+45/-105

200-1000

50

600-1100

DMD

+45/-150

>1000

750

-

SLM

+10/-45

50-100

30-50

Up to 200

Processes

Layer thickness Preheating

The laser-based additive manufacturing processes can be separated into three
distinct phases: in the first phase, the laser interacts with the powder bed, heats it up
and finally melts it. After that, the molten material solidifies rapidly. With the
deposition of next layers, the preceding layers undergo a cyclic heat treatment. These
three phases and the potential material defects that might occur are described in
greater details in the following.
•

Phase of laser-powder/melt interaction:

When a laser hits a powder bed, part of the laser light is absorbed, and the other part
is reflected by powder particles. Apart from the absorption of the laser light by
powders on their surfaces, multi-reflections of light among particles significantly
increase the energy absorption of the light by the powder bed. The absorbed laser
energy is converted into the heat for fusion of particles. If the input energy density is
not high enough or the reflection is too pronounced, there will be incomplete
melting and poor bonding among the laser tracks, termed as lack-of-fusion defects.
Incomplete fusion defect is often observed in the alloys tending to oxidize since the
oxide layer decrease the wettability and block the metal flow [59]. Concomitantly,
unmolten powders remaining in the final parts are often observed. In the powder bed
fusion, parts are formed by bonding of amounts of melt tracks, so the stability of the
individual melt tracks is crucial for having 3D parts with a low level of defects. Similar
to laser welding [60], melt pool dynamics mainly dependent on laser power and
scanning speed determines the morphology of melt pool and track, thus part quality
[61, 62]. If the scanning velocity is too high, the ratio of length to circumference of a
melt track will be high as well. As a consequence, the melt track can be broken down
into small discontinuous droplets, known as ‘’balling effect’’ [63].
12
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•

Phase of rapid solidification:

With the laser traveling on a surface, the heat is quickly dissipated from the small
melt pool and the liquid metal solidifies rapidly. The cooling rates achieved in
different processes [57] are summarized in Figure 2.2. Compared with DMD (cooling
rate = 103-104 K s-1), SLM involves a higher cooling rate (104-106 K s-1) [58]. It is
attributed to the thinner layer thickness and smaller beam spot size. Accordingly, the
melt pool and heat affect zone are smaller. In these processes, a high thermal
gradient and solidification front velocity are another two important parameters
affecting the microstructural formation. The close correlations among these
parameters and grain structure formation will be mentioned in detail in the section
2.3.1.
During rapid solidification when microstructure formation takes place, processing
defects could also simultaneously appear due to improper processing parameters
and/or materials. Solidification cracking is one of the most common defects formed
during the rapid solidification. Solidification cracking happens at the end of the
solidification when tensile stress due to contraction of solid applies on the remaining
melt which is then torn apart. For both cases, the tension is the high residual stress
originating from the steep thermal gradient occurring during the SLM process. For
example, Ni superalloys and stainless steels are prone to cracking due to their low
thermal conductivities but high thermal expansion coefficients [59].
In the SLM-built parts, it is also common that pores of different sizes are observed.
Because of insufficient time for gas bubbles to leave the melt pool, pores form in the
final part. It originates from the porosity in the raw powders or the trapped shielding
gas. In the former mechanism, the pores are usually smaller than the powder particle
size. Presence of pores larger than the particle size mostly at the root of keyhole is
attributed to entrapment of gas bubble. Due to high energy input by an intense laser
beam, materials are continuously evaporated, and a deep channel filled by vapor is
created [64]. The resultant hole is referred to keyhole. Depression wall collapses due
to an increase of surface tension overcoming the recoil force effect or vortex [65]. In
addition, spatters could be emitted from the keyhole rim due to the melt oscillation
resulted from overheating at a low scanning speed [60].
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Figure 2.2: Typical cooling rates in various manufacturing processes. The blue bars are the ranges of
cooling rates. The cooling rates reached in present rapid solidification experiments are located in the
gray zone.

•

Phase of cyclic heat treatment

With the deposition of materials on the following layers, each laser track should fuse
at least part of the previous layer to achieve sound bonding, namely remelting of the
preceding layers as demonstrated in Figure 2.3. Below the remelting and mushy
zones, there is an as-built volume partially heated up to an elevated temperature via
thermal conduction, i.e. Heat Affected Zone (HAZ). The size of HAZ is dependent on
the energy input and thermal properties of the material. Generally, the HAZ in the
DMD-built parts is larger than that in the SLM-built components. The material in the
HAZ undergoes multiple reheating and cooling cycles during the process, termed as
cyclic Intrinsic Heat Treatment (IHT). The thermal history at the layer, ‘’n’’, is
schematically displayed in Figure 2.4. Liquidation cracking is the common type of
defect formed in the HAZ. Other synonyms were referred, which can be misleading.
However, it is more important to understand their mechanisms. In comparison to
solidification cracking, liquidation cracking takes place at grain boundaries due to the
remelting since sever elemental segregation reduces the local liquidus temperature at
grain boundaries.
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Figure 2.3: A schematic [66] of the physical phenomena occurring in the SLM process.

Figure 2.4: A schematic diagram of temperature profile at the layer n when the laser scans at different
layers. This diagram is modified based on [67].

To summarize, AM has the following advantages in comparison to the conventional
subtractive manufacturing processes, particularly for the present research on
fabrication of metal-superabrasives composites:
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•

Capable to fabricate parts with complex internal structures: For
tools, these structures can be channels for coolant and/or lubricant
to reduce the tool wear and thus enhance machining efficiency.

•

Characteristic high cooling rates: It is very likely that degradation of
metastable materials like diamond can be minimized.

•

Multilayered 3D parts: More superabrasives can be implanted into
tools.

•

Near net shape manufacturing: In general, this saves the production
cost.

2.3 Material development for AM
2.3.1 Fundamental metallurgical processes in AM
By reviewing these laser processes, one common phenomenon is that a small volume
of molten material contacts with a massive substrate and rapidly solidifies. As a result,
high cooling rates reached in the processes are characteristic for such techniques.
Insights into the principles of these laser based techniques are described in the
previous section 2.2. In the following context, theories on rapid solidification
microstructure with some examples will be explained at first.
In the rapid solidification processing, microstructural morphology is determined
mainly by two important variables, i.e. interface advancing rate, V, and temperature
gradient in the liquid at the solidification front, G, respectively. In the laser beam
based AM processes, the solidification front velocity following the travelling speed of
the laser beam is the highest at the top surface and the lowest at the bottom of the
melt pool. The thermal gradient depending on the experimental configuration
decreases from the bottom to the top of the melt pool. Thermal gradient
dependence of the diffusion coefficient and velocity dependence of the partitioning
coefficient were claimed by Kurz et al. [68]. The morphology of the solidification front
is dependent on the relationship between the interface diffusion distance and the
solidification front velocity. At a low velocity, the interface is under equilibrium
condition and appears as planar growth. Constitutional undercooling occurs at a
higher velocity, and the interface undergoes dendritic or cellular growth. Interface
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equilibrium can be terminated at the high velocity, and the solidification front is
solely determined by the velocity. As a result, a band and/or plane structure appears.
More details can be referred to the Microstructure Selection Map (MSM) constructed
by Kurz et al. [69].
During the rapid solidification, out-of-equilibrium microstructures were reported in
various alloys, e.g. Fe-Cr-Ni [70], Al-Cr [71], Al-Fe [72] etc. This results from the solute
trapping due to a reduced partitioning at the high solidification front velocity. Solute
trapping [73] describes the process where the local equilibrium at liquid-solid
interface is interrupt when the velocity of advancing solidification front is high
enough to be comparable with the interface diffusion distance. It results in that solute
concentration in the solid phase exceeds its maximum solubility according to the
phase diagram. A good teaching case is Zn-Cd system given in [73]. The underlying
mechanism is that the partitioning coefficient is proportional to the growth rate once
the growth rate exceeds a certain limit [74]. The growth rate of the solidification front
is determined by external experimental conditions, i.e. heat flux from intense laser
light. Common techniques involving a high solidification front velocity are laser
melting, melt spinning and so on. More details will be described in section 2.3.3. As a
result, metastable phases are common to be present in the rapidly solidified
microstructure, for instance, martensite and massive phases. Both phases are formed
via diffusionless phase transformation, i.e. the same chemical composition as parent
phases [75]. A classic example is the Time-Temperature-Transformation (TTT) diagram
[76] constructed for steels, which is often used in the steel making industry to
engineer the desired microstructure. In fact, it describes the relationship between the
cooling rate and phase transformation paths. Such microstructure occurs in the
extreme circumstance that partitioning is fully suppressed due to the high
solidification front velocity.
By reviewing literature, the concept of T0 temperature was extensively applied and
accepted to explain an observation of out-of-equilibrium microstructure [77]. First of
all, the definition of T0 temperature is given as follows. T0 temperature is referred to
the temperature where two phases have the same Gibbs free energy at the specific
composition. To explain the phase selection in a more understandable way, Gibbs
free energy diagram is sketched in Figure 2.5. G curves of α and β phases intersect at
the red point. The two black dash lines are determined by the intersection of G curves
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and their common tangent. In the compositional range between 𝑥𝑥𝐵𝐵 𝛼𝛼 and 𝑥𝑥𝐵𝐵 𝛽𝛽 , a
system under the equilibrium condition have two phases rather than a single phase,

i.e. α of composition 𝑥𝑥𝐵𝐵 𝛼𝛼 and β of composition 𝑥𝑥𝐵𝐵 𝛽𝛽 , since the sum of the Gibbs

energy lies on the common tangent line lower than both G curves. If diffusion doesn’t
occur during the rapid solidification, in the compositional range between 𝑥𝑥𝐵𝐵 𝛼𝛼 and 𝑥𝑥𝐵𝐵 0

α phase has a lower Gibbs energy than β phase. In other words, α phase is
thermodynamically more stable in the case of lack of diffusion. The same applies to
the compositional range between 𝑥𝑥𝐵𝐵 0 and 𝑥𝑥𝐵𝐵 𝛽𝛽 . The red dot means that α and β phase

have the same Gibbs free energy at this concentration and temperature. Under the
rapid solidification condition, the blue dash line separates α and β phase regions. This
temperature is referred to T0 temperature for the composition of 𝑥𝑥𝐵𝐵 0 . The T0

temperature of various phases can be computed using the Thermocalc software.
Depending on the T0 temperature and the solute concentration, Gibbs free energy of

different phases can be plotted in a phase selection hierarchy map, which can be
referred in [78]. With that, the stabilization of certain phases in the out-of-equilibrium
microstructure can be well understood.
Following the rapid solidification, IHT in the process can lead to phase decomposition,
which opens a new dimension for engineering microstructure in the process and
accordingly material performances. During IHT, metastable phases formed during the
rapid solidification are likely to be decomposed into more stable phases via thermally
induced phase transformation. Barriobero-Vila et al. [79] reported that the metastable
martensitic α’ phase transformed into stable fine α + β lamellar structure in the SLMbuilt Ti-6Al-4V alloy. In the work from Kürnsteiner et al. [80], a high number density of
NiAl nanoparticles precipitated from the supersaturated matrix in the maraging steel
by the DMD process.
One of the challenges that the SLM process confronts is mainly the presence of
defects such as cracking and porosity, which has a direct impact on mechanical
performance. Post heat treatment, e.g. Hot Isostatic Pressing (HIP), can eliminate the
internal defects in the bulk like pores, lack-of-fusion defects but not connected
porosities on the surface [81]. Alternatively, modification of alloy compositions could
essentially improve the manufacturability of materials developed for AM processes
with characteristic metallurgical principles. At present, many studies showed that a
limited amount of existing commercial alloys manufactured by AM shows acceptable
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properties for possible applications. Most of the alloys suffer from cracking caused by
the high residual stress. Selection of alloys with low melting temperature ranges
seems promising to reduce the solidification cracking susceptibility [82]. Brittle
intermetallics like TiAl [9] are susceptible to the high residual stress, so it is impossible
to process microstructure with a high fraction of brittle phases by commercial SLM
machines even if with preheating up to 200 °C. The authors in [83] reduced the crack
susceptibility of Hastelloy X by enhancing the strength of solid solution by
modification of the commercial composition. In summary, all these studies showed a
big potential of alloy design in combination with the unique processes.

Figure 2.5: A schematic of Gibbs free energy curves of α and β phases and the concept of T0
temperature for composition at 𝒙𝒙𝑩𝑩 𝟎𝟎 . 𝒙𝒙𝑩𝑩 𝜶𝜶 and 𝒙𝒙𝑩𝑩 𝜷𝜷 are compositions where the common tangent line
intersects with Gibbs free energy curves of α and β phases.

2.3.2 Rapid solidification processes and tests
To develop or optimize materials for AM in a cost-effective manner, it is essential to
mimic the main features, i.e. the rapid cooling and cyclic heat treatment. It is
noticeable that primary microstructure from rapid solidification determines or have a
significant influence on the phase transitions during the following cyclic heat
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treatment. Therefore, a focus on Rapid Solidification Processes (RSP) for mimicking
AM process is explained in detail in this section.
A variety of RSP were developed for laboratory researches and industrial productions.
Based on the principles, RSP can be divided into four categories: single splat,
continuous, atomization and self-quenching processes [84]. Both DMD and SLM
processes belong to self-quenching processes where a small volume of melt
produced by high-energy beam solidifies on a massive heat sink. SLM graded
powders are most commonly produced by atomization methods where a stream of
melt is destabilized by a jet. Although gas atomization produces powders undergoing
high cooling rates, it is not cost effective for alloy development since a cycle of
powder production and testing in SLM facilities takes a long period and use ratio of
materials is low as well. In the continuous process, a melt stream contacts with rapid
moving chills, e.g. melt spinning. It is a convenient method for producing a large
quantity of materials. Single splat process is a simple process where a small droplet
falls onto a massive cool chill. Compared with the former three methods, single splat
process requires the least consumption of materials. Alternatively, high cooling rates
up to 20 000 K s-1 can be reached by Fast Scanning Calorimeter (FSC) [85]. Besides,
the cooling rate and temperature can be accurately measured and controlled in this
apparatus. However, the maximum reachable temperature of a commercial FSC from
Mettler-Toledo GmbH is around 1000 °C limited by the available sensor. Therefore,
this method is popularly applied in the field of polymer researches rather than
metallic materials.
Kenel et al. [78] developed a simple and cost-effective method to mimic the AM
process for screening alloys. A series of small spheres of different sizes were
produced in an arc melter, where the cooling rate is reverse to the sample size. This
method was also exploited in the present work in the section 3.2.
It is important to have information on phase evolutions at the elevated temperature
during the rapid solidification and further understand the underlying mechanism of
phase transformation. This enables us to fundamentally master the primary
microstructure resulted from the rapid solidification. Dynamic Transmission Electron
Microscopy (DTEM) experiment where the cooling rate is in the range of 105-107 K s-1
[86–91] is a candidate for studying solidification kinetics and grain evolution at high
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cooling rates. Such tests were extensively performed on Al-Cu [90], Cu-44Ni (at.%) [91]
and Al-Si [92] alloys. Both of the temporal and spatial resolutions of DTEM imaging
tests are very high, in the order of μs and μm, respectively.
In addition to DTEM, in-situ synchrotron X-ray diffraction is another advanced
characterization tool due to its far higher intensity than any lab XRD facilities, which
allows for collecting sufficient signals even in a short time frame. In previous studies,
in-situ synchrotron XRD with both white and monochromatic beams [93–96] were
extensively employed for monitoring phase evolutions. The obtained results on phase
formations under out-of-equilibrium conditions can be summarized in maps for
material development for processes like laser welding. The schematic in Figure 2.6
shows the principle of the setup developed for in-situ synchrotron diffraction in the
previous work [94]. Monochromatic X-ray beam with energy of 17.3 KeV irradiates the
sphere in a laminar inert Ar 4.8 gas flow. Meanwhile, dual lasers from both sides shine
the sphere until the sphere is molten. After the shut-down of the lasers, the sphere
rapidly solidified due to the dissipation of massive heat by the pure Cu support
underneath. The most advanced 2D detector at that time, Eiger X 1M, collected
signals in a frequency of 1000 fps. It detects a single photon, giving a good temporal
and spatial resolution. Raw data from this experiment are a series of 2D images where
Debye-Scherrer rings are recorded. Each ring corresponds to the diffraction of
individual lattice plane, reflecting crystallographic information during the entire cycle
of rapid heating, melting and rapid cooling. Depending on the working current of
laser, the energy input can be tuned to only heat up specimens without melting. As a
result, microstructural evolution during rapid solidification and cyclic heat treatment
can be investigated by this single versatile set-up, which occurs in DMD/SLM
processes. Since the beamline at Swiss Light Source has a low energy source (max. 20
KeV), it is enough for penetrating sufficiently large volume of light Ti, Al based alloys
and thus enough signals for statistical analysis. As X-ray transverses a solid matter,
attenuation happens due to absorption or deflection. For heavy metals like Cu and Ni,
the beam can only travel through a few tens of micron below the top of the sphere.
Therefore, limited materials can be studied at Swiss Light Source.
In-situ synchrotron measurements allow investigations of properties in the bulk rather
than thin films in the DTEM experiments. The cooling rates in DTEM (105-107 K s-1) are
much higher than that in in-situ synchrotron tests (103-105 K s-1). The latter is closer
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to the actual conditions in the DMD and SLM processes. These two techniques are
capable of addressing different metallurgical aspects. The relationship between the
evolution of grain morphology and the interface propagation velocity is disclosed by
DTEM. However, phase transformation sequences during the rapid solidification
could be only resolved by synchrotron measurements. Complementary information
from these two tests gives a comprehensive understanding on the microstructure
formation at high cooling rates, which enables microstructure engineering.

Figure 2.6: A schematic of in-situ synchrotron X-ray experimental set-up during rapid solidification
taken from [94]. Beam irradiates the sphere under laminar inert Ar gas flow. Meanwhile, dual lasers
from both sides illuminated the sphere to melt it. After the shut-down of the lasers, sphere rapidly
solidified due to the massive heat conduction by pure Cu support underneath. Eiger X 1M 2D detector
(DECTRIS AG, Switzerland) collected signals in a frequency of 1000 fps.

2.3.3 Additive manufacturing of metal-matrix composites
As described in the section 2.2, laser beam based Additive Manufacturing (AM)
techniques including SLM and DMD have attracted extensive attentions from the
entire society due to their unique processes and design freedom [54, 56]. One of their
most promising applications is to manufacture Metal Matrix Composite (MMC)
achieving properties unachievable by a single material. The underlying fundamental
enabling to manufacture MMC simply lies on the mutual affinity of different materials
[97].
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In the review work carried out by Kumar and Kruth [97], it has been shown that two
different types of composites are processed by SLM, i.e. fusion of all powders and
liquid phase sintering. It is common in the former case that both of nano/micronsized particles and the matrix are fully molten during laser melting. Fine nano
particles reprecipitate during the cooling to strengthen the matrix via grain
refinement and precipitation hardening mechanisms [97]. In general, nanoparticles
such as TiC [98], SiC [99, 100], WC [101] and Fe2O3 [102] that have high hardness are
mixed with metallic powders, e.g. Ti, Fe, and ball milled prior to SLM. Such MMCs are
also termed as ‘’nanocomposites’’ [98]. In the latter case, however, only one powder is
molten to combine the powder of another material together, similar to selective laser
sintering (SLS). Belonging to this category, MMCs investigated in previous works are
summarized and listed in Table 2.3. Present work on metal-superabrasives
composites is also classified to this group.
In the work [103] from Rong and Gu, WC-Inconel 718 composites with WC content of
25 wt.% were manufactured by SLM, and its density reached 98.%. Recently, a higher
density (=99.5%) was achieved by Nguyen et al. [104] who built the same composites
but with a less amount of WC contents from 5 to 15 wt.%. However, the cause for the
difference in the achieved density was not explained in neither of their works.
Moreover, Uhlmann et al. [105] showed the prototype of a driller from WC-Co
composite by DMD. In the SLM/DMD process, a small volume of powder is molten by
the irradiation of laser and experiences rapid solidification, which allows
incorporation of superabrasive but metastable materials like diamond into tools. It
has been demonstrated by many studies [106–110] that it is feasible to process such
composites with diamond particles ranging from 10 to 400 μm by variants of laser
beam based AM techniques. In addition, Yang et al. [108] further showed the
promising industrial applications by successfully performing grinding tests on a
multi-layered grinding wheel with a regular distribution of diamond grits. Before
controlling the stability of process and commercialization, however, some
fundamental questions are still not addressed yet. For example, no studies focus on
the interaction between solid particles and the melt, namely consolidation, during the
rapid solidification. Besides, intensive investigations on the defect formation in such
particular composites [59] are unavailable. Again, most available studies are limited to
use commercial alloys and solely focus on the optimization of laser processing
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parameters. This is difficult to produce bulk probes with optimal performance. At the
end, SLM processibility of composites with diamond urgently requires an in-depth
assessment and development of new alloys for such processes.

Table 2.3: Metal matrix composites fabricated by SLM (modified version of the table in [97])

No.

Materials used

Reference

1

Co, WC

[105]

2

Inconel, WC

[103, 104]

3

CuSnTi, diamond

[10, 106]

4

NiCr based alloys, diamond

[107, 108]

5

AlSi10Mg, diamond

[109, 110]

6

CuSnTi, Ti coated cBN

[111]

2.4 Aim of the thesis
From the state of the art, very limited works on alloy design for SLM in a bottom-up
manner have been reported, and the present work firstly deliver a systematic
approach for alloy development for composites by SLM. Most available alloy
developments for SLM were conducted based on a minor modification of commercial
alloys, which to a large extent is mainly to satisfy the demands from industry.
However, a systematic work is urgently required to put forward constructive proposal
of strategies for designing new alloys processable by SLM. To better understand the
mechanisms of consolidation in the SLM process, a systematic study of the phase and
microstructure formation upon RS is very useful as demonstrated for Ti-Al and Ti-AlNb alloys by [112, 113]. A similar alloy design concept was adopted to study the
ternary Cu-Sn-Ti and Ni-Cr-Si systems. However, it is apparent that processing
composites adds more complexity than producing a single material. It is likely that
additional steps need to be considered to complete the loop of alloy design. To
design new ternary alloys for metal matrix composites by SLM and find strategies for
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optimizing the alloy composition for SLM, the novelties of the present work lie on the
following three topics.
•

Out-of-equilibrium microstructure of ternary systems

Under rapid cooling conditions, formation of microstructure and grain
morphologies in ternary systems are more complicated than that in binary
systems. No studies were carried on the rapid solidification of the two
ternary systems in the present work. Therefore, this work aims at
understanding the roles of different elements on the phase and
microstructure formation. It establishes the database of out-of-equilibrium
microstructure, which is of high importance for alloy selection. In addition,
various cooling rates were achieved by utilizing the reported experimental
setup in [112] so that it is useful for selecting alloys not only for selective
laser melting but also for other additive manufacturing processes.
Understanding of composition specific phase transformation mechanisms
is the ultimate goal for accurately setting alloy selection criteria.
•

Verification of rapid solidification experiments

It is crucial to verify the present rapid solidification tests for pre-screening
alloys for SLM. In this study, two distinct aspects were taken into account,
i.e. microstructure and mechanical properties. For this purpose, a test alloy
was produced with three different processes, i.e. rapid solidification
experiments in the arc furnace, gas atomization and selective laser melting.
At least 5 different cooling rates were achieved in the rapid solidification
tests. Similar to some published works, microstructure from these
processes is the first aspect for validating if the methodology works for
ternary systems or not. Furthermore, microhardness of SLM-built parts is
the other measure for verification. At the end, a series of reliable
procedures can be delivered to efficiently pre-screen alloys for SLM with
low cost.
•

Systematic research on metal-superabrasives composites by SLM
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Although metal-superabrasives composites by AM were reported in some
works but using a trial-and-error method, the present work focuses on the
following

systematic

investigations.

This

enables

fundamentally

understanding and alloy selection for productions of advanced tools. First,
different volume fractions of diamond particles were implanted into
composites, aiming at correlating the microstructure with the content of
superabrasive grits. It has two advantages: 1. Disclosure of the maximum
capacity of a composite containing diamond particles; 2. Understanding
the influence of diamond fraction on part quality in order to put forward
measures for further possible modifications of processes and/or materials.
Furthermore, this work aims at characterizing the microstructure of the
composites in a more comprehensive way to fully explain the reactions
happening during the consolidation. It is the first time of gaining insight
into the defect formation in SLM-built metal-diamond composites with the
assistance of numerical simulation. To the author’s best knowledge,
simulation of heat transfer in the composites by SLM was not available in
the literature as of the publishing date. It also helps understanding of the
consolidation process of the melt-diamond suspension. Based on the
results from above steps, utilization of coated diamond and cBN grits was
tested with the aim to sort the defect formation causes. At the end,
unidirectional compression tests were carried out to evaluate the
mechanical performance of bulk SLM-built composites.
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This chapter describes all materials selected for making samples, numerical
simulations and experiments to prepare and characterize specimens. As the base of
conventional diamond brazing alloys, three metallic systems are covered in this study,
i.e. Cu-Sn, Cu-Sn-Ti and Ni-Cr-Si, respectively. Based on published thermodynamic
databases, calculated phase diagrams were applied to determine representative alloy
compositions for investigations. For alloying these new materials in a lab scale, a
high-vacuum arc furnace was exploited. It was not only used for making master alloys
but also for conducting rapid solidification experiments which mimic rapid cooling in
the SLM process. The samples prepared from these experiments are essential for
investigating the dependence of out-of-equilibrium microstructure on cooling rates
and compositions. Supplementary to rapid solidification experiments, cooling rates
achieved in the experiments were estimated from the simulation of heat transfer by
finite element modelling. For comparison, microstructures at a slow cooling rate
regulated in DSC furnace are as reference.
In-house designed powder was blended with wear-resistant particles (diamond, cBN)
for SLM process. Vast processing parameters were studied in order to understand the
consolidation mechanisms and assess the processibilty of metal matrix composites. In
addition, rescanning strategy was attempted to mitigate defects and improve the
density.
Material specific metallographic sample preparations are described in the section 3.8.
To characterize these metallographic specimens, different techniques were applied,
i.e. (synchrotron) X-ray Diffraction for phase analysis, Scanning Electron Microscopy
for microstructural imaging, Energy Dispersive X-ray for detecting material/phase
chemistry. Focused Ion Beam was used to prepare location specific lamella for the
interface characterization between superabrasive particles and the matrix by
Transmission Electron Microscopy.
Mechanical properties of the surface coating and metal matrix composites were
measured by micro-indentation and unidirectional compression tests.
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3.1 Alloy preparation and rapid solidification tests
The raw materials used for producing the master alloys were copper shot (99.999%),
tin shot (99.99+%) and titanium slug (99.98%) supplied by Alfa-Aesar, Germany. The
high-purity metals used for alloy making were nickel slug (99.98%), chromium pieces
(99.99%) supplied by Alfa-Aesar, Germany and silicon chips (99.9999%) from abcr
GmbH, Germany. Each alloy had a mass of about 2 g and was prepared in arc furnace
filled with 500 mbar Ar protection gas purified by an OXISORB cartridge (Messer). All
alloys were molten for 8 times in total and inverted after every second melting to
ensure homogeneity. The material losses after arc melting were lower than 0.2%, thus
no chemical analysis was carried out. Note that the Cu-Sn-Ti based reference alloy
was prepared directly from commercial pre-alloyed powder in arc furnace.
Rapid Solidification (RS) experiments were performed using small samples (4-270 mg)
that were cut from the respective master alloy samples using arc furnace (shown in
Figure 3.1). The entire setup mainly included a sharp W tip to trigger arc and a water
cooled Cu mould. Melting starts with a Ti sphere sitting in the middle crucible for 3
times to remove residual oxygen in the chamber. Thereafter, arc was triggered to
melt the rest small pieces of materials. To avoid overheating the crucible and
resultant decrease of cooling rates, arc was guided away immediately after small
sphere formed. The melting of the alloys resulted in spheres with three different radii
of 0.5, 1 and 2 mm as shown in the insert.

Figure 3.1: Arc furnace was used for carrying out rapid solidification experiments. A small amount of
material pieces were molten by the arc ignited at the W tip. Melt droplets fell on the massive Cu mould
cooled by running cooling water (20 °C). In the insert, spheres of three sizes were produced for each
composition.
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3.2 Heat transfer simulation
Finite Element Modeling (FEM) was applied to estimate the cooling rates as a
function of the specimen diameter using Abaqus/CAE 6.13-2 (3DS Simulia) with a
160,000 hexahedral (DC3D8) element mesh. Detailed descriptions of this transient
heat transfer modelling were published in a previous publication [78]. The height to
radius ratio was measured as 1.6 for specimens of 2 mm in radius and 1.8 for
specimens of 1 and 0.5 mm in radius. In the current model, the initial droplet
temperature was 1400 K and that of the crucible 300 K. Two types of heat transfer
were considered, i.e. thermal conduction and surface radiation. The temperaturedependent thermophysical properties of the present two systems such as density,
thermal conductivity and specific heat were taken from [114] or were estimated using
Thermocalc from room temperature to 200 K above the liquidus temperature. Other
parameters such as liquidus/solidus temperature and fusion enthalpy were measured
by DSC at a heating/cooling rate of 0.167 K s-1. The cooling rate in the center of the
sphere at the solidus temperature was considered in this work, and the subsequent
structural analyses were also done at the approximately same position.
In addition, finite element modeling of the laser scanning process was conducted
with finite element simulation software Abaqus 2017. The models used in this study
are a 2D model and a full 3D model of AM process. The laser is illuminating the
sample on the top surface. The laser energy input to the sample was modelled using
a surface heat source with a standard Gaussian profile:
2𝑃𝑃

𝑟𝑟 2

(3.1)

𝑆𝑆𝑙𝑙 (𝑟𝑟) = 𝜋𝜋𝑟𝑟 2 exp(−2 𝑟𝑟 2 )

where
•

P is the laser power, [W]

•

ro is the radius of the laser beam, [μm]

𝑜𝑜

The underlying fundamental theory and boundary conditions used in modelling are
described as follows. The temperature field T(x,y,z,t) as a function of spatial
coordinates and time satisfies the partial differential equation of the heat transfer:
𝜕𝜕

where

𝜕𝜕𝜕𝜕

𝜕𝜕

𝜕𝜕𝜕𝜕

𝜕𝜕

𝜕𝜕𝜕𝜕

𝜕𝜕𝜕𝜕

�𝑘𝑘𝑥𝑥 (𝑇𝑇) 𝜕𝜕𝜕𝜕 � + 𝜕𝜕𝜕𝜕 �𝑘𝑘𝑦𝑦 (𝑇𝑇) 𝜕𝜕𝜕𝜕 � + 𝜕𝜕𝑧𝑧 �𝑘𝑘𝑧𝑧 (𝑇𝑇) 𝜕𝜕𝜕𝜕 � + 𝑆𝑆(𝑥𝑥, 𝑦𝑦, 𝑧𝑧, 𝑡𝑡) = 𝜌𝜌𝜌𝜌𝑃𝑃 (𝑇𝑇) 𝜕𝜕𝜕𝜕
𝜕𝜕𝜕𝜕

(3.2)
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•
•
•
•

𝑆𝑆(𝑥𝑥, 𝑦𝑦, 𝑧𝑧, 𝑡𝑡) is a heat source or sink

𝑘𝑘(𝑇𝑇) is thermal conductivity of the materials, [W m-1 K-1]

𝐶𝐶𝑃𝑃 (𝑇𝑇) is specific heat, [J kg-1·K-1]

𝜌𝜌(𝑇𝑇) is the density of the materials, [kg m-3]

Note that in this model the physical parameters are dependent on temperature.
The simulation domain is denoted by Ω and the boundary of the domain with dΩ.
The boundaries of the domain dΩ are subjected to conditions during the buildup
process. The bottom of the domain is assumed to be in an ideal contact with the
surrounding material which is at the temperature T1:

which is valid for t > 0.

(3.3)

𝑇𝑇(𝑥𝑥, 𝑦𝑦, 𝑧𝑧, 𝑡𝑡) = 𝑇𝑇1 (𝑥𝑥, 𝑦𝑦, 𝑧𝑧, 𝑡𝑡)

The rest of the domain surfaces are subjected to von Neumann boundary conditions:
(3.4)

𝑆𝑆(𝑥𝑥, 𝑦𝑦, 𝑧𝑧, 𝑡𝑡) = 𝑆𝑆𝑐𝑐𝑐𝑐𝑐𝑐𝑐𝑐 + 𝑆𝑆𝑐𝑐𝑐𝑐𝑐𝑐𝑐𝑐 + 𝑆𝑆𝑟𝑟𝑟𝑟𝑟𝑟 + 𝑆𝑆𝑙𝑙𝑙𝑙𝑙𝑙𝑙𝑙𝑙𝑙
𝜕𝜕𝜕𝜕

(3.5)

𝑆𝑆𝑐𝑐𝑐𝑐𝑐𝑐𝑐𝑐 = 𝑘𝑘𝑛𝑛 𝜕𝜕𝜕𝜕

(3.6)

𝑆𝑆𝑐𝑐𝑐𝑐𝑐𝑐𝑐𝑐 = ℎ(𝑇𝑇 − 𝑇𝑇0 )

𝑆𝑆𝑟𝑟𝑟𝑟𝑟𝑟 = 𝜎𝜎𝑆𝑆𝑆𝑆 𝜀𝜀(𝑇𝑇 4 − 𝑇𝑇04 )
2𝑃𝑃

𝑆𝑆𝑙𝑙𝑙𝑙𝑙𝑙𝑙𝑙𝑙𝑙 = α𝑎𝑎𝑎𝑎𝑎𝑎 𝜋𝜋𝑟𝑟 2 exp �−2

(𝑥𝑥−𝑢𝑢𝑢𝑢)2 +(𝑦𝑦−𝑣𝑣𝑣𝑣)2 +(𝑧𝑧−𝑤𝑤𝑤𝑤)2
𝑟𝑟𝑜𝑜2

(3.7)
�

(3.8)

𝑆𝑆𝑐𝑐𝑐𝑐𝑐𝑐𝑐𝑐 is the thermal loss by conduction through the bulk material, 𝑘𝑘𝑛𝑛 thermal
conductivity normal to the boundary dΩ.

𝑆𝑆𝑐𝑐𝑐𝑐𝑐𝑐𝑐𝑐 represents the thermal loss by convection of the protective gas flowing over the

sample surface and ℎ is corresponding heat transfer coefficient.

𝑆𝑆𝑟𝑟𝑟𝑟𝑟𝑟 represents the thermal losses by radiation, where 𝜎𝜎𝑆𝑆𝑆𝑆 is the Stefan-Boltzmann
constant and ε is the emissivity of bronze. The emissivity ε of oxidized bronze surface

was considered as a constant of 0.5 [115].

𝑆𝑆𝑙𝑙𝑙𝑙𝑙𝑙𝑙𝑙𝑙𝑙 is the surface heat source provided by the laser, P the laser peak power, 𝑟𝑟 the
radius of the laser beam, and 𝛼𝛼𝑎𝑎𝑎𝑎𝑎𝑎 is the absorption coefficient of the alloy. The

components of laser velocity are given by u, v, w.

As inputs for heat transfer simulation, material properties such as temperature
dependent thermophysical properties of matrix alloy [114] and diamond [17, 19, 116]
were collected from published studies. Details are listed in chapter 5.
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3.3 Selective laser melting
To mix the metallic powders with superabrasive particles, Turbula Shaker-Mixer T2C
which is an old version of T2F was used. Use of rotation, translation, and inversion
according to Schatz mechanism gives excellent efficiency. Mixtures of various
powders were prepared in a glove box filled with an inert Ar gas, and then sealed in
an Aluminum container. The axial rotation speed is 30 rpm. In these mixtures, 5
different volume fractions of superabrasive particles were selected, i.e. 2, 5, 10 and 20
vol.%. From the perspective view of wetting, superabrasives coated with metallic
elements were of interest because in general metals can wet metals quite well.
Therefore, diamond coated with Ti was also used for fabricating MMC by SLM. The
information on the sizes of all involved powders is listed in Table 3.1.

Table 3.1: Particle size distributions of powders used in this study

Powders

Size range [μm]

D10 [μm]

D50 [μm]

D90 [μm]

Cu20Sn7Ti

+25/-45

23.9

35.3

52.8

Diamond

+10/-20

-

-

-

Diamond_1Ti*

+20/-30

-

-

-

cBN

+30/-40

-

-

-

*: Diamond is coated with Ti and has a maximum increase of weight by 1% after
coating.

All the AM parts were fabricated in the SLM machine, Sisma mysint 100 shown in
Figure 3.2. This machine is equipped with fiber Nd:YAG laser with a continuous
wavelength of 1070 nm and a laser power up to 200 W. The laser beam spot size is 55
μm and the oxygen level can go down to 100 ppm. Small build platform (a circular
build plate of 33.5 mm in diameter) is ideal for making test parts with small quantity
of powders which is usually the case in research. The working chamber is small, which
allows fast cleaning. The recoater carries powders to the front of the build platform
while laser scanning and wait there. All these aspects speed up the productivity and
lead to a high efficiency of switching to different powders.
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To manufacture new materials using SLM process, it is of primary importance to
search for laser processing windows at the first step. There are dozens of parameters
influencing laser-material interactions which determine the part quality in terms of
surface finish, microstructure and defect level. It is impossible to vary all those
parameters in a single study, so the following main parameters were focused in the
present work: laser power, scanning speed, layer thickness and hatch distance. Hatch
distance is the spacing between nearest neighboring laser tracks, which is determined
by the width of the melt track. In general, hatch distance should be smaller than 70%
of the track width in order to have enough overlapping for good bonding. Similarly,
the layer thickness should be smaller than the melt pool depth to bond layers. All
these parameters are closely linked together and influence each other. For a simple
description of processing window, these four parameters can be integrated into a
widely accepted index in the AM field, i.e. Volume Energy Density (EVED). It follows the
relationship:
𝑠𝑠

where
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𝑃𝑃

𝐸𝐸𝑉𝑉𝑉𝑉𝑉𝑉 = 𝑉𝑉 ∙𝑑𝑑 𝐿𝐿∙𝑑𝑑

•

EVED is Volume Energy Density, [J mm-3]

•

PL is laser power, [W]

•

Vs is laser scanning speed, [mm s-1]

•

dl is layer thickness, [μm]

•

dh is hatch spacing, [μm]

𝑙𝑙

ℎ

(3.9)

3.4 Sample preparation and characterization

Figure 3.2: Sisma Mysint 100 for all the build jobs in this work.

3.4 Sample preparation and characterization
Since metastable phases in rapidly solidified specimens tend to be transformed at
elevated temperature and pressure, all specimens were cold mounted into epoxy
resin rather than hot pressing. Then they were ground and polished with a 3 μm
diamond suspension followed by final polishing with 50 nm silica solution. To remove
particles remaining on the sample surface, specimens were cleaned in an ultrasonic
bath for a few minutes. The same procedures were applied to prepare the cross
section of powder samples. For samples for compression tests, the rough top surface
was ground with P1000 grinding papers. The bottom of the parts was also ground in
order to remove the layers contaminated by melting of the substrate.
Chemical etching is often used in metallography to reveal the microstructure of
metals and alloys for microscopic investigations. The principle is that the etching
rates differ between surface areas with chemical or physical heterogeneities and thus
different electrochemical potential. For copper alloys, it is common to use ferric
chloride based solutions as etchants. In this study, a less aggressive etchant was
33

3 Experimental and numerical methods
selected, consisting of 2 g FeCl3, 5 ml HCl, 30 ml distilled water and 60 ml ethanol.
Polished samples were immersed in the solution for 60 s followed by flushing with
amounts of distilled water. This etching solution doesn’t work for composites with
high fraction of diamond particles above 5 vol.%. The vicinity to the diamond
particles seemed to be selectively etched away faster than other regions. As a
consequence, melt pools couldn’t be revealed.
Alternative to the conventional metallographic sample preparation, ion milling is a
stress-free physical process and optimal for avoiding deformation layers after the
conventional mechanical polishing. Hitachi IM4000 Ar ion milling system was applied
in the final polishing. It has two configurations, cross section milling and flat milling,
respectively. Cross section milling is suitable for composites containing superabrasive
particles, e.g. diamond and cBN in the present work. During the process, specimen is
partly covered by a metallic mask and uncover regions are bombarded away by
energized Ar ions, resulting in a parabola-shaped polished cross section. Flat milling
usually comes after mechanical polishing to remove the thin deformation layers for
characterizations like Electron Backscatter Diffraction (EBSD) which are sensitive to
strain introduced during metallographic sample preparation. Since specimens contain
hard phases, high acceleration voltage (6 kV) was set in this study so that the material
removal rate is sufficiently high. During cross-section milling, the specimen kept
swinging with an angle of 40° at a frequency of 2.3 reciprocations per minute for 8h.
At a speed of 25 reciprocations per minute, flat milling was conducted with ion beam
irradiation angle of 60° for 20 min then 80° for 10 min without eccentricity.
Optical microscope is practically useful to quickly check the surface quality and
microstructure at low magnifications. At the high magnification, dynamic focusing
was applied to overcome the surface roughness between the matrix and diamond
particles sticking out the matrix. The melt pool dimensions were analyzed with the
Imagic ims software
Differential Scanning Calorimetery (DSC) tests were carried out with a Netzsch DSC
404C apparatus. Small pieces (5-10 mg) of alloys were placed in the center of Yttria
coated alumina crucibles to avoid reaction of reactive Ti in the melt with the crucible.
The chamber was evacuated and purged with pure Ar 6.0 gas for three cycles to
prevent side reactions of alloys plus oxygen. The DSC thermal analyses were

34

3.4 Sample Preparation and characterization
performed at a scan rate of 0.167 K s-1 and the maximum temperature was 50 K
above the liquidus temperature. Both reference and specimen crucibles were covered
with lids in order to minimize the heat loss by convection of flowing Ar gas.
The polished specimens were characterized by X-ray diffraction (XRD) to do
qualitative phase analysis. XRD was performed using Cu Kα radiation on a Bruker D8
DISCOVER equipped with a LynxEye detector. X-rays were produced by a copperradiation source at an accelerating voltage of 40 kV and an electron current of 40 mA.
A Ni-filter was utilized for absorption of Cu Kβ emission and the step size was 0.02°
(2θ). Pinhole snouts with diameters of 2 mm and 1 mm were used to reduce the
beam size onto the small polished sample surfaces to minimize the background noise.
Powders were measured on PANalytical X’Pert Pro diffractometer equipped with a Cu
Kα radiation tube. This radiation light is high-quality monochromatic. The measuring
2θ angle ranges from 20° to 100°.
Besides, the deformation-free surfaces were also investigated under Scanning
Electron Microscope using a FEI NanoSEM 230 equipped with Backscattered Electron
(BSE) and Energy Dispersive X-ray (EDX) detectors. BSE imaging allows observing
phases with different compositions. With a point EDX, local chemistry can be
obtained. By combination of results from above methods, the microstructure can be
well studied in terms of phases, grain size and morphology.
In-situ synchrotron X-ray diffraction of rapidly solidifying spheres was conducted at
the microXAS beamline at Swiss Light Source. Spheres of 1 mm radius were placed on
a Cu tip and were molten by dual lasers from both sides and simultaneously
penetrated by a focused beam of 17.3 KeV with a spot size of 15 μm (horizontal) and
10 μm (vertical). The diffraction signals of spheres during rapid heating and cooling
were collected by an Eiger 4M detector provided by Dectris AG, Switzerland. This
cutting edge detector gives better spatial resolution than the Eiger 1M detector
utilized in [94] The details of the configuration of experimental setup were reported
in the previous work [94]. The up-to-date detector with a small pixel size of 75 x 75
μm2 allows capturing possible phase transformations within 3 ms.
Transmission Electron Microscopy (TEM) equipped with EDX detector is a common
technique to analyze chemistry, crystallography and microstructure of local features
with an atomic resolution. In this study, the interface between the matrix and
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diamond was characterized by Thermis S TEM employing the Dual-X System which
allows the most accurate and fastest chemical analysis. Sample preparation for TEM is
challenging since it requires ultrathin sample with a thickness of below 100 nm. There
are different ways to prepare it such as conventional jet polishing, Focus Ion Beam
(FIB) milling in the present study. To guarantee obtaining the interfaces between
abrasive particles and the matrix, FIB with Ga source is an advanced technique known
for site-specific sample preparation. For analysis of TEM images, electron diffraction
simulation software (JEMS) was utilized to identify phases and crystallographic
orientations.

3.5 Mechanical tests
Uniaxial compression tests were conducted on the as-built MMCs by SLM. Cylindrical
specimens were compressed on a compression machine with maximum load of 5 kN
from ZwickRolle GmbH & Co. KG, Germany. The speed of upper compression head is
1.2 mm min-1. All measurements stopped when the motion distance of the head
reached 1 mm. For each composite, at least 3 specimens were tested.
Since the specimen sizes are small in the present study, microindentation was
selected for measuring the mechanical property of NiCrSi alloys as the candidate for
laser surfacing. All well-polished samples were tested on Fischerscope HM2000 from
Fischer Technology Inc., United States. During loading, the maximum load on sample
surface was 1.8 N (≈ 0.18 kgf) reached within 20 s, the same for deloading. Serial
microindentations were conducted on the substrate and coating to correlate the
microhardness and microstructure depending on the distance to the base plate. For
each sample, at least 3 points were measured.
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Microstructure accounts for material performance both during the process and later
on in service. To develop alloys for a new process where rapid solidification is
involved, it is necessary to understand the microstructure formation under nonequilibrium condition. With the experimental setup developed in the previous work, it
allows to produce specimens at various high cooling rates, which mimics SLM process.
Alloy compositions of interest were selected based on certain criteria inspired by their
applications and characteristics of the SLM process. In contrast, microstructure
formed at a low cooling rate and phase constitutes from phase diagram were used as
reference. The aim is to figure out the influence of cooling rates and compositions on
the microstructural formation in rapid solidified Cu-Sn-(Ti) and Ni-Cr-Si systems.
Additionally, in-situ synchrotron XRD was utilized to track phase transformation at the
highest cooling rate achieved in this work. It gives additional information on
nucleation and grain growth in the mushy zone. This information is particularly
important for rapid solidification since phase transformations in the solid state are
usually suppressed due to constrained diffusion.
Ni-Cr-Si alloys were designed for laser coating rather than metal-diamond
composites by SLM. In this case, abrasive silicides are intended to function as wear
resistant components instead of conventional carbides and borides. Microhardness of
developed alloys were measured and compared with commercial Ni-Cr based
hardfacing alloys in the literature.
Microstructural characterization of rapid solidified spheres and the underlying phase
transformation mechanism are the main focus of this chapter. The first part has been
published in [117] while the content of the second part 4.2 was submitted for
publication.
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4.1 Cu-Sn-(Ti) system
4.1.1 Solidification of Cu-Sn(-Ti) alloys
The solidification behavior of Cu-rich (>70 wt.%) Cu-Sn alloys and the resulting
microstructures have been extensively studied by several researchers [118–122] for
slow cooling conditions as they occurred e.g. during casting or brazing. Cu-Sn phase
diagram was well investigated and constructed based on the latest assessments by
Fürtauer et al. [123] and Li et al. [124]. While the phase morphologies after
solidification are strongly influenced by the composition with regard to the peritectic
concentration (hypo- or hyper-peritectic alloys), the as-cast microstructures usually
consist of α-(Cu) and δ phases [125, 126].
Systematic studies concerning the phase and microstructure formation in Cu-Sn
alloys at different cooling rates are scarce. By varying the cooling rates between 5 K
min-1 and 50 K min-1 in Differential Scanning Calorimetry (DSC), Zhai et al. [127] found
that even low cooling rates could significantly influence the phase transformation
paths of peritectic 22 wt.% Sn alloy. Only few efforts on RS studies of Cu-Sn based
alloys were made to understand the correlation between microstructure and cooling
history. To figure out the rapid solidified microstructure of hypo-peritectic Cu-Sn
alloys for welding joints, Zhai et al. [128, 129] looked into the microstructure of meltspun Cu-x%Sn (wt.%, x = 7, 13.5, 20) at high cooling rates in the order of 106 K s-1.
Under substantial undercooling condition, Cu-70%Sn droplets prepared by Zhai [130]
in the drop tube experienced growth mechanism transition from peritectic
transformation to the direct nucleation and growth of peritectic phase at the cooling
rate of 102 to 104 K s-1. The addition of a certain amount of Ti into Cu-Sn system
resulted in the modification of microstructural morphologies and the formation of a
ternary intermetallic phase that completely replaced the binary intermetallic phase as
demonstrated by Spierings et al. [10].
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4.1.2 Alloy selection
For this work, five binary Cu-Sn alloys and five ternary Cu-Sn-Ti were prepared and
investigated. The compositions of all alloys are listed in Table 4.1. The selected binary
alloy compositions are indicated in the Cu-Sn phase diagram in Figure 4.1, which has
been calculated using the Thermocalc software package in combination with the
latest thermodynamic assessment [127]. As can be seen, three hypo-peritectic alloys,
one near-peritectic and one hyper-peritectic alloy are considered. The compositions
of the selected Cu-Sn-Ti alloys are indicated in the liquidus projection in Figure 4.2a
as well as in the vertical sections Cu20Sn-Ti and Cu25Sn-Ti in Figure 4.2b and c, which
were calculated based on the assessment of Wang et al. [121]. Two alloys on either
side of the monovariant line separating the α-(Cu) and (Cu,Sn)3Ti5 primary
solidification phase fields were selected. In addition, the commercial alloy Cu-14.4Sn10.2Ti-1.5Zr, which had been used as matrix material for producing metal-diamond
composites by SLM [10], was selected. Crystallographic information of the equilibrium
phases occurring in the compositional range of interest are listed in Table 4.2 [121,
124]. ICSD from FIZ Karlsruhe GmbH is another crystallographic database used in this
work.

Table 4.1: Nominal compositions of Cu-Sn and Cu-Sn-Ti alloys studied in this work

Binary

Cu

Sn

Ternary alloys

Cu

Sn

Ti

Zr

Cu10Sn

90

10

Reference alloy

73.9

14.4

10.2

1.5

Cu16Sn

84

16

Cu20Sn3.5Ti

76.5

20

3.5

Cu20Sn

80

20

Cu20Sn7Ti

73

20

7

Cu25Sn

75

25

Cu25Sn2Ti

73

25

2

Cu30Sn

70

30

Cu25Sn5Ti

70

25

5
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Figure 4.1: Phase diagram of binary Cu-Sn using the assessment published in [124]. Five compositions
marked by empty circles are 10, 16, 20, 25 and 30Sn, respectively.
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Figure 4.2: (a). Calculated liquidus projection of Cu-Sn-Ti ternary system; vertical sections at 20Sn (b)
and 25Sn (c). The thermodynamic database from [121] was applied for calculation. To include
reference alloy in the liquidus projection, the low amount of Zr in the alloy is neglected.
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Table 4.2: Crystallographic data of Cu-Sn, Cu-Sn-Ti phases and related compounds in the
compositional range of interest

Phase

Stoichio-

Type

metry

Pearson

Space

symbol

group

a (Å)

b (Å)

c (Å)

β
(°)

α-(Cu)

(Cu)

Cu

cF4

Fm-3m

3.614

–

–

90

β

Cu17Sn3

W

cI2

Im-3m

3.026

–

–

90

γ

Cu3Sn

BiF3

cF16

Fm-3m

6.117

–

–

90

δ

Cu41Sn11

Cu41Sn11

cF416

F-43m

17.98

–

–

90

ɛ

Cu3Sn

Cu3Ti

oC80

Cmcm

5.529

47.75

4.323

90

(Cu,Sn)3Ti5

Cu0.52Sn3Ti5

Nb10Ge7

hP17

Pmcm

8.151

–

5.590

90

CuSnTi

TiCuSn

LiGaGe

hP6

Pmc

4.397

–

6.017

90

Cu2SnTi

Cu(Sn.5Ti.5)

CsCl

cP2

Pm-3m

2.960

–

–

90

TiC

TiC

NaCl

cF8

Fm-3m

4.328

-

-

90

TiN

TiN

NaCl

cF8

Fm-3m

4.4

-

-

90

TiB2

TiB2

AlB2

hP3

P6/mmm

3.302

-

3.231

90

4.1.3 Modelling of rapid solidification
Figure 4.3 demonstrates one temperature profile in the Cu10Sn sphere of 1 mm
radius as an example. At the solidus temperature of 1119 K of this alloy, a cooling
rate of 5000 K s-1 is calculated. According to the FE simulations, cooling rates
between 1300 K s-1 and 21600 K s-1 could be achieved with the current setup for CuSn based alloys. The cooling rates at solidus and liquidus temperature were
calculated and compared. The difference is small and within the same order of
magnitude. Undercooling is required for nucleation and growth of nuclei, which
means that the temperature after the passage of the solidification front is between
liquidus and solidus temperature. It therefore appears to be reasonable to present
the cooling rate rather at the solidus temperature than that at the liquidus
temperature. It is worthy of mentioning that the estimated cooling rates locate in the
range of 102 to 105 K s-1 that popular AM techniques reach. The gray area in Figure
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2.2 represents the range of cooling rates achievable using the setup mentioned in
section 3.1. Details can be referred to Section 2.2 and 2.4.1.

Figure 4.3: Temperature gradient map at the cross section of the Cu10Sn sphere of 1 mm in radius
during solidification. Based on the temperature history, the cooling rate in the sphere center was
calculated at the solidus temperature of Cu10Sn.

4.1.4 Rapid solidification of binary Cu-Sn alloys
In Figure 4.4, curves of heat flow vs. temperature during heating were shown for 3
binary alloys. Figure 4.5 illustrates the microstructure of Cu25Sn after melting and
solidification in the DSC furnace consisting of primary α and lamellar α + δ (as
confirmed by XRD) formed via eutectoid reaction (ϒ ↔ α + δ). All binary alloys
exhibited a eutectoid microstructure like the one of Cu25Sn, and a peak at 521 °C was
observed in the DSC signal indicating the eutectoid reaction. The thermophysical
properties such as solidus/liquidus temperature and latent heat, measured from DSC
experiments are listed in Table 4.3. Since the same phase constituents but different
phase fractions were observed in RS of Cu10Sn, Cu16Sn and Cu20Sn, only an image
of RS of Cu20Sn is representatively displayed in Figure 4.6a. The SEM micrographs
were taken at the center of the spheres for which the cooling rates have been
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computed. The microstructures of rapidly consolidated Cu25Sn and Cu30Sn depicted
in Figure 4.6b and c are different from those of the alloys with a lower nominal Sn
content. It is evident that all alloys show a two-phase microstructure except Cu25Sn
which has a single phase microstructures with coarse grains. The contrast in the BSE
micrograph of Cu25Sn (Figure 4.6b) is attributed to grain orientation differences. The
point EDX measurement results reveal that in Cu20Sn ~10% Sn is dissolved in α-(Cu)
but ~25% Sn in the second phase. A homogeneous Sn concentration of ~25% was
detected in Cu25Sn; in Cu30Sn, an additional phase with a different composition
(~33%) was observed (cf. Figure 4.6d).

Figure 4.4: DSC curves of three binary Cu-Sn alloys during heating up to 50 K above liquidus
temperature.
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Table 4.3: Thermophysical data of Cu-Sn-(Ti) alloys measured by DSC

Alloys

TS [K]

TL [K]

Heat of fusion [J g-1]

Cu10Sn

1118.9

1311.7

117.45

Cu16Sn

1068.5

1235.7

92.21

Cu20Sn

1068.6

1180.9

104.92

Cu25Sn

1044.5

1090.3

91.23

Cu30Sn

1017.3

1039.9

101.38

Cu20Sn3.5Ti

1049.1

1165.1

81.97

Cu20Sn7Ti

1047

1150

130.23

Cu25Sn2Ti

1032.7

1066.9

58.86

Cu25Sn5Ti

1049.1

1098.1

70.62

Cu14.4Sn10.5Ti1.5Zr

1148

1193

120.3

The peaks corresponding to α-(Cu) as shown in Figure 4.7 are found in alloys with
less than 20% Sn, whereas peaks corresponding to the δ-phase are observed in
Cu30Sn. Numerous other intensive peaks could not be assigned any of the
equilibrium phases shown in the phase diagram in Figure 4.1. The occurrence of a
metastable Cu5.6Sn phase with simple tetragonal crystal structure (a = b = 0.985 nm, c
= 1.1028 nm) was reported in rapidly solidified peritectic Cu-Sn alloys produced by
melt-spinning in [128] and plated films in [131]. The analysis of the XRD spectra and
comparison with the literature data [131] leads therefore to the conclusion that the
unknown peaks can be attributed to the Cu5.6Sn phase.
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-1

Figure 4.5: Microstructure of Cu25Sn which solidified at the cooling rate of 0.167 K s

Figure 4.6: BSE images of the rapid solidified microstructures of Cu20Sn (a), Cu25Sn (b) and Cu30Sn (c)
of 2 mm in radius. Porosity from RS can be present, e.g. in Cu25Sn (b).
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Figure 4.7: XRD patterns of Cu20Sn, Cu25Sn, Cu30Sn alloys. The three inserts are the initial strongest
peaks of each alloy between 41.5° and 43.5°.

In Figure 4.8, the Cooling rate-Composition-Phase (CCP) map which summarizes the
effect of cooling rates and Sn content on RS microstructure in terms of phase
constituents is shown. With increasing Sn content, the cooling rate of specimens with
the same diameter decreases due to the decrease of the thermal conductivity with
increasing solute concentration. As implicated in the phase diagram, all selected
binary alloys which cool down at 0.167 K s-1 consist of α and δ phases. An increase of
cooling rates results in the presence of the metastable Cu5.6Sn phase. Conversely,
Scudino et al. [125] reported that the α and δ phase were observed in SLM fabricated
samples as well as in cast Cu10Sn bronze. However, the compositions of the observed
phases were not reported. A possible explanation for this effect is that the Cu5.6Sn
phase was transformed into δ due to the multiple heat treatments resulting from the
layerwise heating and cooling during SLM process. Zhai et al. [130] proposed that this
metastable phase formed via martensitic transformation during fast cooling and that
the morphology of Cu5.6Sn phase remained from the parent β phase. The coarse and
elongated grains in Figure 4.6c indicate that the high temperature β phase
supersaturated with Sn forms during solidification and the following eutectoid
reaction is suppressed due to the low mobility of large Sn atoms in the solid phase.
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The coarse single phase grains observed in Cu25Sn (cf. Fig5b) indicate that the parent
β phase with the same composition as the melt directly crystallizes from the melt
without peritectic reaction. Likewise, for Cu30Sn alloy, coarse grains form during RS
followed by a solid-state transformation into Sn depleted and enriched phases as
shown in Figure 4.6c. The yellow lines indicate the grain boundaries of the parent
phase.
Figure 4.9a shows the phase formation sequence during rapid solidification and
following cooling. At the beginning of the rapid solidification seen in Figure 4.9b,
three peaks at the positions of 29.17, 35.79 and 50.52 nm-1 are observed, which
corresponds to the peaks of (220), (222) and (422) of γ phase, respectively. The peak
at 35.79 nm-1 belongs to γ phase rather than β phase due to super reflection caused
by ordering, indicative of crystallization of single γ phase from the melt. Split of peaks
of γ phase shown in Figure 4.9c implies the dissociation of γ phase into other phases
since the high temperature ϒ phase is unstable at the ambient temperature [123].
Except for the shift of peak positions due to temperature drop, change of peak
positions caused by phase transformations was not observed in the solid state.
Therefore, it is reasonable to propose that two phases, i.e. δ and Cu5.6Sn, formed from
parent γ phase via solid state phase transformation. This well correlates with the
observed phases and microstructural morphologies in Figure 4.6c.
Clear dendritic structure can be observed in δ phase regions. The δ phase has the
superstructure with F symmetry of ϒ-brasses where close contact between larger Sn
atoms are prevented. Due to the small lattice mismatch (~2.0%) between δ and
parent ϒ phase and fast bulk diffusion, dendritic growth can happen in the solid state
precipitation, which was reported in Cu-31.3 wt.% Sn and other binary alloys [132]. As
a result, ordering of Sn atoms over short distance happens in Sn enriched region to
form δ phase which has a similar crystal structure as ϒ phase (seen in Figure 4.6) while
Cu5.6Sn forms in the Sn depleted region via martensitic transformation. For both δ
and Cu5.6Sn phases, grains locating at the parent grain boundaries are larger in
comparison to those within the parent grains. This can be attributed to the fact that
grain boundaries are passages for fast diffusion.
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Figure 4.8: Cooling rate-Composition-Phase map of binary Cu-Sn alloys. Green, red and blue color
represents α, Cu5.6Sn and δ phase, respectively.

Figure 4.9: (a) A 2D map of diffraction peaks of phases evolved during rapid solidification from melt
and rapid cooling; (b) A 2D map of diffraction peaks in the region highlighted by the red dash square
in (a); (c) Split of (422) and (220) peaks of γ phase into peaks of δ and Cu5.6Sn phases.
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Based on the T0 temperature, i.e. the temperature at which two phases have identical
Gibbs free energies, phase selection hierarchy maps like the one presented in Figure
4.10 can be constructed. The concept of T0 temperature in details can be referred to
Section 2.2. As shown in previous works [78], these can be applied to understand the
phase formation during RS. It is interesting that for the 20% Sn alloy the liquidus of
α-(Cu) phase is higher than that of β phase at this composition (cf. Figure 4.10).
However, the T0 curve for solidification of β is above that for α-(Cu) (cf. Figure 4.10).
At this composition, the formation of both phases from supercooled melt is
accompanied by solute partitioning. The presence of α-(Cu) as the primary phase
suggests that the nucleation and growth of α-(Cu) phase are prior to that of β phase.
In comparison, the absence of α-(Cu) in the 25% Sn alloy may be justified on the
basis of larger supercooling for solidification of α-(Cu). Regardless of the slightly
larger supercooling for solidification of ϒ phase than that for β phase, the observed
single β phase microstructure implies that the ordered ϒ phase was superseded by
disordered β phase due to sluggish growth kinetics. However, in the absence of
partitioning the formation of the ϒ phase is thermodynamically preferred for
compositions above ~26.2% Sn. On the other hand, the formation and growth of β
phase in the 30% Sn alloy require pronounced solute partitioning and could proceed
at relatively slow rates.

Figure 4.10: Map of thermodynamic phase selection hierarchy as a function of temperature and Sn
content. The solid lines are the T0 curves for the solidification of α, β and ϒ, respectively.
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4.1.5 Rapid solidification of ternary Cu-Sn-Ti alloys
Figure 4.11 shows the microstructure of the Cu-14.4Sn-10.2Ti-1.5Zr reference alloy at
four different cooling rates. At low cooling rate (0.167 K s-1), coarse equiaxed α-(Cu)
grains and facetted (Cu,Sn)3Ti5 grains are observed (cf. Figure 4.11a). At the cooling
rate of 2300 K s-1, primary α dendrites due to constitutional undercooling and fine
lamellar structure inherited from eutectic reaction remain in the rapidly solidified
microstructure as presented in Figure 4.11b. With a further increase of the cooling
rate up to 5000 K s-1, a similar microstructure is observed. In addition, a dark colored
phase that was apparently frozen during its growth is visible in Figure 4.11c. At a
cooling rate of 2*104 K s-1, the originally fine dendrites of the dark phase are fully
embedded in the eutectic lamellar structure. It can be concluded that the dendritic
primary α-(Cu) becomes less favored and can even be completely suppressed by
increasing cooling rates. Evidently, the lamellar spacing decreases with increasing
cooling rate.
As illustrated in the XRD spectra from Figure 4.14, peaks corresponding to α-(Cu) as
well as to the intermetallic (Cu,Sn)3Ti5 phase can be observed in all samples. In
addition, peaks corresponding to the Cu5.6Sn phase are also present in most alloys
except for the reference alloy that only consists of (Cu,Sn)3Ti5 and α-(Cu). Since only
two phases were identified from XRD measurements, it is most likely that the Ti
enriched dark phase shown in Figure 4.11c is (Cu,Sn)3Ti5. It has been reported in [121]
that (Cu,Sn)3Ti5 have a large solubility range for Cu and Sn. This suggests that at high
cooling rate the nucleation of (Cu,Sn)3Ti5 is rapid enough to supersede the nucleation
and growth of dendritic α-(Cu) crystals. From the reference alloy to other alloys, the
peak positions of α-(Cu) shift towards lower-angles. An evident explanation is that a
higher concentration of solute atoms (~9 at.%) in α-(Cu) phase in other alloys was
measured than that (~2 at.% Sn and ~4 at.% Ti) in dendritic α-(Cu) grains from point
EDX, which leads to an increase of the lattice constant. Figure 4.12 shows
representative microstructures from the center of ternary specimens with a radius of
2 mm. The smaller spheres have the rather similar microstructure but smaller grain
sizes. Grain refinement is achieved by increasing the nucleation rate depending on
the undercooling of the melt. To analyze the fine lamellar grain structure, qualitative
EDX mapping (cf. Figure 4.13) was conducted on a Cu20Sn7Ti alloy, giving
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information on the X-ray intensity distributions from Ti, Cu and Sn elements. A higher
Sn concentration in the metastable Cu5.6Sn phase than that in α-(Cu) gives rise to the
contrast in the BSE micrographs. In comparison with α-(Cu) and Cu5.6Sn, (Cu,Sn)3Ti5 is
characterized by Cu depletion but an increased amount of Ti and Sn. Similar to the
large (Cu,Sn)3Ti5 facets confirmed by point EDX, large amounts of Ti but comparable
amount of Cu are dissolved in the fine lamellae. Considering the XRD results where
only (Cu,Sn)3Ti5, α and Cu5.6Sn phases are identified, it can be assumed that the fine
lamellar structures are also the (Cu,Sn)3Ti5 phase. The morphology of the (Cu,Sn)3Ti5
phase is either facetted as the primary phase from melt or lamellar due to the
monovariant eutectic reaction (L ↔ α + (Cu,Sn)3Ti5). Although (Cu,Sn)3Ti5 is
thermodynamically not favored at ambient temperature, it did not transform into
other intermetallic phases as indicated in the phase diagram (Figure 4.2b and c) due
to the constrained diffusion process during rapid cooling.
Table 4.4 summarizes the phases observed in RS Cu-Sn and Cu-Sn-Ti alloys (cf. Figure
4.11 and Figure 4.12). For Cu20SnxTi (x = 0, 3.5, 7) alloys, the addition of Ti promotes
the formation of lamellar (Cu,Sn)3Ti5 while at a higher amount of Ti primary
(Cu,Sn)3Ti5 rather than α-(Cu) is present. Since only a negligible amount of Ti can be
dissolved in the α-(Cu) [121], most of Ti segregates from dendritic α into the melt,
resulting in the formation of (Cu,Sn)3Ti5 at the solidification front. For Cu25SnxTi (x =
0, 2, 5) alloys, only 2% Ti changes the entire microstructure from coarse grains of
single Cu5.6Sn phase to small grains of Cu5.6Sn surrounded by lamellae. From both
sets of alloys, an increasing amount of Ti promotes the formation of (Cu,Sn)3Ti5 and
α-(Cu) phase but impairs Cu5.6Sn phase. Obviously, other ternary compounds
expected from phase diagrams do not form, most likely due to the restricted
diffusion of solutes in the solid (Cu,Sn)3Ti5 phase. (Cu,Sn)3Ti5 is stabilized by rapid
cooling as well as slow cooling as shown in Figure 4.11a.

52

4.1.5 Rapid solidification of ternary Cu-Sn-Ti alloys

Figure 4.11: The microstructural micrographs of reference alloy that solidified at cooling rates of 0.167
-1
-1
-1
-1
K s (a), 2300 K s (b), 5000 K s (c) and 20000 K s (d)

Figure 4.12: BSE images of largest spheres (r = 2 mm). Specimens of smaller sizes have the same
phase constituents and similar microstructural morphology with the illustrated microstructures. Arrows
with the same color represent the same phase.
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Figure 4.13: Elemental maps for Ti, Cu and Sn of a region containing primary (Cu,Sn)3Ti5

Figure 4.14: Representative XRD curves of largest spheres for phase identification
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Table 4.4: Summary of phases observed in the RS Cu-Sn and Cu-Sn-Ti specimens

Cu-Sn and Cu-Sn-Ti
Radius [mm]
Reference alloy

Primary phase
2

1
α

0.5
(Cu,Sn)3Ti5

Other phases
2

1

(Cu,Sn)3Ti5

0.5
α

Cu20Sn

α

β (Cu5.6Sn)

Cu20Sn3.5Ti

α

(Cu,Sn)3Ti5, β

Cu20Sn7Ti

(Cu,Sn)3Ti5

α, β (Cu5.6Sn)

Cu25Sn

β (Cu5.6Sn)

-

Cu25Sn2Ti

β (Cu5.6Sn)

α, (Cu,Sn)3Ti5

Cu25Sn5Ti

(Cu,Sn)3Ti5

α, β (Cu5.6Sn)

Note: (1). 2, 1 and 0.5 are the radii of RS specimens in correspondence with the increase of cooling
rates. (2). Primary β does not exist in the final microstructures because it transforms into Cu5.6Sn.
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4.2 Ternary Ni-Cr-Si system
4.2.1 Introduction to Ni-Cr-Si alloys
Recently, a lot of effort has been made to develop optimized alloys with regards to
the special conditions of laser processing. In this context, alloy pre-screening
involving rapid solidification experiments were utilized to mimic the conditions
during laser processing. As stated in the section 2.3.2, this approach can be useful to
overcome the costly route of producing new powders for newly developed alloys.
Kenel et al. [78] proposed an arc melting setup in which small batch alloy samples are
molten and rapidly solidified as a method to gain insights on the material processingmicrostructure-properties relationship. By the combination of experiments with heat
transfer analysis based on finite element simulations, systematic rapid solidification
studies with varying cooling rates could be realized. This approach gave insights into
the out-of-equilibrium microstructural phase-formation in Ti-Al [78] and Ti-Al-(Nb,
Mo) alloys [112], Cu-Sn-(Ti) alloys [117]. This unique setup was also adapted for insitu synchrotron X-ray diffraction experiments to directly monitor the phase evolution
during rapid melting and solidification as well as the subsequent cyclic laser heating
and cooling. Thus, it was possible to mimic and elucidate the layer by layer
fabrication of Ti-6Al-4V alloys [94].
Furthermore, engineering parts need to withstand demanding abrasive service
conditions, thus it is desired to have wear and/or corrosion resistant surface coating
which remedies the deficient aspects of the substrates. It has been shown that alloys
containing hard transition metal silicides can have high strength, excellent wear
resistance, corrosion, and oxidation resistance at the same time. Promising candidates
for structural components or coatings have been outlined by Liu et.al [39]. For
example, in the Ni rich corner of the Ni-Cr-Si alloy system, several different silicides
such as Ni3Si [133], Cr13Ni5Si2 [39] co-exist with ductile (Ni) phase [39, 134, 135].
Various attempts to improve the performance of Ni-Cr-Si based alloys for laser
deposited coatings were reported in [108, 136–138]. The addition of B and C into NiCr-Si system led to the development of the widely used hardfacing materials known
as Colmonoy alloys [138]. These alloys have compositional ranges of Cr between 11
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to 15, Si between 3 to 4, B between 2 to 3, and C between 0.48-0.76, in wt.%. The
resulting NiCrSiB coating significantly improved the cavitation erosion-corrosion
resistance as well as mechanical properties of the mild steel due to the formation of
borides and boro-carbides [139]. However, the cracking susceptibility and the
formation of coarse carbides are the biggest obstacles for viable use in commercial
application of this series of hardfacing alloys. Alternatively, embedding abrasive
particles, such as diamonds [40, 108] or cemented carbide [136] into Ni-Cr-Si alloys
produces an abrasive layer, where Ni-Cr-Si alloys serve as a binding matrix material.
Here, the retention of these abrasive particles is attributed to a short lifetime of melt
pool during processing, and the metallurgical bonding due to reactions with Cr and
Si.
Recently, Zhang et al. [117] successfully demonstrated that ternary Ni-Cr-Si alloys
with various types of hard Cr silicides can be successfully deposited on Cu substrates
by laser cladding. Their studies are based on slight compositional modifications of
commercial NiCrSiB alloys. However, it has not been studied if Ni-Cr-Si base alloys
without B and C have a potential to form novel functional microstructures. In-depth
microstructural investigations are necessary to investigate the performance
determining microstructural features such as phase formation, phase constituents,
phase fraction, grain size, and grain morphology. Eutectic grains with a very fine and
lamellar structure are indicative of a desired improvement of fracture toughness [140].
The resulting microstructures of several Ni-Cr-Si alloys after rapid solidification at
different well-defined cooling rates between 1600 K s-1 and 11000 K s-1 were
characterized by post-mortem SEM and XRD and by in-situ synchrotron X-ray micro
beam diffraction. The microstructures were compared to the ones formed during
solidification at low cooling rates (0.167 K s-1). In addition, a powder was prepared
from one of the alloys and laser deposition tests were performed. The microstructure
and hardness of the as-coated layer were compared with the results from the rapid
solidification tests.
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4.2.2 Alloy selection and modelling
As a computational tool for guiding alloy design, Thermocalc software was utilized to
calculate the phase diagrams with the thermodynamic database TCNi5 (Thermo-Calc
Software, Sweden). Figure 4.15 shows the calculated liquidus projection of Ni-Cr-Si
system. During rapid solidification, a small solidification range is preferred to reduce
the susceptibility of solidification cracking [82, 141]. In addition, certain fraction of
ductile phase is essential to overcome high residual stress without cracking. Therefore,
four alloys at Ni-rich corner were selected for the present study, as designated by
black solid circles in Figure 4.15. The nominal compositions of alloys are listed in
Table 4.5. Red arrows indicate the decrease of liquidus temperature along
monovariant lines. The crystallographic information of all the phases mentioned in
this chapter is taken from [39, 135, 142] and listed in Table 4.6.

Table 4.5: Nominal compositions of NiCrSi alloys of interest (in wt.%)
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Ternary alloys

Ni

Cr

Si

Ni7Cr11Si

82

7

11

Ni14Cr12Si

74

14

12

Ni19Cr12Si

69

19

12

Ni21Cr11Si

68

21

11

4.2.2 Alloy selection and modelling

Figure 4.15: The liquidus projection of ternary Ni-Cr-Si system on the Ni-rich side. The
thermodynamic database, TCNi5, was used for the calculation. Five alloys marked by black solid circles
are selected for this study.
Table 4.6: Crystallographic parameters of phases [142] referred in present work

Pearson Space

c (Å)

β (°)

3.552 –

–

90

Pm-3m

3.50

–

–

90

mC16

–

7.04

6.26

5.08

48.84

Cr3Si

cP8

Pm-3n

4.555 –

–

90

γ-Ni31Si12

Ni31Si12

hP43

P321

6.67

–

12.28 90

δ-Ni2Si

Co2Si

oP12

Pnma

7.06

4.99

3.72

σ-Cr13Ni5Si

σ(Cr,Fe)

tP30

P42/mnm

8.787 –

4.570 90

π-Cr3Ni5Si2

AlAu4

cP20

P213

6.120 –

–

90

τ-Cr6Ni16Si7 Mg6Cu16Si7

cF116

Fm-3m

11.10 –

–

90

τ1-Cr3Ni2Si1 NiTi2

cF96

Fd-3m

10.62 –

–

90

Phase

Type

(Ni)

symbol

group

Cu

cF4

Fm-3m

β1-Ni3Si

AuCu3

cP4

β3-Ni3Si

–

Cr3Si

a (Å)

b (Å)

90
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Table 4.7: Relevant invariant reactions

Ni-Si
e7: L ↔ θ + δ-Ni2Si,
T = 1240 °C
e9: L ↔ (Ni) + β3-Ni3Si,
T = 1151 °C
p5: L + γ-Ni31Si12 ↔ β3-Ni3Si,
T = 1199 °C

Ni-Cr-Si
E1: L ↔ Cr3Si + γ-Ni31Si12 + δ-Ni2Si,
T = 1138 °C
E2: L ↔ (Ni) + π-Cr3Ni5Si2 + γ-Ni31Si12
T = 1082 °C
U6: L + Cr3Si ↔ γ-Ni31Si12 + τ1
T = 1126 °C
U8: L + β2- ↔ (Ni) + γ-Ni31Si12
T = 1119 °C
U9: L + τ1 ↔ γ-Ni31Si12 + π-Cr3Ni5Si2
T = 1088 °C

The same modelling for Cu-Sn-Ti alloys was performed on Ni-Cr-Si alloys. Figure
4.16 displays the estimated cooling rates of selected Ni711Si alloys. It could be a
master curve for NiCrSi alloys that have similar thermophysical properties. It assists us
figure out the sample size required to reach specific cooling rates.

Figure 4.16: Cooling rates at the center of Ni7Cr11Si spheres with various radii. The simulation data
points are fitted by the red dash line with a polynomial.
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4.2.3 Microstructure formation at low cooling rates
Figure 4.17 shows the microstructures after melting and cooling at the rate of 0.167 K
s-1 in a DSC furnace. Elemental analysis was conducted utilizing EDX point
measurements alongside phase diagram information phase information was inferred.
As shown in Figure 4.17a, the microstructure of the Ni7Cr11Si consists of primary (Ni)
dendrites, eutectic (Ni) + γ-Ni31Si12 lamellae and small Ni3Si precipitates (shown in the
insert) can be found inside both primary and secondary (Ni) phases. The cuboidal
Ni3Si precipitates have a L12 structure and are coherent to the (Ni) matrix. Upon
coarsening, a pair of two, or four, submicron sized particles formed as a group in the
supersaturated (Ni) solid solution (clover leaf-like feature). This is because some of
the precipitates experienced so-called deceleration of coarsening, the split of single
particle into a double or an octet to minimize the system energy. In the Ni14Cr12Si
alloy only coarse (Ni) and γ-Ni31Si12 grains are observed (Figure 4.17b). In addition to
these two phases, the π-Cr3Ni5Si2 phase was observed in both the Ni19Cr12Si (Figure
4.17c) and the Ni21Cr11Si (Figure 4.17d) alloy. Equiaxed γ-Ni31Si12 grains are either
sandwiched between (Ni) and eutectic π-Cr3Ni5Si2 + γ-Ni31Si12 grains or among
eutectic structures. Figure 4.18 displays the DSC heat flow during the cooling in the
liquid-solid range. The peaks correspond to the crystallization of the solid phases
from the melt. The results are consistent with the observed microstructure. The
additional first peak in Ni21Cr11Si (Figure 4.18) can be attributed to the formation of
primary dendritic (Ni) crystals (Figure 4.17d), which was also observed in Ni7Cr11Si
alloys.
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Figure 4.17: BSE micrographs of various alloys: (a) Ni7Cr11Si, (b) Ni14Cr12Si, (c) Ni19Cr12Si and (d)
Ni21Cr11Si after being molten and cooled down at 0.167 K s-1 in the DSC apparatus.

Figure 4.18: DSC curves of four different alloys during cooling. The exothermic peaks caused by
crystallization during solidification are marked by arrows.
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Table 4.8: Thermophysical data of Ni-Cr-Si alloys measured by DSC

Alloys

TS [K]

TL [K]

Heat of fusion [J g-1]

Ni7Cr11Si

1411.1

1431.1

156.84

Ni14Cr12Si

1364

1422.2

160.99

Ni19Cr12Si

1364.5

1394.5

176.9

Ni21Cr11Si

1365.2

1380.1

161.93

BNi-2

1243

1273

220

4.2.4 Microstructure formation at high cooling rates
In order to understand the phase formation during rapid solidification processes XRD
measurements for all alloys were taken and are displayed in Figure 4.19. Specifically,
the XRD patterns for Ni7Cr11Si and Ni14Cr12Si solidified at 1600 K s-1 in Figure 4.19a
show that both alloys have similar phase components i.e. ((Ni) and γ-Ni31Si12). On the
other hand Ni19Cr12Si and Ni21Cr11Si consist of three different phases ((Ni), γNi31Si12 and π-Cr3Ni5Si2). At a higher cooling rate of about 11000 K s-1 the peaks
corresponding to the τ-Cr6Ni16Si7 phase rather than π-Cr3Ni5Si2 phase appear in the
diffraction patterns (Figure 4.19b). To give a better overview, the phases constitutes
of all investigated rapid solidified spheres are summarized in Table 4.9.
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Figure 4.19: (a) XRD patterns of largest RS spheres (r = 2 mm); (b) 1D profiles of synchrotron
diffraction patterns of smallest RS spheres (r = 0.5 mm). Compared with lab XRD device, synchrotron
gives much better signal to background ratio, so diffraction pattern collected at 0s is plotted in (b). Q
is diffraction vector, i.e. momentum transfer in reciprocal space, which is a material characteristic
parameter. The symbol, ‘’?’’, means unindexed peak.

Table 4.9: Phase constitutes of all alloys prepared at different cooling rates

Alloys
Ni7Cr11Si
Ni14Cr12Si
Ni19Cr12Si
Ni21Cr11Si

DSC

r = 2 mm

r = 1 mm

r = 0.5 mm

[0.167 K s-1]

[1600 K s-1]

[3300 K s-1]

[11000 K s-1]

(Ni), γ-Ni31Si12, Ni3Si

(Ni), γ-Ni31Si12
(Ni), γ-Ni31Si12

(Ni), γ-Ni31Si12, π-Cr3Ni5Si2

(Ni),
τ-Cr6Ni16Si7

Since the largest sphere (r = 2 mm) shows the same phase constituents and
microstructure compared to the sphere of intermediate size (r = 1 mm), the following
paragraph only describes the microstructure of the largest sphere. According to the
phase diagram presented in Figure 4.15, primary (Ni) would be expected in the
Ni7Cr11Si alloy. However, a fully lamellar structure (Ni) + γ-Ni31Si12 is observed in all
rapidly solidified spheres. Eutectic colonies with feathery shape envelope are
elongated parallel to the heat extraction direction. Oscillation of lamellae with
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discontinuous change in width was observed (Figure 4.20a and b) [74, 143], which is
assumed to be the result of an unstable solidification front due to a change in growth
rate during the interface propagation [144]. Regular cooperative growth can be
interrupted due to the increase in interface solidification velocity leading up to a
degenerated lamellar structure. Consequently, it is difficult to measure the spacing of
discontinuous lamellae precisely, but it is still evident that lamellar spacing as well as
colony size decreases with increasing cooling rate (Figure 4.20). In contrast, the
number of colonies is increased with increasing cooling rate, indicating that the
number of nuclei and nucleation rate increased. Undercooling is the driving force for
nucleation, which implies that in current experimental condition undercooling
increases with the increase of cooling rate. The main growth of eutectic structure is
determined by experimental conditions, i.e. heat flow and cooling conditions. The
higher the cooling rate is, the faster growth the solidification front experiences.
The microstructure of Ni14Cr12Si spheres (Figure 4.20c and d) contains a mixture of
large plate-like γ-Ni31Si12 and eutectic (Ni) + γ-Ni31Si12 lamellae (seen red circle) and
rods (seen in blue circle), as confirmed by point EDX. Different eutectic regions can be
clearly distinguished: fine lamellar structure surrounded by coarse eutectic grains. The
difference in crystal sizes at different eutectic regions seems to be minimized at
higher cooling rates and steeper temperature gradient. In both the Ni19Cr12Si and
Ni21Cr11Si alloy, a ternary eutectic microstructure (Ni) + π-Cr3Ni5Si2 + γ-Ni31Si12 is
observed as shown in Figure 4.20e and g. It is interesting that anomalous (Ni) + τCr6Ni16Si7 eutectic structure is present in these two alloys at the high cooling rate of
11000 K s-1. However, the morphology is very much different from each alloy, one is
stripe [145] (Figure 4.20f) and the other is a mixture of fine lamellae and relatively
coarse anomalous eutectic zones (seen in Figure 4.20h).
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Figure 4.20: BSE micrographs of rapid solidified alloys, i.e. (a) and (b): Ni7Cr11Si; (c) and (d):
Ni14Cr12Si; (e) and (f): Ni19Cr12Si; (g) and (h): Ni21Cr11Si. The microstructures on the left and right
column are obtained at a cooling rate of 1600 K s-1 and 11000 K s-1 at solidus temperature, respectively.
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4.2.5 Phase transformations during rapid cooling
In-situ experiments were performed on the smallest spheres of 0.5 mm radius. The
larger spheres could not be penetrated by the X-ray beam and diffraction patterns
could thus not be recorded. Figure 4.21 s shows the evolution of the diffractograms
during rapid solidification and subsequent cooling. In Figure 4.21, significant peak
shifting can be observed throughout the experiments. The sudden appearance of
peaks during cooling indicates the first formation of solid out of the liquid phase. The
change in peak position indicates that during heat extraction the lattice parameters
of all involved phases decrease by the thermal contraction and lead to decreased
lattice spacing, or in reciprocal space to increased scattering vectors Ghkl of the
diffraction peaks with Miller indices h, k, l. Furthermore, sudden changes in peak
positions give information on the formation or decomposition of. In Figure 4.21b, no
sharp diffraction peaks were observed in the melt zone between white dashed lines
since no long-range order exists in the melt. The intensity of the broad amorphous
peaks is only weakly observed, mainly due to the high extinction coefficient of the
liquid alloy and the limited beam energy. However, the broad peaks are still
distinguishable from the background in the 1D profile of Intensity vs. Q spacing
pattern (seen in Figure 4.21a for the Ni21Cr11Si alloy). In all alloys, phase
transformations occurred only during the first 500ms of heat-extraction after the
solidification sequence. Further decomposition of phases was not observed in the
subsequent cooling of solid. Therefore, graphs in Figure 4.21c-e highlight the last
stages of solidification and the early onset of cooling. In both of Ni7Cr11Si and
Ni21Cr11Si alloys, peaks associated with two phases simultaneously appeared out of
the melt which is an indication of a eutectic reaction. Two different eutectic reactions
at high cooling rates are unveiled, i.e. L ↔ (Ni) + γ-Ni31Si12 and L ↔ (Ni) + τ-Cr6Ni16Si7.
In comparison, peaks circled in Figure 4.21d reveals that a solid-phase formation
takes place over a time range prior to the primary eutectic reaction. Here γ-Ni31Si12
phase crystallized from the melt then followed by Ni. Referring to the results from
investigations of DSC samples, it is evident that these three alloys have compositions
where primary crystallization forms the melt. The observed fully eutectic
microstructure is attributed to high cooling rate that leads to a formation of a pseudo
eutectic structure. The solidification ranges in Ni7Cr11Si and Ni21Cr11Si alloys are
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smaller than that in Ni14Cr12Si alloy, so no liquid-solid phase-field was observed. The
above results confirm that the terminal microstructures shown in Figure 4.20 are
inherited from rapid solidification microstructure at high temperature. The presence
of τ-Cr6Ni16Si7 at room temperature is due to unimpeded phase transformation in the
solid state. The summary of observed solidification path of each alloy is available in
Table 4.10.

Figure 4.21: Synchrotron diffraction data throughout melting and solidification cycle for three
selected alloys Ni7Cr11Si, Ni14Cr12Si and Ni21Cr11Si. (a) The 1D diffraction profile of the Ni21Cr11Si
melt. (c), (d) and (e) are insights into the rapid solidification phase. White arrows represent the peaks of
(Ni) phase, and other peaks belong to another phase.
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Table 4.10: Phase transformation paths in spheres (r = 0.5 mm) during rapid solidification and cooling

Alloys

Phase transformation paths

Ni7Cr11Si

L → (Ni) + γ-Ni31Si12

Ni14Cr12Si

L → γ-Ni31Si12 (P) → γ-Ni31Si12 (P) + (Ni) + γ-Ni31Si12 (Eu)

Ni19Cr12Si

L → (Ni) + τ-Cr6Ni16Si7

Ni21Cr11Si

L → (Ni) + τ-Cr6Ni16Si7

Note that P stands for primary phase, Eu for eutectic phase.
4.2.6 Influence of cooling rate and composition on phase transformation
The phase transformation pathways depend on the cooling rates as demonstrated in
section 4.2.4. In Ni7Cr11Si alloy, Nickel formation is suppressed during rapid
solidification. The grain growth of (Ni) ejects large amounts of Si to the melt, resulting
in compositional modification at the solidification front that facilitates constitutional
undercooling. It is likely that the large undercooling exceed the driving force for
eutectic reaction. Instead of growth of primary crystals, co-growth of eutectic phases
is favored by mutual atom exchange between two eutectic phases. Solid state
diffusion during the rapid cooling is suppressed so that the precipitation of ordered
Ni3Si is hindered, resulting in the formation of supersaturated (Ni).
In Ni19Cr12Si and Ni21Cr11Si alloys, different phases formed at different cooling
rates as shown in Figure 4.20. Same phase constituents were observed in specimens
cooled down at 0.1667 K s-1 and 1600 K s-1, so the phase transformation pathways are
assumed to be comparable. Based on the reaction scheme for Ni-Cr-Si system
reported by Schuster and Du [146], a more likely phase formation pathway for
observed microstructure is proposed. Here, (Ni) and an intermediate phase, τ1, in the
equilibrium case, form first from the melt (L ↔ (Ni) + τ1) followed by a ternary
peritetic reaction (L + (Ni) + τ1 ↔ π-Cr3Ni5Si2) [39, 146]. The peritectic reaction should
begin at the grain boundaries between (Ni) and τ1 phase, and progress outwards,
which explains the enveloped structure of π-Cr3Ni5Si2 grains surrounded by a (Ni)
phase in Figure 4.17c and d. The solidification ends with a ternary peritectic transition
(L + τ1 ↔ π-Cr3Ni5Si2 + γ-Ni31Si12) which consumes the remaining τ1 phase. The above
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three solidification steps coincide with the three peaks observed in the DSC cooling
curve of Ni19Cr12Si. At high cooling rate of 11000 K s-1, τ-Cr6Ni16Si7 phase appears in
the microstructure rather than γ-Ni31Si12 and π-Cr3Ni5Si2. It is very likely that γ-Ni31Si12
and π-Cr3Ni5Si2 phases are the product of decomposition of τ-Cr6Ni16Si7 phase, which
was prohibited by rapid cooling. However, it is ambiguous whether τ-Cr6Ni16Si7 phase
is in phase equilibria or τ1 phase since the stability of τ-Cr6Ni16Si7 phase in Ni-Cr-Si
system is not established [135, 146]. Nevertheless, the phase transformation pathway
could be altered by manipulating cooling rates indicated by the presence of
metastable high temperature ternary phases [39] in the terminal microstructure.
Cooling rates do not only affect the phase transformation but also have effects on the
morphology of the microstructure. For Ni14Cr12Si alloy, a completely different
microstructure is formed at high cooling rates compared to the microstructure of low
cooling rates of 0.167 K s-1 samples. In this case, diffusion assisted coarsening is
constrained. Hence, as the cooling rates increase, microstructural refinement is
observed in all alloys, for instance smaller primary phase, smaller lamellae, and
smaller colonies size. Besides, high cooling rates also lead to yield of anomalous
eutectic structure due to decoupled growth of different phases. The regular eutectic
to anomalous eutectic transition happens in the system where disordered phase
coexists with ordered faceted intermetallic compound as its terminal phases [147].
𝐿𝐿/𝑠𝑠

Growth rate (Vgrowth) depends on undercooling (𝑥𝑥𝑒𝑒
𝐿𝐿/𝑠𝑠

𝑉𝑉𝑔𝑔𝑔𝑔𝑔𝑔𝑔𝑔𝑔𝑔ℎ = 𝜇𝜇(𝑥𝑥𝑒𝑒

𝐿𝐿/𝑠𝑠

− 𝑥𝑥0𝐿𝐿 ), where 𝑥𝑥𝑒𝑒

− 𝑥𝑥0𝐿𝐿 ) and growth constant (μ), i.e.

is the solute concentration in the liquid ahead of

solidification front and 𝑥𝑥0𝐿𝐿 is the initial concentration in the melt. Compared with
intermetallic compounds, disordered solid solution has more than 2 orders of
magnitude higher kinetic coefficient. This coefficient is closely associated with the

complexity of the unit cell and the interface attachment kinetics during growth [144].
For the intermetallic phase, different atoms occupy defined positions in each sublattice, so the atom attachment is more restricted, and the growth kinetics is more
sluggish. As a result, the atom mobility at the interface of intermetallic compounds is
more sluggish compared to the atom mobility at the interface of the disordered
phase [148]. The leading phase will grow freely into the undercooled melt and results
in a decoupled growth. Anomalous eutectic microstructure with a mosaiclike
morphology is common in the section of the sample since the dendritic growth of the
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leading phase is unfavorable by the chemical composition limitation of a eutectic
alloy [149]. When a negative temperature gradient is reached during further growth
of the colony, decoupled growth is terminated and coupled growth with a planar
front takes place again to yield lamellae. This accounts for the observed morphology
where lamellae alternate with the anomalous eutectic microstructure as displayed in
the insert Figure 4.20h, i.e. lamellae growth on the plate.
The addition of Cr and Si promotes the formation of π-Cr3Ni5Si2 phase at low cooling
rate and τ-Cr6Ni16Si7 phase at high cooling rate. For alloys close to eutectic valley, eutectic structure rather than primary crystallization formed at high cooling rate and effectively refined the microstructure. At high cooling rate, slight composition modification can lead to completely different microstructure as shown in Figure 4.20f and h.
The change in chemical composition results in the same solidus temperature but different liquidus temperature and consequent difference in solidification interval. The
solidification interval is 30 K for Ni19Cr12Si while 15.9 K for Ni21Cr11Si. This determines the level of impurities and constitutional undercooling in front of the advancing interface and has a big impact on the interface stability. Large solidification interval usually leads to the occurrence of an instable solidification front [150].
4.2.7 Laser melting tests
To compare the microstructure and mechanical properties of SLM-built parts and
rapidly solidified spheres, a test alloy, Ni21Cr11Si, was selected for SLM. For purpose,
additional master alloy was produced in the arc furnace, and it was then crushed and
ground in the WC crucible. The obtained powder was sieved by sieving station
equipped with a stack of 20 and 40 μm sieves. SLM trials on Ni21Cr11Si alloy doesn’t
aim at obtaining parts free of defects by using optimized processing parameters, so
no spheroidization of ground powder was followed. Instead, particles in the range of
20 to 40 μm were used in the Sisma machine. The set of processing parameters is as
follows: Pl = 150 W; Vs = 1250 mm s-1; dlayer = 30 μm; dhatch = 75 μm. Soft 316L
stainless steel was used as base material. Due to the small amount of powder, the
recoating of powder was done manually for each layer after laser scanning. As a
result, the SLM process proceeded in a step manner. The other machine parameters
are the same as those for MMC, which is mentioned in chapter 5.
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Figure 4.22 demonstrates the Vickers microhardness of different alloys solidified at
the cooling rate of approx. 11000 K s-1 and laser coating. Material hardness directly
denotes the resistance to scratching. Mechanical properties are closely linked to the
microstructure in terms of phase constitutes/fraction, grain size/morphology etc. All
four alloys have a eutectic matrix or fully eutectic lamellar structure. They have much
comparable strength with the hardfacing alloys reported in [151–154] or even higher.
The laser clad of Ni-Cr-Si-B alloy contains coarser precipitates which contribute to the
high microhardness while the particle size in rapidly solidified sphere is small and
contributes less to wear resistance. The enhancement of the strength originates from
Hall-Petch effect contributed by fine grain microstructure due to the rapid cooling
and presence of hard intermetallic compounds in eutectic structure. The Ni21Cr11Si
coating has a microhardness of ~800 MPa almost the same as rapid solidified sphere.
Moreover, inside melt pool fine lamellar grains were observed in Figure 4.22b, which
is consistent with the microstructure in Figure 4.20h.
The full (Ni) + τ-Cr6Ni16Si7 lamella microstructure gives higher microhardness than (Ni)
+ γ-Ni31Si12 microstructure, since Cr6Ni16Si7 owns higher hardness than Ni31Si12
because of its covalent and metallic bonds [154]. To achieve optimal mechanical
properties, it is preferable to have fewer amounts of (Ni) but more ternary silicides in
the final microstructure. Almost the same microhardness was obtained in the
Ni21Cr11Si laser coating as in rapidly solidified sphere. This can be correlated to the
similarity of microstructure in these two specimens, seen in Figure 4.20h and Figure
4.22b. Therefore, it is reasonable to conclude and propose that present rapid
solidification studies enable better understanding of microstructural formation in SLM
process and acceleration of corresponding alloy screening phrase.
Depending on laser processing parameters, there are cracks or large keyhole welding
induced pores present in the coating. It is not the focus of this work to optimize SLM
parameters to manufacture defect free coating. In this work, the correlation between
microstructure and mechanical properties is the main focus, which is intended to
verify alloy screening concept. Regardless of the cracking in the coating, it is worth
pointing it out that the microhardness of SLM-built Ni21Cr11Si alloy (shown in the
dark blue bar) is very close to that of rapid solidified spheres (shown in the light blue
bar on the left side of the red solid line). This can be attributed to the obtained
lamellar structure similar to the microstructure observed in spheres as shown in
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Figure 4.20h. It validates that the rapid solidification experiments can be universally
applied to development of any alloys for SLM process.
In Figure 4.23, profile of the microhardness in substrate and coating is plot as a
function of distance to the coating-substrate interface. To prevent the influence of
the plastic deformation zone from neighboring indentation, the distance between
two adjacent indentation points was around 200 μm which is approximately 6 times
of the diagonal length of the indentation. The size of the indenter in the pure NiCrSi
region is around 20 μm seen in the insert Figure 4.23. Evidently, the Ni21Cr11Si
coating increases the microhardness of the substrate by 3 times. It is already enough
to reach the maxium achievable microhardness with present coating by deposition of
approx. 250 μm thick layer. Below this thickness, dilution of coating layer by substrate
is responsible for slightly lower microhardness. Formation of lamellar structure gives
homogeneous wear resistance in the coating.

Figure 4.22: (a) Vickers microhardness of sectioned spheres (r = 1 mm) under a maximum load of 1.8
N. Loading and de-loading last 20 s for each path. BSE micrograph of SLM-built Ni21Cr11Si alloy:
microstructure inside melt pool.
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Figure 4.23: Profile of microhardness in the substrate and along the coating. Insert is the indenter at
the region of pure Ni21Cr11Si.

4.3 Conclusions
In this chapter on rapid solidification, three different systems are investigated, i.e. CuSn, Cu-Sn-Ti and Ni-Cr-Si system, respectively. The phase and microstructure as a
function of cooling rate and chemistry are summarized as follows:
•

Compared with slow cooling achieved in DSC furnace, rapid cooling
leads to the formation metastable Cu5.6Sn in Cu-Sn system. Its
fraction in the final microstructure can be tuned by Sn content.
Besides, addition of Ti can also decrease the amount of this
metastable phase by consumption of Sn atoms to form (Cu,Sn)3Ti5.
Increasing of cooling rates result in diminishing fraction of primary
(Cu) phase but raising the fraction of eutectic structure. Grain
refinement is observed in all alloys.

•

For Ni-Cr-Si alloys, anomalous eutectic structures occur in rapidly
solidified microstructure rather than parallel eutectic lamellar
structures. Since the growth kinetics of intermetallic phases is more
sluggish than that of solid solution, the growth rates of phases are
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decoupled, resulting in lamellar width change and advancing
growth of solid solution into the melt. Except Ni14Cr12Si, the
chemical compositions of all the other three alloys i.e. Ni7Cr11Si,
Ni19Cr12Si and Ni21Cr11Si, are close to eutectic points. At slow
cooling, primary phases crystalize first from melt. In comparison,
fully eutectic microstructures are present at highest cooling rate, i.e.
pseudo eutectic microstructure. The higher the cooling rate is, the
larger compositional range pseudo eutectic microstructure exists.
•

Depending on studied compositions, the microhardness of rapidly
solidified Ni-Cr-Si spheres can vary between 200 and 900 MPa
HV0.18. High strength is attributed to refined microstructure and
formation of hard silicides.

•

The SLM-built Ni21Cr11Si has microstructure the same as rapid
solidified, namely lamella structure of (Ni) and τ-Cr6Ni16Si7.
Therefore, it proves that rapid solidification experiments can help us
to predict the final microstructure in SLM process. Besides, the
hardness measured in rapid solidified spheres is close to the final
hardness of SLM-built parts.

Since a broad spectrum of cooling rates is covered in this study, it allows selection of
alloys suitable for various laser-beam based processes with difference in cooling rates.
This methodology for pre-screening alloys by rapid solidification experiments is
promising to be applied to any alloy system. Based on the results that the
microstructure of smallest sphere is coarser than that of SLM-built parts, the cooling
rate in SLM process is higher. With current rapid solidification experiments, it is
challenging to reach higher cooling rates. In this case, it is a limit if out-of-equilibrium
microstructure forms at cooling rates exceeding reachable value.
Even if large amount of Cr and Si are added aiming at decreasing the melting point,
all investigated alloys have a liquidus temperature approx. 300 K higher than Cu-SnTi alloys. In a trial of Ni Hastelloy X mixed with diamond particles by SLM,
pronounced dissolution of diamond was observed. To avoid the risk of possible
diamond degradation, Cu-Sn-Ti alloys rather than Ni-Cr-Si alloys were selected for a
further study on SLM of metal-diamond composites. However, Ni-Cr-Si alloys are
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promising candidates for wear and corrosion resistant coating, so this study aims at
the application of Ni based alloys in laser coating for engineering pieces.
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This chapter focuses on the systematic studies of metal-diamond composites
processed

by

selective

laser

melting,

including

processing,

microstructure

characterization, defect formation and compressive properties. To limit variables,
single crystalline diamond was selected for a first attempt since the truncated
octahedral shape is close to spherical suggesting acceptably good flowability. Primary
processing parameters, i.e. laser power, scanning speed, hatch distance, were varied
in order to find the processing window. Rescanning strategy and coating of diamond
particles were also attempted to study their effects on part quality.
The integrity of metal and diamond in SLM-built parts is one of the main parts of this
chapter. Section 5.4 demonstrates extensive advanced characterizations of SLM-built
composites with 2 vol.% diamond. Besides, possible causes for defect formation in
composites with high fraction of diamond are another focuses as stated in details in
the section 5.5. In addition, single track experiment and simulation of heat transfer in
single scanning experiment by FEM gave insight into the thermal history and its effect
on consolidation of melt-solid suspension. Accordingly, the defect formation
mechanism and thermal conditions can be correlated. At the end, the compressive
strength of the bulk parts was tested.
These understandings on solidification of composites can give feedback to alloy
design, i.e. refinement of selection criteria for both matrix alloys and superabrasive
particles. Besides, relevant processing parameters and scanning strategies might also
be further refined in a more efficient manner. The following results will be
summarized in a publication ready for submission.

5.1 SLM powders and processing parameters
Figure 5.1 shows the morphology of SLM grade powders used in this study. Even
though a few particles are elongated and have satellites on their surface, most of the
gas atomized Cu20Sn7Ti particles are spherical and smooth (seen in Figure 5.1a). No
large aggregates are present. Overall, the powder morphology implies good
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flowability optimal for SLM process. From the cross section of the Cu20Sn7Ti matrix
powder in Figure 5.1b, however, it is evident that there are internal pores of
unnegligible amount and size. In comparison, the synthetic single crystalline diamond
powders (seen in Figure 5.1c) have facets and truncated octahedral shape. As
displayed in Figure 5.1d, smaller diamond particles sit among metallic powders in the
mixture of these two powders, which appears to be homogeneous. As shown in
Figure 5.2, the microstructure of gas atomized Cu20Sn7Ti powder consists of primary
facet (Cu,Sn)3Ti5, eutectic (Cu) and (Cu,Sn)3Ti5 and metastable Cu5.6Sn, which was
confirmed from the XRD pattern of powders. It is almost the same as the
microstructure of the rapidly solidified sphere seen in Figure 4.12b. However, the
microstructure in the powder grains is much finer, which is due to higher cooling rate
achieved during gas atomization.
The Ti coated diamonds have sharp edges and brittle fracture features on the facets
(seen in Figure 5.3a) since they were produced by bursting larger synthetic diamond
grits. The Ti coated diamond particles are larger than the uncoated diamonds, varying
from 20 to 40 μm. The XRD spectrum of Ti coated diamond powder (shown in Figure
5.3b) shows that most deposited Ti reacted with diamond, resulting in the formation
of a TiC layer. However, small amount of Ti still remains in the surface coating.

Figure 5.1: SE images of SLM grade powders: (a) Cu20Sn7Ti, (b) cross section of Cu20Sn7Ti in (a), (c)
diamond and (d) mixture of Cu20Sn7Ti and 10 vol.% diamond.
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Figure 5.2: BSE image of cross section of Cu20Sn7Ti powder. The microstructure consists of large
(Cu,Sn)3Ti5 intermetallic, Cu5.6Sn between eutectic (Cu) and (Cu,Sn)3Ti5 structure.

Figure 5.3: (a). SE image and (b) XRD pattern of Ti coated diamond powder. TiC peaks are more
pronounced than Ti peaks.

During this study, the hatch distance and layer thickness were kept constant at 90
and 30 μm, respectively, Figure 5.4 shows the studied range in which the laser power
and the scanning speed were varied. Accordingly, the investigated EVED varied from
105 to 222 J mm-3. A basic survey of processing parameters was carried out in two
steps: 1. processing window of pure matrix material (Figure 5.4a); 2. investigation of
processing parameters for composites with different volume fractions of diamond
(Figure 5.4b) on the basis of the processing window from the first step.
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Based on the characterization results, rescanning, i.e. the repeated scanning and remelting of an as-consolidated layer without a further deposition of powders, and
printing with a reduced hatch distance were additionally attempted. In a preliminary
study it was found that the scanning strategy has less effect on microstructure
formation compared with the above four parameters. To keep the number of
variables small, a unidirectional scanning strategy was therefore selected throughout
the study. The scanning direction turned 90 degree after every layer. Rescanning was
carried out but rotated by 90 degree with respect to the first scanning direction. The
parameters for rescanning could be different from the first scanning. In the first
scanning, the power keeps as 160 W throughout the process, and the scanning
speeds are 450, 400, 350 and 300 mm s-1, respectively. The rescanning velocity
remained unchanged at 400 mm s-1. The scanning sequences of the parts were set to
a way where the metal vapor could be most efficiently removed by the shielding gas.
In such case, energy loss caused by absorption of laser light by radiation on smoke
could be minimized. Due to rough surface, it was observed that the velocity of the
recoater significantly influences the quality of the deposited powder layer. At high
positions of the surface, coater contacted with consolidated part and interrupted the
smooth coating. A low deposition velocity was favored to minimize the flying of
powder when powder was carried onto the rough sample surface. For all build jobs,
other machine parameters were kept constant as listed in Table 5.1. For SLM
parameter studies, rectangular samples with dimension of 2 x 2 x 4 mm3 were
generated in Materialise magics software. Stainless base plate (Ø = 33.5 mm) was
used. In addition, cylindrical samples with a designed dimension of Ø = 2 mm, height
= 4 mm were manufactured from pure metal and MMCs with different fractions of
diamond particles for compression tests. The laser power and scanning speed were
160 W and 300 mm s-1, respectively. The track stability is determined by the surface
tension in equilibrium which is affected by chemical composition. Taking
contamination of the first 100-200 μm thick layers by melting of the base plate into
account, single lines were scanned on the 17th layer instead of directly on the base
plate. All the information on parts built in Sisma machine are listed in Table 5.2.
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Figure 5.4: SLM processing parameters for matrix alloy and composites with different volume fraction
of diamond particles.

Table 5.1: List of machine parameters

Parameters
O2 level
Processing atmosphere
Shielding gas (m s-1)

Values
0.1%
Ar gas
2.0
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Table 5.2: List of parts manufactured in the Sisma machine

Samples

Descriptions

Cu20Sn7Ti

Pure matrix as reference

Cu20Sn7Ti2Dia

Matrix alloy with 2 vol.% diamond

Cu20Sn7Ti5Dia

Matrix alloy with 5 vol.% diamond

Cu20Sn7Ti10Dia

Matrix alloy with 10 vol.% diamond

Cu20Sn7Ti20Dia

Matrix alloy with 20 vol.% diamond

Cu20Sn7Ti10DiaTi

Matrix alloy with 10 vol.% Ti coated diamond

5.2 Microstructure of MMCs with uncoated diamond
5.2.1 Microstructure of MMC with 2 vol.% diamond
The samples containing 2 vol.% diamond (shown in Figure 5.5) are free of cracks. The
diamonds are well embedded in the matrix, and the distribution of diamond particles
seems to be dispersed. At a high volume energy density, powder grains are attached
to the side faces of the samples, probably due to sintering.

Figure 5.5: SE images of cross section of SLM-built composites with diamond particles of 2 vol.%.
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5.2.2 Microstructure of MMCs with 5, 10 and 20 vol.% diamond
Figure 5.6 shows the cross section of composites with 5, 10 and 20 vol.% diamond. In
contrast to the cross section of MMC with 2 vol.% diamond mentioned in the section
5.3.1, there are large cavities in the parts with higher volume fractions of diamond
particles. An increase of diamond concentration leads to a decrease of the part
density. Since diamond particles are well bonded to the matrix and much harder than
the matrix, parts of the particles stick out of the polished surface. The regions
highlighted by red arrows indicate the cavities. Further attempts to eliminate or
significantly reduce the amount large defects by using higher volume energy
densities were not successful. Instead, overheating and surface roughness on the top
layer become more severe. Surface roughness is aggravated by three factors in the
process: increase of laser power, energy input and fraction of diamond particles.
Therefore, the processing window for obtaining parts with a high density is rather
small if other parameters except for laser power and scanning speed are kept the
same.
Figure 5.7 shows the cross section of composites with uncoated diamond after
rescanning at each layer. In comparison to Cu20Sn7Ti10Dia exposing to a single
scanning displayed in Figure 5.6b, rescanning is insufficient to reduce or even
eliminate defects in the final microstructure.

Figure 5.6: SE images of cross section of SLM-built composites with diamond particles of (a) 5 vol.%,
(b) 10 vol.% and (c) 20 vol.%.
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Figure 5.7: SE images of the microstructure in Cu20Sn7Ti10Dia composites after rescanning of each
layer.

5.2.3 Microstructure of MMCs with coated diamond
Figure 5.8 shows a representative cross section of composites with Ti coated diamond.
It is evident that some diamond grains (10-40 μm) stick out of the polished surface.
Cavities are visible as well. In the composite built with Ti coated diamond particles, it
is difficult to tell if the defect density is reduced or increased. It seems that the
cavities cannot be eliminated by using Ti coated diamond. Note that the defect
density is inhomogeneous along the direction perpendicular to the vertical cross
section. During the process, the consolidated top layer was observed to be rough,
and the coating of the powder was not optimally smooth. In other words, some
regions of the previous layer were bumping up and not covered by powder. Poor
powder coating could be caused by two factors: 1. the unmolten diamond particles
causing local bulge; 2. processing cavities in the previous layers accumulated layerby-layer.

84

5.3 Microstructure in the matrix and at the matrix-diamond interface

Figure 5.8: SE image of the cross section of SLM-built composites with 10 vol.% Ti coated diamond

5.3 Microstructure in the matrix and at the matrix-diamond
interface
Crack-free samples with 2 vol.% diamond have well connected melt pools as shown in
Figure 5.9. The dimensions of melt pools are 152 ± 14.7 μm in depth and 203 ± 19.1
μm in half width. On the edge of the parts, keyholes are present probably due to
different thermal conditions. As the first scanning track, the powder on the edge of
the parts has only one side connecting to the bulk underneath with much higher
thermal conductivity than loose surrounding powder bed. Heat transfers faster to the
previous layer, leading to elongated melt pool along the building direction. It is also
observed that diamond particles remain in the composite, and mostly sit at the
boundaries of melt pools (seen in Figure 5.10a and c). Melt pools are separated from
each other by boundaries where grains are much finer than those inside melt pools
(shown in Figure 5.11). There are not only diamond particles but also a large amount
of Ti carbides in the matrix as confirmed by point EDX (Figure 5.10b). Since diamond
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and Ti carbide have a higher hardness than the matrix, they appear above surface due
to lower removal rate during the metallurgical preparation.

Figure 5.9: Optical image of composite with 2 vol.% diamond: keyholes at the edge of the parts and
semi-spherical melt pools at other regions. Some large pores are at the root of keyholes

Figure 5.10: Micrographs of composite with 2 vol.% diamond: (a) diamonds sit at the boundaries of
melt pool, (b) Ti carbide and (c) diamond particles in the matrix. The red arrows highlight diamond
particles.
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Figure 5.11: BSE image of composite with 2 vol.% diamond after etching. Grains at boundaries
between two melt pools are finer than those within melt pool.

Figure 5.12 displays selected steps of TEM lamella preparation via the FIB lift-out
technique. First, a region with diamond was selected (seen in Figure 5.12a). Next, a
protection layer of nano-crystalline Pt was deposited (first with electrons and then
with Ga+ ions) on the matrix and across the diamond so that half of the Pt covered
diamond. Since diamond is much harder than the matrix, it had lower milling rate
compared to the matrix, which led to non-uniform lamella thickness. After thinning,
the 1 um thick lamella is lifted from the sample with a nanomanipulator and then
welded (with Ga deposited Pt) onto a Mo grid (displayed in Figure 5.12c). Even
though the amount of diamond in depth is small, it is enough for charaterization of
the interface between diamond and the matrix.
A fine grained microstructure was observed in the matrix (Figure 5.13a), due to the
rapid cooling. Figure 5.13b displays the STEM-EDX line profile taken through several
matrix grains. It reveals that there are three different phases in the matrix, (Cu),
(Cu,Sn)3Ti5 and Cu5.6Sn. Both (Cu) and Cu5.6Sn have Ti solubility below 1 wt.%.
Metastable Cu5.6Sn phase was also observed in our rapid solidification study [117]
and is distinguished from (Cu) by its higher Sn content. The presence of the
metalstable cu5.6Sn in both the as SLM fabricated parts and the rapid solidification
tests means that the alloy screening methodology is valid. In composites with
different fractions of diamond, the matrix most likely compose of (Cu), Cu5.6Sn and
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(Cu,Sn)3Ti5 since a small amount of Ti are needed for formation of TiC reaction layer
and precipitates in the matrix. The presence of metastable Cu5.6Sn phase is attributed
to martensitic phase transformation during rapid cooling.

Figure 5.12: STEM lamella preparation by FIB lift-out technique. (a) SE micrograph of cross section of
composite with 2 vol.% diamond after ion sectioning; (b) Deposition of amorphous Pt on both matrix
and diamond; (c) TEM lamella after thinning and polishing.
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Figure 5.13: (a) ADF-STEM image of the matrix grain microstructure (b) profile of elemental
concentrations along the arrow in the image obtained from STEM-EDX. Chemical anaylsis was
performed with the Ti-K, Cu-K, and Sn-L lines.

At the interface between diamond and matrix, there exists a TiC carbide layer and (Cu)
islands as seen in Figure 5.14. The results are similar to those reported for metaldiamond parts manufactured by active brazing [32]. The TiC layer having a thickness
of 25-100 nm results from the reaction of diamond with Ti in the melt. Refractory
transition metal carbides, nitrides and borides show metallic behaviors due to their
partial metallic bonding [155]. The formation of such metal-like compounds improves
the wetting and adhesion between metals and diamond with dominant covalent
bonds [156–159]. In addition, they have high melting point, 3160 °C for TiC, which
exceeds the temperatures experienced during laser based processing. Therefore, it
leads to the assumption that the TiC coating layer was stable during the process and
improves wetting of diamond powders by the metallic melt. Since the lattice
mismatch between brittle TiC and hard diamond is approx. 20%, the ductile (Cu)
islands sandwiched between TiC and diamond can adjust and undertake the local
high strain. Since liquid Cu does not wet diamond, it is reasonable to assume that
fracture of the TiC layer opens passage for Cu and Sn atoms to fill the gap between
diamond and TiC interlayer (Figure 5.14c). It is also likely that the formation of TiC
consumes the Ti from the melt, leading to the squeezing-out effect of excessive Cu
and Sn atoms in the melt towards diamond. The third possible reason is that the
grain boundary of polycrystalline TiC allows for the fast diffusion of Cu and Sn to the
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boundary between diamond and interlayer. The underlying driving force is the high
local strain energy at interface due to lattice mismatch.

Figure 5.14: ADF-STEM image and STEM-EDX maps of the interface between diamond and matrix: (a)
STEM-ADF image, STEM-EDX mapping of C and Ti in (b), Cu and Sn in (c). Chemical analysis was
performed with the C-K, Ti-K, Cu-K, and Sn-L lines.

5.4 Formation of defects
In the SLM-built pure matrix and composite with 2 vol.% diamond, there are only a
few large pores on the two edges of the cross section which are assumed to be due
to keyhole formation. Smaller pores are probably from the raw powder. At the first
laser scanning of each layer, heat is less efficiently dissipated to the sides than to the
preceding layer due to poor thermal conduction of the powder. Consequently, this
thermal condition can lead to overheating of preceding layer and the formation of a
keyhole. With increasing diamond fractions in composites, big cavities and cracks are
observed. The irregular shape of the cavities indicates poor adhesion among
materials, which could originate from insufficient material flow. There are various
factors that can possibly lead to the formation of such defects during SLM, i.e. heat
distribution, wetting, and viscosity and so on.
5.4.1 Heat transfer in a single laser track
Heat distribution in the melt pool has primarily important effects on formation of
microstructure as well as processing defects. The thermophyscial properties of the
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diamond are significantly different from those of the CuSnTi matrix alloy. To assist us
understand the process better, we modelled the heat transfer in the SLM part
consisting of the diamond particles and Cu20Sn7Ti matrix alloy. Single track laser
illumination of the composite material was modelled using FE methods. The laser
beam was modelled as surface heat source with Gaussian distribution. The Figure 5.15
shows the thermophysical data used in present modelling [17, 19, 114, 116]. The used
data of diamond properties [17, 19] are summarized in the Figure 5.16.

Figure 5.15: Thermophysical data of matrix alloys at different temperatures
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Figure 5.16: Thermophysical data of diamond at different temperatures

Figure 5.17a and b shows the meshing of a composite with 20 vol.% diamond and the
isotherms of a 2D simulation, respectively. It is clear that the isotherms circumvent
diamond particles, resulting in a steeper temperature gradient at the gaps between
diamond particles. The results of the 3D simulation of the CuSnTi-20 vo.l% diamond
composite are shown in Figure 5.18. As clearly shown in the Figure 5.18a, the
temperature field is disturbed by the diamond particles. In other words, isotherms
circumvent diamond particles rather than through particles, which causes irregular
solidification of the melt pool different from solidification of single material.
Consequently, this effect can cause the defects during melting and solidification of
the melt pool as follows. In the case of the melting, the diamond particles as heat sink
can locally distribute the energy very effectively. As a result, such rapid heat
dissipation results in insufficient energy density to melt the matrix producing the lack
of the fusion defects. Similarly during melt solidification, the diamond particles are
extracting heat by conduction from the melt pool causing the melt in the vicinity to
cool down very rapidly and thus hindering the flow of the melt between diamond
particles and proper fusion of the successive layers in the SLM process. It can be
better understood by the following comparisons. At 1000 K, heat capacity of diamond
is 1799.5 J kg-1 K-1 and metal matrix is 375 J kg-1 K-1. Here, we introduce the concept
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of Volumetric Heat Capacity (CVHC), i.e. volume-specific heat capacity. It is the product
of material density (ρ) and specific heat capacity (cp):
CVHC = ρ*cp

(5.1)

The calculated CVHC of diamond is 6.3 J cm-3 K-1 for diamond and 3.4 J cm-3 K-1 for
metal matrix. This means if the metal is replaced by diamond with the same volume,
then nearly the double amount of heat is absorbed in this region in order to achieve
the same temperature increase for this material volume. Furthermore, the thermal
conductivity of the diamond (e.g. 489 W m-1 K-1 at 1000 K) is one order of magnitude
larger than that of the CuSnTi matrix (e.g. 41.5 W m-1 K-1 at 1000 K). Heat is dissipated
away much faster by diamond replacing CuSnTi matrix, so the lifetime of melt is
shorter in the region close to diamond particles.

Figure 5.17: (a) The mesh and distribution of the diamond particles in the matrix and (b) temperature
distribution of the line of the diamond particles in MMC matrix. The grey region represents the melt
pool produced by laser heating
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Figure 5.18: (a) The temperature field during scanning of the laser in microstructure of the MMC
diamond composite. (b) The microstructure of CuSnTi and diamond material used in FEM simulation.
The green region is metal matrix and grey regions are diamond particles.

Figure 5.19a shows the temperature profile along the red arrow (Figure 5.18b) at top
surface of the sample at time t = 1.12 ms when the laser is on the diamond particle.
Inside the diamond particle a negative temperature gradient is observed; notice that
the surrounding CuSnTi matrix material has higher temperature than the diamond
particle. The diamond particle as shown in Figure 5.18a-b significantly reduces the
temperature of the melt pool, which causes the lack of fusion defect directly below
the diamond particle due to poor wetting and high viscosity (details in section 5.5.2
and 5.5.3). The findings in the 3D model are supported by experimental results
presented in Figure 5.20. The cluster of diamond particles in the blue circles are often
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observed at borders of the cavities and voids in metal-diamond composite (seen in
Figure 5.20). In the FEM model the cluster of the diamond particles are represented
by a large gray region as shown in the microstructure in Figure 5.18b. During
scanning of the top surface, the laser energy deposited in the diamond cluster is
conducted away from the laser spot, hindering the melting of the CuSnTi-matrix. The
defects observed during SLM processing of metal-diamond composites are the lack
of fusion defects but with significant distinction from defects in the conventional pure
metallic alloys. In conventional metallic alloys the lack-of-fusion defects were claimed
to be caused by the poor adhesion of layers or more commonly incomplete
penetration and melting of the powder layer. In most cases these defects can be
attributed to lack of energy input during the SLM process [59]. In the SLM-built
specimens, the lack-of-fusion defects are caused by intrinsic properties of the
composite materials.

Figure 5.19: Profile of the temperature at top of the sample during scanning of the laser at time t =
-1
1.12 ms. The parameters of the laser are power (P = 160 W) and scanning speed (v = 200 mm s ).
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Figure 5.20: Cross section of Cu20Sn7Ti10Dia composite by SLM. Diamond clusters in the blue dash
ellipses are adjacent to the big cavity.

5.5.2 Wetting
In general, diamond with covalent bond is not wettable by alloys with metallic bonds.
Therefore, a possibility to initiate wetting is to induce a chemical reaction like in
present study. Wetting of diamond particles by melt was assisted by reaction of Ti
and diamond to form TiC layer which can be wet by metallic melt (seen in Figure
5.14a-c). In other words, diamond remained in the parts can be firmly held by matrix,
as a result of the good wetting between the liquid alloy and the diamond. It has been
observed in the samples from single trach tests that some diamond particles partially
exposed to air, meaning partial wetting (seen in Figure 5.21). Since wetting is assisted
by chemical reaction, it is a time dependent process. Figure 5.22b shows the surface
of diamond particles where a lot of droplets were observed. From the results of EDX
measurement on these white dots, they should be enriched with Cu, Sn and
sometimes a few amount of Ti. The contact angle of the white dots reveals that the
particles wet diamond grain, which indicates the occurrence of the reaction of Ti with
diamond in this system. These dispersed droplets might be caused by dewetting
during solidification. Due to rapid cooling and heat extraction by diamond, the
reaction was incomplete, and therefore shrinkage of the melt into small particles
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occurred. Complete wetting can only occur when diamond particles are fully covered
by Ti carbide layer regardless of its thickness.
During the process, only the surface of diamond particle reacted with the melt. From
the single-molten track, it is observed that a lot of diamonds protrude out from the
melt track (Figure 5.21a), resulting in rough surface. These diamonds are partially
bonded to the matrix (Figure 5.21b). Due to the high thermal gradient and resultant
thermal stress, some of the diamond particles were fractured in the process (Figure
5.21c). Fracture of diamond during process (seen in Figure 5.21c) due to thermal
shock [160] could break the local equilibrium of surface tension, causing instability of
melt track to a certain degree (Figure 5.22a). Rough surface caused by the many
diamond particles sticking out of the melt pool have negative impact on the powder
recoating and accordingly part density. This explains the bumps observed during the
process and also on the top layer of SLM-built parts.

Figure 5.21: SE images of single track scanning: (a) diamond particles on the periphery of the melt
track, (b) wetting of diamond, (c) fractured diamond.

Diamond particles can be located at any positions of the melt pool, which is observed
in the etched specimen of 2 vol.% diamond seen in Figure 5.10a. During SLM process,
surface tension gradient in the melt pool results from the temperature gradient, and
it is driving force for melt flow, so called Marangoni effect. The melt flow could push
diamond to flow within melt pool. Amounts of partially wet diamond particles were
observed to be on the periphery of the track (seen in Figure 5.21a), indicating that
those particles were probably on the same location all the time. Due to the efficient
heat dissipation, these diamonds prevented melt from spreading towards sides.
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Figure 5.22: (a) Single laser track on the 17 layer; (b) amounts of small droplets on the surface of a
diamond particle located in the single laser track

5.5.3 Viscosity
The diamond-melt composite at a temperature above the liquidus point of matrix
alloy can be considered as liquid-solid suspension. In general, the addition of solid
particles into a fluid can result in an increased viscosity of the suspension [161–163].
Besides, the viscosity of suspension is proportional to the volume concentration of
solid particles while inversely proportional to the mean distance between solid
particles [161, 164]. Elevation of temperature could decrease the viscosity to some
extent if the volume fraction of solid particles is low. However, the viscosity keeps
constant no matter how high the temperature is if solid particle exceeds a critical
amount depending on particle properties [162]. It is reasonable to make the
assumption that composites with 10 and 20 vol.% diamond are far more viscous than
composite with diamond below 2 vol.%. High viscosity of the melt-diamond
suspension reduces the flow of melt and prevents the melt filling the voids among
particles, which weakens global Marrogoni effect and hinders the wetting of
preceding layer. Generally, balling effect is often attributed to the high scanning
speed and too long melt stream. In metal-diamond composites, instable laser tracks
are hardly eliminated by increasing energy input due to the high viscosity. Secondly,
diamond particles dissipate massive heat, causing hold-back melt flow.
Considering the simulation results in Figure 5.17b, the temperature gradient in the
melt becomes steeper and steeper as it approaches diamond particles. This tendency
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is more significant when the local distance among diamond particles is smaller since
heat dissipates fast via diamond. Obviously, melt at these regions might start to
solidify first and thus block the passages of melt flow, which prevent the voids under
diamond particles being filled by melt. Secondly, the temperature dependent
viscosity is much higher in the local regions next to diamond than in the melt without
diamond. Thus, diamond particles are poorly wet due to such insufficient mass
transport of melt.
All above factors can lead to the poor connectivity of laser tracks and resultant
defects in the as-built parts with high amount of diamond.
5.5.4 Influence of Ti coating on defect formation
The Ti coating modifies the surface property of diamond, which could influence the
physico-chemical reactions happening on the surface. As indicated by XRD results,
TiC already formed during the coating process. As the first step of reactive wetting,
this reaction layer is supposed to improve the wetting of diamond by melt during the
SLM process. Therefore, the Ti coating is assumed to contribute to improve wetting.
However, large amount of lack-of-fusion defects were still observed in the
microstructure. Since TiC has similar thermal conductivity to matrix alloy, thin
interlayer can not act as thermal barrier for retarding heat dissipation from melt to
diamond particles. These imply that defects are most likely to be caused by the large
difference in thermal conductivity and heat capacity between diamond and matrix
alloy.

5.6 Mechanical performance of metal-diamond composites
According to ASTM standard [165], compressive strength is defined as the maximum
stress at or before fracture for materials that fail in compression by crushing or
fracturing. In Figure 5.23, the correlations between engineering stress and normalized
displacement of upper compression head were plotted. The compressive strength
was averaged from at least 3 tested samples for each composite. Note that the actual
compressive strength of pure metal parts should be higher than the measured value
since all the parts did not break at the maximum load in the experiments. As a
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reference, it is sufficient to use the maximum strength obtained under constrain of
max. normalized displacement of 0.25. To compare the mechanical properties, Figure
5.24 shows the compressive strength of SLM-built parts with different amounts of
diamond particles. In general, the addition of superabrasive particles leads to the
reduction in compressive strengths of SLM-built MMCs. A significant decrease of the
compressive strength is observed when the fraction of diamond particles increases
from 2 vol.% to 5 vol.%. In contrast, the further increase of diamond concentration up
to 10 vol.% results in small amount of reduction in strength, less than 100 MPa. Slight
improvement of compressive strength of composites is achieved by using Ti coated
diamond.
As shown in Figure 5.24, the general tendency is that the addition of diamond
particles leads to the drop of compressive strength of MMCs. This could be mainly
explained by the density of the parts. Non-spherical porosity has negative effect on
abrasion performance [29]. For as-built matrix and composites with 2 vol.% diamond,
the parts are quite dense except for a few keyhole welding induced pores. Such low
amount of pores is not detrimental to compression since they can be closed under
compressive load. In contrast, all the other metal-diamond composites contain
different amounts of large defects. Those cavities with sharp edges can be parallel to
the loading direction, so tensile stress perpendicular to loading direction can be
localized at sharp edges resulting in propagation of the cavities. Therefore, metaldiamond composites with diamond fraction more than 5 vol.% are susceptible to
fracture even under unidirectional compressive loading. Using Ti coated diamond
slightly improved the compressive strength, which could be explained by slightly less
defects in the parts.
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Figure 5.23: Compression tests: engineering stress-normalized displacement curves of pure metal and
its composites with diamond. Normalized displacement is the division of displacement by initial height
of samples.

Figure 5.24: The compressive strength of pure metal and MMCs with different contents of diamond
particles built by SLM. Note that the compressive strength of pure Cu20Sn7Ti as a reference is the
maximum stress reached up to 1 mm displacement of upper compression head.
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5.7 Conclusions
In this chapter, as-built metal-diamond composites of different concentrations by
SLM were studied. The influence of coating on defect formation was addressed. It
leads to the following conclusions:
•

First of all, observation of Cu5.6Sn phase in SLM-built Cu20Sn7Tidiamond composites again verifies that rapid solidification studies
in previous chapter is valid for estimating the microstructure in
SLM-built parts. The microstructure in the matrix is closely similar
with that in rapid solidified spheres but much finer due to higher
cooling rates reached in the SLM process.

•

The interface characterizations by FIB/TEM reveal that diamond
particles are fully embedded in the matrix due to the formation of
reaction interlayers, i.e. TiC and dispersed (Cu) islands between TiC
and diamond. The same configuration of interface was observed in
brazed diamond tools of high shear strength, so good mechanical
properties of present interface are also expected. A thinner TiC
interlayer was obtained since the lifetime of the melt is much
shorter in the laser based process.

•

It is feasible to fabricate crack-free metal-diamond composites with
small amount of diamond and ineligible amount of TiC as reaction
product in the matrix. However, high amount of diamond regardless
of coating leads to the presence of lack-of-fusion defects. The
amount of defects is proportional to the diamond content. These
defects could be resulted from various factors. Steep temperature
gradients adjacent to diamond particles are caused by high thermal
conductivity and volumetric heat capacity of diamond. It could
result in early solidification of melt next to diamond particles and
thus blocking melt flow into the space below diamond particles.
Excessive amount of diamond particles added into composites
results in
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independent on temperature. Therefore, insufficient melt flow leads
to the poor connectivity between melt tracks and between layers.
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6 Selective laser melting of metal-cBN composites
Alternative to diamond, cBN as second hardest material is widely applied in the field
of tool industry. Although these two superabrasives have similar physicochemical
properties as stated in the section 2.1, cBN particles have much lower thermal
conductivity than diamond. This chapter focuses on understanding the consolidation
of metal-cBN composites as well as its similarities and difference with metal-diamond
composites.
Similar

to

metal-diamond

composites,

this chapter

starts with

the basic

characterization of powder and processing window survey in the section 6.1. The
cross section of the SLM-built metal-cBN parts was crack-free, which differs from the
metal-diamond composites with the same amount of superabrasives. Comprehensive
analysis on the interface between matrix and cBN were given in the section 6.2.
Additionally, this section highlights the possible causes to the difference in
processibility of metal-superabrasives composites by SLM. At the end, the mechanical
properties of metal-cBN parts were described in the section 6.3. A link between
properties and observed microstructure is established, which inspires optimization of
designing strategies.
This chapter describes the production, microstructural characterization and
mechanical performance of metal-cBN composites by SLM. It inspires further possible
researches on the correlation among material, microstructure and process, ultimately
aiming at product development. A draft of a publication from the following results is
in preparation.

6.1 SLM powders and process
Similar to Ti coated diamonds, virgin cBN powders were produced by fracturing large
cBN particles. The cBN particles from Element Six have the sizes ranging from 30 to
40 μm. They therefore have a blocky shape as shown in Figure 6.1. No large
elongated flakes were found in the powder bed.
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Figure 6.1: SE image of cBN powder

A broad range of parameters was selected for the fabrication of composites with 10
vol.% cBN particles designated as Cu20Sn7Ti10cBN (cf. Figure 6.2), which covered
volume energy density ranging from 110 to 280 J mm-3. The same set of parameters
were also used for fabrication of parts with 20 vol.% cBN grits. From visual
inspections (Figure 6.3), the top surfaces of samples tend to change from rough to
smooth as the scanning speed decreases at all laser powers. On smooth top surfaces,
the layer tracks are visible, indicative of good part quality for present system.
Furthermore, it was observed that the recoating proceeded smoothly as powders
were deposited on the flat layer, which is different from processing of
Cu20Sn7Ti10Dia composites.
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Figure 6.2: SLM processing parameters for Cu20Sn7Ti10cBN composites

Figure 6.3: SLM-built Cu20Sn7Ti10cBN composites
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6.2 Microstructure of SLM-built MMC with cBN
Figure 6.4a-c shows a cross section of the Cu20Sn7Ti10cBN composite (120 W, 160
mm s-1). Some intact cBN particles are remaining above surface and other cBN
particles were sectioned during metallurgical sample preparation (cf. Figure 6.4b and
c). However, the sizes of those intact cBN particles seem to be smaller than that of
original cBN powders, indicating partial dissolution. In dark regions as shown in
Figure 6.4c were enriched in B and N as measured by point EDX. Apart from small
amount of porosity, it is feasible to produce crack-free metal-cBN composites with 10
vol.% cBN by SLM. The bonding between laser tracks were well built, which
contributes to the good integrity of metal and superabrasive cBN particles. In
comparison, Figure 6.4d shows that SLM-built parts with 20 vol.% cBN grits have
rather porous microstructure. It suggests that the maximum quantity of cBN grits
embeddable into superabrasive tools lies between 10 and 20 vol% without
introducing large defects.

Figure 6.4: SE images of (a) the cross section of a SLM-built Cu20Sn7Ti10cBN composite; (b) a large
cBN particles remaining in the parts; (c) a sectioned cBN particle in (b);(d) the cross section of a SLM
processed Cu20Sn7Ti20cBN composite.
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An electron transparent lamella for STEM investigations was prepared using the FIB
lift out technique, similar to that used for the composites containing diamonds (cf.
chapter 5.4). Figure 6.5 shows the micrographs of the Cu20Sn7Ti10cBN composite
during and after the FIB preparation.
In Figure 6.5a it can be seen that the sectioned cBN particles were protected by the
deposited Pt layer. Since the milling rates for the cBN are significantly higher than the
matrix, only a small portion of cBN particle was sectioned in order to minimize
sample preparation time. After thinning, the 1 um thick lamella was lifted from the
sample with a nanomanipulator and then welded (with Ga deposited Pt) onto a Mo
grid Figure 6.5b. The cBN particle can be distinguished from the matrix by their
darker color which is the result different atomic weights. This lamella was then
characterized using STEM, of which the results are shown in Figure 6.6-Figure 6.11.
Figure 6.6 shows the distributions of elements in the cBN superabrasive grain, matrix
and interlayers. Cracks are observed in the superabrasive grain and appeared to have
been filled in by the metallic melt. The interface is enriched with B, N and Ti, mainly
due to a chemical reaction during solidification between Ti in the melt and the cBN
grain. It is worth mentioning that some islands enriched by Cu and Sn are sandwiched
between cBN particle and a Ti boron nitride layer. A similar phenomenon was
observed at the interface between diamond and matrix as well.
A variation of atomic concentration across the interface is shown by the STEM-EDX
line profile (taken from the white arrow region of in Figure 6.6 ) in Figure 6.7: The line
profile of elemental concentration along the white arrow in Figure 6.5. Note that the
quantification of low atomic number elements, i.e. B and N, can be prone to large
errors. The formation of a pronounced interlayer indicates good wetting and sound
bonding between the cBN and the matrix. The interlayer thickness was measured to
be in the range of 90 to 480 nm.
B and N concentrations decrease across the interface from the cBN particle to the
matrix. The interlayer is enriched with Ti, B and N but has a depletion of Cu and Sn. In
comparison, enrichment of Cu separates the matrix from the interlayer and cBN.
Inside the interlayer, fine needles containing different concentrations of B and N were
observed as displayed in Figure 6.8a. From the High Resolution (HR)-STEM image in
Figure 6.8b, it can be clearly seen that fine acicular grains exist in the interlayer. The
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FFT of the matrix in Figure 6.8 corresponds to that of the (-12-1) zone axis of TiN.
Region 2 in Figure 6.9 corresponds to region 2 in Figure 6.8. The EDX-STEM maps
show that the dark grain is enriched with B and depleted in N. Ti is homogeneously
distributed in the entire interlayer. Indexing of the FFT of region 2 was attempted by
using simulated diffraction patterns of TiB2, but no match was found. However, the
intensity of the spots does not fully matches with experimental results. All the other
boride candidates (TiB, Ti3B4, TiB2) do not match the FFT pattern.
The element distribution in the matrix is displayed in the STEM-EDX maps in Figure
6.10. Apart from B enrichment in the Ti borides, B is homogeneously distributed in
the matrix while N tends to segregate to the Ti enriched (Cu,Sn)3Ti5 intermetallic
phase. Similar to the needles in region 2 in Figure 6.8, indexing of the FFT pattern in
Figure 6.11 was not achieved. However, both particles belong to Ti borides. In the Ti
poor regions, two different phases are distinct from each other by the difference in Sn
content. As in the matrix, the (Cu) phase contains less Sn than Cu5.6Sn phase. The
borides observed in the matrix could be from the fracture of the interlayer, fracture or
partial dissolution of cBN particles.
As mentioned in section 6.2.1, two morphologies of cBN are observed in the polished
cross section: intact and sectioned particles. Intact particles seem to remain as cubic
since clear Kikuchi bands were observed in the STEM. On the contrary, no clear
Kikuchi pattern was observed in the fractured particles (cf. Figure 6.6). In Figure 6.12,
the HR TEM image shows the positions of atoms inside the cBN particles. By
employing FFT, orientation changes inside the sectioned cBN particle leading to rings
in the FTT pattern are observed. It is thus concluded that the sectioned cBN consists
of nano-sized crystals due to the partial degradation of cBN particles in the process.

Figure 6.5: SE micrographs of Cu20Sn7Ti10cBN composite: cBN containing region (a) and TEM lamella
(b).
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Figure 6.6: STEM-EDX maps of the particle, matrix and interface. The cBN particle is bonded to the
matrix by a Ti boron nitride interlayer. In the matrix, there are small particles of Ti borides. Chemical
analysis was performed using the B-K, N-K, Cu-K, Sn-L, and Ti-K lines. The white arrow highlights the
region of the line profile of Figure 6.7.

Figure 6.7: The line profile of elemental concentration along the white arrow in Figure 6.5. Chemical
analysis was performed using the B-K, N-K, Cu-K, Sn-L, and Ti-K lines.
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Figure 6.8: (a) ADF-STEM image of the particle, interface, and matrix. (lamella is below the white
dashed line); (b) HR ADF-STEM image of the interlayer highlighted by the dashed box in (a); (c) FFT of
region 1 in (b), [-112] as zone axis.

Figure 6.9: STEM-EDX maps of grains in the interface. Chemical analysis was performed with the Ti-K,
B-K, and N-K lines.
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Figure 6.10: STEM-EDX maps of grains in the matrix. Chemical analysis was performed with the Ti-K,
B-K, and N-K lines.

Figure 6.11: HR-STEM image of boride particle in the matrix (a). (b) is the FFT pattern of the particle.
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Figure 6.12: HR TEM image of cBN particle (a) and FFT pattern of the entire area (b).The red circle is
the 111 plane family from many small cBN grains.

Apart from (Cu) and (Cu,Sn)3Ti5, the metastable phase Cu5.6Sn appears in the final
microstructure of both composites built by SLM. This phase was also observed in the
rapid solidification experiments (cf. chapter 4.1.4). Sound bonds were formed due to
the reaction between the matrix and superabrasives. However, the TiN layer between
the matrix and the cBN grains tends to be significantly thicker than the TiC interlayer
(20-100 nm) found in the metal-diamond composites. It is further confirmed by
comparing the thickness of interlayers observed in the Figure 5.12c and Figure 6.5b.
Dispersed (Cu) islands were sandwiched between the interlayer and the cBN particles.
Furthermore, the TEM analysis of sectioned cBN displayed in Figure 6.4c show that
cBN experienced decomposition into nanocrystals. It is likely that the sectioned cBN
is the out shell of cBN particles. Such degradation was not observed on diamond
surface.
Evidently, Cu20Sn7Ti10cBN composites have less defects and higher density than
composites containing same fraction of diamond particles. Since the viscosity of a
melt-particle suspension mainly depends on the fraction, it is reasonable to assume
that the viscosity is comparable in both cases. However, the thermal conductivity of
cBN is approximately only half the thermal conductivity of diamond. As a result, the
heat dissipation in the vicinity of cBN particles is slower, which deliberates time for
the melt to fill into gaps, react with particles and wet them. Furthermore, it is very
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likely that the lifetime of melt adjacent to cBN superabrasives is longer than that next
to diamond particles. Thus there is sufficient time for mass transportation of melt to
cavities. In other words, the local viscosity is also improved by utilizing cBN rather
than diamond. Due to the thick reaction layer and presence of nano-crystalline cBN
on the surface of cBN, the dissipation of heat into the particles can be further
decreased. In addition, the partial dissolution of solid cBN particles could also
account for the crack free microstructure.
As described in section 5.5, defect formation was mainly caused by three factors: heat
distribution, viscosity and wetting. By comparing the microstructure of metal-cBN and
metal-diamond composites with the same amount of solid particles, concentration
dependence of global viscosity seems to be not the main cause of cavities. Instead,
particle properties have dominant effects on the presence of processing defects in
the SLM-built parts.

6.3 Mechanical properties of as-built MMCs
Figure 6.13 shows the compressive strength of the SLM-built parts with 10 vol.% cBN
as well as the compressive strength values of composites containing diamond
particles. It is obvious that for the same amount of reinforcement particles the
compressive strength of the metal-cBN composites is significantly higher than that of
the metal-diamond composites. It is even higher than that of composites with 5 vol.%
diamond but slightly lower than 2 vol.% diamond composite. As mentioned in
chapter 5, the mechanical performance is related to the defect density in the SLM
parts. Metal-cBN composites are free of large lack-of-fusion defects which were
observed in the metal-diamond parts with diamond concentration higher than 5
vol.%.
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Figure 6.13: The compressive strength of pure metal and MMCs with different contents of diamond
particles manufactured by SLM. Note that the compressive strength of pure Cu20Sn7Ti as a reference
is the maximum stress reached up to 1 mm displacement of upper compression head.

6.4 Conclusions
In this chapter, metal-cBN composites are fabricated by SLM and extensively
characterized by SEM and TEM. In summary:
•

Composites of a Cu20Sn7Ti alloy with 10 vol.% cBN particles have a wide SLM
processing window; they are free of large lack-of-fusion defects.

•

From the characterization of the interface between cBN and matrix, a reaction
layer consisting of TiN and fine acicular grains enriched with B were observed,
implying the formation of sound bonds. In the matrix, there exist fine Ti
borides while N mostly segregates to Ti enriched Ti borides and (Cu,Sn)3Ti5
intermetallic phase. Both intact crystalline and sectioned cBN particles are
observed. Free of large lack-of-fusion defects could be attributed to particle
properties and partial degradation.

•

The compressive strength of metal-cBN composites is superior to that of
metal-diamond composites due to less large cavities.
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In general, utilization of a cold fluid not only cools tools down but also reduces the
friction between a tool and a workpiece. It has been demonstrated that dry cutting
leads to less tribological irregularities as well as severer plastic deformation at the
cutting edge [166, 167]. A reduction of friction decreases the temperature of the tool
and thus increases its life [168]. In addition, use of a cooling media can reduce the
cutting force and energy consumption. However, the performance of tools can be
very dependent on the types of cooling fluids applied [168].
As mentioned in section 2.2, the big advantage of SLM is to build near net shape
parts with complex inner geometries. To demonstrate such possibilities, three
different concepts of prototypes with inner channels are presented in Figure 7.1a. For
superabrasives impregnated tools, these inner channels can be used as cooling or
lubricant channels. The left two designs could be options for tools which need open
channels to transport coolants or lubricants. The fluids can reduce the temperature of
both tools and workpieces. The design with closed channels on the right is for
cooling down only the tool itself. This design is preferred if the fluid is corrosive for
the workpiece. At the end, grinding pins of 3 different sizes were fabricated. Such
small grinding pins could be demanding in the dental industry for machining small
but hard components.
Figure 7.1b and c display the SLM-built grinding pins with 2 vol.% and 10 vol.%
diamond grits. Due to the thermal conditions on the edges of parts and resultant
sintering effect, the surface of as-built parts is rather rough. It is also evident that the
parts with 10 vol.% diamond have rougher and more irregular surface than those with
2 vol.% diamond. Note that in the present study unidirectional scanning strategy was
used. The optimization of processing parameters for surface finish was not within the
main scope of this study. Therefore, there is still work to be carried out for
commercial production of such grinding pins.
The cavities present in the composites with a high amount of diamond particles, e.g.
10 vol.%, are detrimental for the application under tension. However, they could
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improve the grinding efficiency of advanced tools since such empty spaces facilitate
the chip removal and thus a reduction of the additional wear of diamond grits. From
this aspect, a certain amount of cavities in SLM parts with diamond amounts higher
than 2 vol.% could be beneficial for grinding tools. Furthermore, since sharp edges
signify efficient material removal, fracture of diamond during SLM has positive effect,
i.e. self-sharpening.
Compared with diamond grits, cBN grits are more promising for making grinding
pins. The results shown in chapter 6 imply that it is rather promising to impregnate
high amount of cBN grits into SLM parts, at least 10 vol.%.

Figure 7.1: (a) A sketch of grinding pins with different designs of inner cavities. Arrows indicate the
fluid flow directions, red for in and black for out. SLM built grinding pins with 2 vol.% (b) and 10 vol.%
(c) diamond. The pins have 3 different sizes.

118

8 Summaries and Outlooks
The present work successfully completes the loop of alloy development for metalsuperabrasives composites by SLM. By consideration of the requirements for alloy
applications, fundamental criteria were firstly assigned to select testing alloys. To
rapidly screen alloys, rapid solidification experiments were carried out to investigate
the correlation among microstructure, cooling rates and alloy chemistry. Accordingly,
an in-house designed alloy was applied to the fabrication of metal-superabrasives
composites. In turn, the gained understandings on the consolidation of composites
during the SLM process give feedback to refine criteria for alloy selection. All these
studies lead to the following conclusions and outlooks.
1). Out-of-equilibrium microstructure under rapid solidification
Since the effect of a broad spectrum of cooling rates on the phase and
microstructure formation is primarily covered in this study, it allows the
selection of alloys suitable for various laser-beam based processes with
differences in cooling rates.
In the Cu-Sn binary system, the metastable Cu5.6Sn phase is transformed
from a high temperature phase in the compositional range of interest.
Furthermore, β and ϒ are selected as primary phases in the 20% and 30%
Sn alloys since they are thermodynamically feasible in the partitionless
solidification at each composition. In addition, different microstructural
morphologies varying from primary α dendrites to coarse columnar β/ϒ
grains develop with an increasing Sn content. By adding Ti, the ternary
(Cu,Sn)3Ti5 compound forms without decomposition into other ternary
compounds since the rapid cooling hinders the diffusion of solutes in the
solid. Additionally, the increase of Ti content increases the fractions of
(Cu,Sn)3Ti5 and α phases but decreases the amount of Cu5.6Sn phase due
to the fact that a negligible amount of Ti can be dissolved in the α phase.
The cooling rates mainly influence the phase formation of Cu-Sn binary
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alloys. In general, intermetallic compounds such as Cu5.6Sn and (Cu,Sn)3Ti5
are more brittle than a solid solution like α-(Cu). The material undergoes
high residual stress in the SLM process. Therefore, phase fraction
dependent on the cooling rates and compositions can be a new criterion
for alloy selection to minimize the risk of cracking during the SLM process.
In Ni-Cr-Si ternary system, rapid cooling results in the occurrence of
anomalous eutectic structures due to decoupled growth rats of different
phases at high cooling rates. Phase formation is dependent on cooling
rates, π-Cr3Ni5Si2 at the low cooling rate and τ-Cr6Ni16Si7 at the high
cooling rate. Two high temperature eutectic reactions were confirmed by
in-situ synchrotron experiments, i.e. L → (Ni) + γ-Ni31Si12 and L → (Ni) + τCr6Ni16Si7., which are distinct from the reactions in the phase diagrams.
However, it is still unclear if τ-Cr6Ni16Si7 decomposes into π-Cr3Ni5Si2
phase at lower cooling rate. Therefore, in-situ synchrotron experiments
with larger spheres at a high-energy beamline will be interesting for future
work. It allows disclosure of the formation of π-Cr3Ni5Si2 phase and the
underlying phase transition mechanisms. Furthermore, the hardness of NiCr-Si alloys can be significantly improved by microstructural refinement by
forming eutectic structures. Wear resistance tests will be useful for
studying the performance of the silicide-hardened NiCrSi laser coating.
2). Metal-superabrasives composites by SLM
By

observation

of

the

similar

microstructure

and

comparable

microhardness in RS spheres and SLM-built specimens, rapid solidification
experiments were verified to enable the prediction of end microstructure
in the parts manufactured by SLM.
Diamond particles can be well embedded in the matrix by formation of
reaction layers consisting of Ti carbide and dispersed (Cu) islands. The Ti
carbide layer has a thickness between 20 and 100 nm. At the interface
between BN and matrix, the reaction layer consists of a few Ti boride
needles in the TiN. The interlayer thickness varies from 90 to 480 nm,
coarser than TiC interlayer.
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The increase of diamond fraction leads to the severer defect formation in
composites. Presence of diamond leads to steep temperature gradient due
to its high thermal conductivity and volumetric heat capacity at elevated
temperature. The temperature gradient is inversely proportional to the
distance among diamond particles, which depends on the volume fraction
of solid particles. Steep temperature gradient close to diamond particles
results in the earlier solidification than regions without diamond, blocking
the passage of melt flow. Accordingly, the low local viscosity hinders the
melt flow. Therefore, cavities in the as-built parts originated from poor
bonding between neighboring tracks. In comparison to metal-diamond
composites, SLM-built metal-cBN composites with the same amount of
grits showed much denser microstructure free of lack-of-fusion defects.
Mainly thermophysical properties of the grits affect the defect level in the
as-built composites. Compressive strength of as-built parts is improved by
decreasing defects. Utilization of cBN rather than diamond could be a
promising solution for implementation of SLM into production chain. It
inspires more work in the future. First of all, studies towards higher fraction
of cBN grits could be carried out in the future. Secondly, since degradation
of the shell of cBN particles seems to occur during SLM process, precoating can be considered to protect cBN particles from heat and chemical
erosion during the process.
Regardless of defects in the as-built composites, it is still interesting to test
tool life of SLM-built parts. These cavities are unnecessarily only
detrimental since spaces close to superabrasive grains could enhance
grinding efficiency by reduction of chips accumulated next to grains. Due
to the complicated stress states in grinding, understanding of the failure of
tools under service conditions enables more specific evaluation of
obtained microstructure. As a result, more clear specifications can be put
forward for alloy development and optimization of processing parameters.
Usually, larger laser spot size is used in DMD process and heat is
distributed in a larger area. It is worthy to trying DMD process for
especially metal-diamond composites. Alternatively, metal-superabrasives
composites can be applied for laser coating.
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3). Alloy design strategies and process optimization
The challenge encountered in manufacturing metal-diamond composites
lies on the dominant heat extraction by diamond grits. This is determined
by the thermophysical properties of superabrasive grains. Certain surface
modifications of grits could be utilized, e.g. thicker coating layer with Ni or
double layers with Ti and Ni. Besides, it is not recommended to use
present base alloy for large parts since the fraction of brittle phases is not
optimal. The residual stress would lead to cracking during the building
process. More ductile microstructure which contains less Sn and Ti should
be reconsidered for components of larger dimension.
In the present study, the heat distribution in the solidification period is
simulated with simple model where fluid dynamics were excluded. In
addition, the absorptivity of IR laser by diamond was assumed to be the
same as that by matrix alloy. More precise measurements need to be
conducted by employing e.g. double integrating sphere. It has significance
in understanding the interaction between laser and powder mixture.
Experimental data of temperature distribution in the melt pool can not
only help understanding of the consolidation but also further improve the
FE model. Melt pool monitoring with spectroscopic observation of plasma
plume could be an appropriate approach to get information on energy
distribution during SLM. The underlying theory is that the wavelength of
the ionized plasma in the plume is characteristic for electron arrangement
of atoms. By comparing the spectrum of melt pool with and without plume
by varying laser power, the temperature of the melt pool could be
estimated. Alternatively, the temperature of melt could be also monitored
by two color pyrometer. As a result, the influence of the diamond particles
on the melt pool temperature could be disclosed.
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