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Io stimo più il trovar un vero
benché di cosa leggiera
che ’l disputar lungamente delle massime questioni
senza conseguir verità nissuna.
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Preface

Summary
The ever growing number of portable electronic devices, such as mobile phones or
laptops, results in a heavy demand for reliable and long-lasting energy sources. Miniaturised solid oxide fuel cell (µ-SOFC) systems represent a promising replacement for
batteries and other fuel cell types due to their expected low operating temperature
(T =350-600 ◦ C), high energy density and the possibility of immediate re-charging. At
the core of µ-SOFCs there is the membrane, made of three elements: anode, electrolyte
and cathode with total thickness of 1µm. Even though the fuel cell technology encountered an intense development, there are still several material and technological problems
which have to be solved. Among these of particular importance are the availability of
a thin, gas-tight and highly oxygen ion conductive electrolyte films and of a cathode
element with high ionic and electronic conductivities and excellent oxygen reduction
catalytic properties. In this regard, 8 mol% yttria-stabilised zirconia (8 mol%-YSZ),
as one of the best ionic conductor at high temperatures (700-1000 ◦ C), is a primary
candidate as electrolyte membrane in the µ-SOFC system. However, the existing Sibased micro fabrication, at the base of the µ-SOFC production, is not compatible with
conventional high temperature ceramic processing.
This work presents a study on the grain growth kinetics, nanocrystalline microstructure, thermal stability and electrical conductivity of 8 mol%-YSZ thin films deposited
by RF-sputtering at low temperature. A post deposition thermal treatment is then
employed in order to investigate the microstructural changes (Chapter 2) and their
correlation with the electrical transport properties (Chapter 3). The results presented
in work show that the as-deposited thin films are characterised by a biphasic microstructure consisting of small crystallites with average size ∼5 nm dispersed in an
amorphous matrix. The microstructure of the as-deposited thin films is stable up to 800
◦
C. The thin films annealed at such temperature present a microstructure very similar
to the as-deposited state with a highly strained nanocrystalline phase in equilibrium
with an amorphous phase of the same composition. Subsequent thermal annealing, at
temperatures from 800 ◦ C to 1100 ◦ C, results in a dense nanocrystalline microstructure with average grain size from 20 to 55 nm. The grain growth kinetic during the
isothermal annealing can be described by a ‘stagnating’ grain growth characterised by
an activation energy of 2.1 eV typical of a grain boundary diffusion process. Chapter
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3 presents investigations on the electrical conductivity of 8 mol%-YSZ thin films dependence on the microstructure. In agreement with literature, it is observed that the
transport properties of the deposited thin films improve with the lattice order. However, already the conductivity of as-deposited samples, the lowest within the measured
data set, approaches the value of 10−4 S/cm which can be considered a minimum value
for application of 200 nm thick 8 mol%-YSZ thin films in µ-SOFCs. A correlation of
the conductivity properties with the microstructural characteristics of the thin films,
namely the average grain size and the microstrain, shows a decrease of the electrical
conductivity with decreasing grain size. Such finding is in agreement with space charge
models predicting a blocking nature of grain boundaries in 8 mol%-YSZ. Conversely,
the conductivity of samples annealed at high temperature presents a direct proportionality with microstrain. Such effect could be the result of a balance between the
crystallinity, which provides an estimate for the lattice order, and the microstrain, providing, broadly speaking, an estimate for the defects density within the lattice.
The second part of this work deals with the study of LnBaCo2 O5.5+δ with (Ln=Pr, Sm,
Tb) and -0.5≤δ≤0.5 as potential cathode materials for µ-SOFC. Chapter 5 focuses on
a study of the oxygen nonstoichiometry in LnBaCo2 O5.5+δ by thermogravimetry and a
defect model is discussed. The model allows the calculation of the point defect concentration as a function of nonstoichiometry index δ at different temperatures and oxygen
partial pressures. Further, it is shown that according to this model also the equilibrium
constants for oxidation/reduction reactions can be determined, these are true equilibrium constants, that do not depend on the oxygen stoichiometry and oxygen partial
pressure.
The effect of the oxygen nonstoichiometry on some relevant physical properties of the
LnBaCo2 O5.5+δ system are discussed in Chapter 6. Depending on the oxygen content,
the crystal structure of LnBaCo2 O5.5+δ can be tetragonal or orthorhombic, with the
latter generally observed when the oxygen stoichiometry index is in the range 5.3–5.7.
This Chapter presents also the measurement of the oxygen diffusion in PrBaCo2 O5.75
samples by two different methods: oxygen isotope exchange coupled with depth profiling and thermogravimetric isotope back-exchange measurements. A comparison between the two approaches shows that the thermogravimetric approach represents a
valuable alternative to the depth profiling, particularly when the stringent sample
quality requirements of a depth profiling experiment can not be reliably fulfilled. The
diffusivity D∗ =3.68×10−11 cm2 /s obtained at the highest temperature of the data set
(T =340 ◦ C) is consistent with reference literature data whereas at lower temperatures
a comparison with literature would indicate a slight overestimation of the diffusion
coefficients. A possible reason can be attributed to limitations of the assumed mathematical model requiring a close comparability between the D∗ /k ∗ ratio and the grain
size, which, in principle cannot be guaranteed.
Finally, the electrical conductivity data of LnBaCo2 O5.5+δ (Ln=Pr,Sm,Tb) in air and
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Ar atmospheres are presented. In agreement with Differential Scanning Calorimetry results, a metal-insulator transition and a high temperature order-disorder transition are observed. The first appears in SmBaCo2 O5.5+δ , TbBaCo2 O5.5+δ and reduced
PrBaCo2 O5.5+δ , while the latter manifests itself as a large hysteresis loop which prevents the heating and cooling ramps to overlap. The partial reduction of the metaloxygen-metal chains, resulting in the creation of oxygen vacancies, is at the origin
of the observed lower conductivity of PrBaCo2 O5.5+δ in Ar than in air. Remarkably,
such effect can be predicted by the defect model discussed in Chaper 5 of this work.
In general, all the three compositions LnBaCo2 O5.5+δ (Ln=Pr,Sm,Tb) present rather
high conductivities, in particular the air-measured conductivity of PrBaCo2 O5.5+δ is
well above the value of 100 S/cm required for application in µ-SOFCs.
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Sommario
La rapida e crescente diffusione dell’elettronica portatile in corso alimenta la domanda
di durevoli e affidabili sorgenti di energia compatibili con le caratteristiche dei dispositivi elettronici e con il modo in cui questi possono essere utilizzati. A questo riguardo,
le celle a combustibile ad ossido solido miniaturizzate (µ-SOFC) rappresentano uno dei
più promettenti sistemi candidati a sostituire le batterie e le celle a combustibile ad
ossido solido attualmente in uso, in forza della loro bassa temperatura di esercizio della
possibilità di ricarica immediata.
L’elemento attivo delle µ-SOFC è costituito dalla membrana, che consiste di tre componenti: anodo, elettrolita e catodo, il cui spessore totale è di circa 1 µm. Sebbene negli
ultimi anni le celle a combustibile siano andate incontro ad un intenso sviluppo, diversi
problemi sia tecnici che connessi alle proprietà dei materiali utilizzati devono ancora
essere risolti. Tra i più importanti c’è la disponibilità di un elemento elettrolita sottile,
compatto e altamente conduttivo, e di un catodo con alta conducibilità e con ottime
capacità catalitiche. In relazione a questo, la zirconia stabilizzata con ossido di ittrio
al 8% molare (8 mol%-YSZ), uno dei migliori conduttori ionici ad alta temperatura,
rappresenta uno dei possibili elementi elettroliti per le µ-SOFC. Tuttavia, la tecnica di
fabbricazione delle µ-SOFC, basata sull’impiego di wafer di silicio, è incompatibile con
le convenzionali tecniche di sintesi ad alta temperatura dei materiali ceramici.
Questo lavoro presenta uno studio sulla cinetica di cristallizzazione, microstruttura,
stabilità termica e proprietà conduttive di film sottili di 8 mol%-YSZ depositati mediante sputtering a radiofrequenza a bassa temperatura. Nel Capitolo 2 viene presentato
uno studio delle trasformazioni microstrutturali nei film sottili indotte mediante un
trattamento termico post-deposizione. I risultati ottenuti mostrano che i campioni depositati e non trattati termicamente presentano una microstruttura bifasica costituita
da cristallini di diametro ∼5 nm dispersi in una matrice amorfa. Questa microstruttura,
sottoposta a trattamento termico, risulta stabile fino ad una temperatura di circa 800
◦
C. I campioni riscaldati a questa temperatura presentano caratteristiche microstrutturali simili rispetto ai campioni non riscaldati in cui la componente nanocristallina
è caratterizzata da uno stato di microtensione residua elevato e in equilibrio con una
componente amorfa della stessa composizione. Il trattamento termico a temperatura
compresa tra 800 ◦ C e 1100 ◦ C produce una microstruttura densa e nanocristallina con
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dimensioni medie di grano da 20 a 50 nm. La cinetica di crescita isoterma del grano
cristallino può essere descritta con una legge di tipo asintotico in cui la crescita del
grano viene detta “auto-bloccante”, caratterizzata da una energia di attivazione di 2.1
eV, tipica dei processi di diffusivi al bordo di grano. Il Capitolo 3 presenta uno studio
della correlazione tra alcune caratteristiche microstrutturali, quali la grandezza di grano e la microtensione residua, con le proprietà di conducibilità elettrica. In generale,
nei campioni misurati si osserva che, in accordo con i dati di letteratura, le proprietà di
trasporto migliorano al migliorare dell’ordine cristallino controllato attraverso il trattamento termico post-deposizione. Tuttavia, i campioni non trattati termicamente già
presentano valori di conduttività prossimi a 10−4 S/cm, che per film di 8 mol%-YSZ
con spessore di 200 nm costituisce un criterio minimo per l’applicazione ai sistemi µSOFC. Nei campioni misurati si osserva inoltre che la conducibilità elettrica diminuisce
al diminuire della grandezza di grano. Questo risultato è in accordo con il modello di
spazio di carica secondo cui il bordo di grano nella 8 mol%-YSZ ha una azione bloccante
rispetto al trasporto di carica elettrica. Al contrario, la conduttività elettrica misurata
nei campioni di 8 mol%-YSZ trattati termicamente ad alta temperatura mostra una
proporzionalità diretta rispetto alla microtensione residua. Questo effetto potrebbe
essere spiegato ipotizzando che sia il risultato di un bilancio tra la cristallinità, che
fornisce una stima dell’ordinamento cristallino, e la microtensione residua che fornisce,
in senso lato, una stima della concentrazione di difetti all’interno del reticolo.
La seconda parte di questo lavoro tratta lo studio del sistema LnBaCo2 O5.5+δ , dove
(Ln=Pr, Sm, Tb) e -0.5 ≤ δ ≤0.5, dal punto di vista di una potenziale catodo nelle
µ-SOFC. Il Capitolo 5 è dedicato alla misura della stechiometria dell’ossigeno nel sistema LnBaCo2 O5.5+δ mediante termogravimetria. Viene inoltre introdotto e discusso
un modello difettuale che permette di calcolare la concentrazione dei difetti puntuali
in funzione dell’indice di stechiometria δ per diversi valori della temperatura e della
pressione parziale dell’ossigeno. Viene infine mostrato che con tale modello è possibile determinare anche le costanti di ossidazione/riduzione, queste sono vere costanti
di equilibrio in quanto non dipendono dalla stechiometria e dalla pressione parziale
dell’ossigeno.
Infine nel Capitolo 6 viene discusso l’effetto della stechiometria dell’ossigeno su alcune
proprietà fisiche del sistema LnBaCo2 O5.5+δ (Ln=Pr, Sm, Tb). Viene mostrato che la
struttura cristallografica del LnBaCo2 O5.5+δ presenta una simmetria tetragonale in cui
si osserva una distorsione ortorombica per valori dell’indice di stechiometria dell’ossigeno compresi tra 5.3 e 5.7.
Viene anche mostrato uno studio sulla misura della diffusività nel sistema PrBaCo2 O5.75
mediante due diverse tecniche: lo scambio isotopico accoppiato con la scansione di profondità e la termogravimetria. Da un confronto dei risultati ottenuti con le due tecniche
è stato possibile concludere che la termogravimetria rappresenta una valida alternativa
alla scansione di profondità specialmente quando i requisiti sulla qualità del campione
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imposti da quest’ultima non possono essere pienamente soddisfatti. Alla temperatura
di (T =340 ◦ C), il più alto della sequenza misurata, è stato ottenuto un valore di diffusività D∗ =3.68×10−11 cm2 /s, risultato in accordo con la letteratura. Diversamente,
alle temperature più basse un confronto con la letteratura indica una tendenza alla sovrastima del valore di D∗ . Una possibile spiegazione potrebbe essere nel fatto che non
in tutti casi il limite di applicabilità del modello usato, secondo cui il rapporto D∗ /k ∗
dovrebbe essere confrontabile con la grandezza del grano cristallino, è stato soddisfatto.
Alla fine del Capitolo vengono discussi i dati di conducibilità elettrica del LnBaCo2 O5.5+δ
(Ln=Pr, Sm, Tb) misurati in atmosfere controllate di aria e Ar. In accordo con i
risultati ottenuti da misure di calorimetria, sono stati osservate due tipi di transizione: una metallo-isolante e una ordine-disordine. La prima avviene nei campioni di
SmBaCo2 O5.5+δ , TbBaCo2 O5.5+δ e nel PrBaCo2 O5.5+δ parzialmente ridotto, mentre la
seconda si manifesta come un largo ciclo di isteresi che impedisce anche una completa
sovrapposizione delle rampe di riscaldamento e raffreddamento delle curve di conduttività. È stata inoltre misurata una conduttività più bassa nelle misure condotte in
atmosfera di Ar rispetto a quelle condotte in aria. Questo fatto si spiega ipotizzando
una parziale riduzione delle catene metallo-ossigeno-metallo, che induce la creazione di
vacanze di ossigeno. Questo effetto può essere predetto dal modello difettuale introdotto nel Capitolo 5 di questo lavoro. In generale, tutte e tre le diverse composizioni
presentano valori di conduttività elevati, in particolare per il PrBaCo2 O5.5+δ sono stati
misurati valori di conduttività ben al di sopra dei 100 S/cm richiesti per l’applicazione
ai sistemi µ-SOFC.
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Introduction
Micro solid oxide fuel cells
A fuel cell is an electrochemical device that can convert chemical energy of a fuel and
an oxidant into heat and electricity. Although the idea of such device was already
presented in 1839 [1], nowadays it founds a renaissance as alternative power delivering
system in front of new requirements of energy shortage, electronics miniaturisation
and access to energy sources using portable instruments. Even though the fuel cell
technology is intensively developed over last 20 years there are still many material and
technological problems which have to be solved.
Different types of fuel cells have been so far realised which can be categorised into five
main groups, as presented in Table 1. In general, fuel cells offer the advantage of low
noise operation with significantly lower SO2 , NOx and hydrocarbon pollutant emissions
and of a more efficient use of fossil fuels (ηel up to 60%, see Table 1) with lower CO2
emissions in respect with combustive power generation (ηel ∼30%) [2].
Fuel cell type
Alkaline fuel cell
(AFC)
Polymer electrolyte
fuel cell (PFC)
Phosphoric acid
fuel cell (PAFC)
Molten carbonate
fuel cell (MCFC)
Solid oxide
fuel cell (SOFC)

Electrolyte

Electrodes

T [◦ C]

ηel [%]

30% KOHaq

C/Pt

70-90

50

H conducting
polymer membrane

C/Pt

80

40-50

H3 PO4 in SiC matrix

C/Pt

200

40

Li-K-carbonate melt
in ceramic matrix

Ni/NiO

650

45-55

Ni-cermets/
perovskite-type oxides

800-1000

50-60

+

−

O2 conductive ceramic

Table 1: Major types of fuel cells and their characteristics (adapted from [3]).
However, up to now, each type of fuel cell presents drawbacks in terms of manufacturing
and materials costs which amount to about three times the costs of a combustion engine
as well as of lifetime.
Among the others the solid oxide fuel cell type, due to the solid electrolyte, allows a
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variety of designs of the electrochemically active part ranging from tubular designs to
planar-like configurations thus being potentially valuable for any kind of applications.
A solid oxide fuel cell (SOFC) is an electrochemical cell consisting of a cathode, an
anode and an electrolyte. A simplified sketch of the device and its working principle
is shown in Figure 1. The O2− ions are produced at the cathode by the reduction

O2
O2 + 4e- ! 2O2cathode
electrolyte

O2-

anode
2H2 +

2O2- !

H2

2H2O +

4e-

e-

H2O

Figure 1: Scheme of the operating principle of a SOFC.
of the oxygen from the air. The oxygen ions are transported within the solid oxide
electrolyte to the anode, where the fuel (e.g. hydrogen) is oxidised in reaction with
oxygen ions to form water. By this reaction electrons are freed and can flow along an
external circuit into the cathode (where reduction of oxygen to O2− takes place); the
cell is, therefore, producing an electrical current. The driving force for the migration
of O2− ions is the oxygen chemical potential difference between the anode (low) and
cathode (high). According to Nernst’s equation an electromotive force E (also called
open circuit voltage (OCV )):
E = OCV = E 0 +

p2 pO
RT
· ln H22 2
4F
pH 2 O

(1)

is produced. In eq.(1) R denotes the gas constant, T is the absolute temperature and F
is the Faraday’s constant. In the logarithm term pO2 is the oxygen partial pressure at
the cathode, pH2 that of the hydrogen fuel and pH2 O the partial pressure values of water,
respectively, while E 0 is the standard reaction potential of the H2 oxidation.Since the
conduction of oxygen ions in the solid electrolyte is a thermally activated process, the
operating temperature of a SOFC ranges between 800 and 1000 ◦ C and voltages of
0.92-1.09 V result for typical values of pO2 , cathode: 0.21 atm and pO2 , anode: 10−18
atm. Conventional solid oxide fuel cell (SOFC) systems are designed for industrial

xv
stationary applications in high power range, i.e. from several 100 kW to the MW
region.
The voltage provided by a SOFC corresponds to the open circuit voltage (OCV ) given
by eq.(1) in equilibrium conditions. Once an external load is applied to the SOFC, the
effective cell voltage U drops below E and becomes a function of the current density j
flowing through the cell. The total voltage drop is composed of the ohmic loss and the
losses due to finite rates of the electrode reactions. Such losses reduce the cell voltage
under load to:
X
U = E − iR −
ηx
(2)
One of the main problems of a SOFC is the ageing of the components during a long
term operation. At the high temperatures (800 - 1000 ◦ C) normally employed to assure a high power output of the device, the microstructure of the ceramic components
can change due to grain coarsening, interface reactions (i.e. formation of secondary
phases [4–6]) or packaging and sealing issues [7] resulting in a decreased efficiency.
Thus, a reduction of the operating temperature down to 350 - 700 ◦ C represents a
promising solution for the technological problems of SOFCs, while maintaining the
benefits of the SOFC concept [8]. However, the major drawback of this approach consists on the fact that the charge transfer and mass transport processes at the basis of
the SOFC operation are thermally activated. Accordingly, a decrease of the operating
temperatures involves an increase of the internal cell resistance and a drastic decrease
of the cell performance. The attempt to compensate the reduced thermal activation
at low operating temperatures by lower internal losses poses one of the biggest challenges in current SOFC research. The ohmic loss is mainly associated with the ionic
conduction through the electrolyte and can be decreased both by a reduction of the
electrolyte thickness [9] and the application of more conductive electrolyte materials.
In this regard scandium doped ceria, Bi2 O3 -based materials or the lanthanum gallate La0.9 Sr0.1 Ga0.8 Mg0.2 O3−δ are under discussion [10–12]. Unfortunately, high oxide
ion conductivities are frequently accompanied by a reduced stability at the operation
conditions of SOFCs. Further, at low operating temperature, the contribution of the
cathode to the total resistance of the cell becomes large because of the high activation
energy associated to the oxygen reduction reaction and to the oxygen diffusion, thereby
a special emphasis should be paid to materials with higher oxygen diffusion, electrical
conductivity and catalytic properties at low temperatures [10–14].
In the last few years the growing demand for reliable and long-lasting power sources
for portable electronic devices like notebooks or mobile phones [15] stimulated the development of miniaturised fuel cells. To date, polymer electrolyte and direct methanol
fuel cells have been predominantly considered for the application to the small scale,
resulting in numerous concepts and prototypes [16]. The development of small scaleSOFCs (or micro solid oxide fuel cells (µ-SOFC)) is in comparison at its early stage
[17, 18]. This is mainly due to the fact that the elevated operation temperatures still

xvi

Introduction

represent an obstacle for the system engineering. On the other hand, however, as a
solid state device the SOFC system is particularly compatible with the established silicon micro fabrication techniques. As a consequence, the development of micro SOFC
systems, operating with high energy density liquid hydrocarbon fuels and promising
very high energy densities output (Figure 2), attracted an increasing interest and obtained remarkable progresses [19]. Currently different designs for micro SOFCs exists,

Figure 2: Energy density (per volume of device) vs. specific energy (per mass of device)
of several portable energy sources. (*) indicates estimated values, due to ongoing
development of the technology. Adapted from [20, 21].
ranging from tubular, single chamber and planar [19]. Among these the latter distinguishes itself as it includes a micro fabrication process, thus it does not represent a
mere replica of existing SOFCs on a smaller scale. In contrast to conventional SOFC
stacks, micro SOFCs are fabricated by sequential deposition of thin film layers of each
membrane element on a micro-structurable substrate material. In this approach, each
fabrication process should not damage the substrate or the already fabricated layers,
e.g. by exposure to the high temperatures associated with the conventional processing
of ceramic materials. Instead of screen-printing and sintering, the deposition of thin
films is used in order to produce layers with thicknesses ranging from 50 nm to a few
microns. The existing micro SOFCs can be divided according to different substrate
type used for their fabrication: such as silicon [22–27], nickel [28] or Foturan R [29]. The
advantage of Foturan R glass ceramics over Si wafers is its electrical insulation. There-
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fore, deposition of the functional thin films can be done directly on the substrate. In
the case of silicon, in fact, despite it represents the standard material in the semiconductor industry, due to its semiconducting properties an insulating layer needs to be
deposited on the Si wafer before the micro-SOFC thin film deposition to avoid shortcircuiting. In the planar micro SOFC design the mechanical properties and stability of
the membrane elements in contact with the micro-structurable substrate is of crucial
importance. Figure 3 shows a schematic cross section view of a Foturan R −based micro
SOFC [17].

cathode current
collector

anode
current
collector

cathode
electrolyte

1 µm

anode
microstructurable
substrate

Figure 3: Scheme of a Foturan R based micro SOFC [17].
The first silicon wafer based micro SOFC was fabricated by Jankowski et al. [30],
who produced 2 x 2 mm2 free-standing membranes consisting of a 0.5 µm thick Ni
anode, a 1.2 µm thick YSZ electrolyte, and a 0.8 µm thick silver cathode by sputtering, photolithography, and etching. At 600 ◦ C the measured OCV was 1.0 V and
the power density was 145 mW/cm2 . Later, higher electrochemical performances were
obtained using ultra-thin YSZ electrolytes (t <150 nm) fabricated by atomic layer
deposition (ALD), sputtering, photolithography, and etching [22, 23]. The fabricated
micro SOFCs showed power densities of: 270 mW/cm2 with ALD-deposited electrolyte
and 200 mW/cm2 with the sputtering-deposited electrolyte; at a temperature as low
as of 350 ◦ C with porous Pt electrodes. Micro SOFCs supported by a Ni foil were
realised by Chen et al. [31] depositing a 2 µm thick YSZ electrolyte and a porous
La0.5 Sr0.5 CoO3−δ cathode. The Ni-foil substrate was patterned photolithographically
to provide pores with diameter 70 µm in order to provide access to the gas on the
anode side. The cell had stable operation in the temperature range of 480-570 ◦ C with
a maximum power density of 110 mW/cm2 . A simpler approach was used by Joo et al.
[28] who reported the fabrication of a porous thin Ni support (t < 25 µm, diameter: 7
mm) avoiding lithography or etching processes but using the screen printing of a NiO
film followed by a reduction. On such a substrate a 3 µm thick CGO electrolyte and a
porous 1 µm La0.5 Sr0.5 CoO3−δ cathode were deposited. The cell yielded an OCV value
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of 0.64 V and a maximum power density of 26 mW/cm2 at 450 ◦ C. Foturan R based
micro SOFC were first reported by the group at ETH Zurich [29]. Foturan R is a photostructurable glass ceramic characterised by a thermal expansion coefficients of 8.6·10−6
K−1 in the glassy and 10.5·10−6 K−1 in the crystalline state, values that are close to
those of the membrane layer materials. The micro SOFCs were made of free-standing
membranes (200 µm diameter) with a bi-layer consisting of a 1 µm thin YSZ electrolyte
deposited by pulsed laser deposition and spray pyrolysis and porous Pt electrodes deposited by sputtering. The cell reached an OCV of 1.06 V and a maximum power
output of 152 mW/cm2 at 550 ◦ C [29].

Materials for micro-SOFCs
In order to provide the SOFC’s functionality along with, possibly, its best performances
some essential characteristics in terms of the materials’ microstructure and physical
properties of the membrane’s components must be met. In the following a description
of state of the art materials of choice as micro SOFC components will be presented.
Additionally, an emphasis on the materials investigated in this work will be given.

Anode
The anode material has to be porous, so that the surface area available for the oxidation
reaction will be maximised, and electrically conductive (σ > 100 S/cm). Additionally
it must be stable under the reducing conditions on the fuel side of the cell and provide
a high catalytic activity for the oxidation of the fuel. Such characteristics are typically
met by only few metals. At the high operating temperature suitable metals are mainly
limited to noble metals Ru, Rh, Pd, Pt and Ag with the addition of Cu, Co and Ni.
The latter is normally preferred because of its lower cost and superior catalytic activity.
Generally a composite anode with Ni particles dispersed on a porous solid electrolyte
support, such as yttria-stabilised zirconia, are employed. Such ceramic-metallic (cermet) composites represent a favourable choice in terms of the cell’s mechanical stability
as it is characterised by a thermal expansion coefficient close to the other cell components. Within the ceramic-metallic composite the electrical conductivity is provided
by the metallic phase, while the ion conduction is due to the ceramic one as well as
the fuel-gas transport by the pores, thus providing the necessary conditions for the
electrochemical reactions in Figure 1.
The main problems of Ni-based cermet anodes are related to degradation at high temperature and to poisoning when natural gas is used as fuel. Traces of H2 S are, in fact,
usually present in any natural fuel and are absorbed on the nickel surface [32]; the
sulphur contaminants exhibits a pronounced catalytic activity for C-C bond formation
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and this results in carbon deposits that clog pores and block reactive sites, known as
coking. Alternative anode materials under investigation are conductive ceramic materials with a perovskite structure, e.g. based on La1−x Srx CrO3−δ and Nd or, alternatively,
La doped SrTiO3 [10]. Promising results at low temperatures were obtained with doped
ceria (e.g. with Gd). The reason for the higher performances of Gd-doped CeO2 was
attributed to the reduction of ceria at the anodic working conditions. By reduction
the n-type semiconducting properties increase and thereby the electrochemically active
sites are enlarged to the whole surface of ceramic grains. Ni-CGO anodes with good
performances have been reported in hydrogen as fuel at intermediate temperatures
[33, 34].

Electrolyte
The solid electrolyte separates anode and cathode, as shown in Figure 1. As a consequence it must be an ionic conductor possibly without any electrical conductivity.
Additionally, a dense, gas tight and thermodynamically stable microstructure in both
reducing and oxidising atmospheres is demanded.
The most widely used electrolytes are the solid solutions of zirconia and ceria with
fluorite structure obtained by doping with aliovalent metals like Ca, Mg, Sc, Gd or Y.
Yttria doped zirconia is considered to be the state-of-the-art [10] solid electrolyte for
SOFCs systems mainly because of its thermal and redox stability coupled with a good
ionic conductivity. The highest ionic conductivity among all zirconia solid solutions
is obtained in Sc-doped zirconia, this is due to the the smallest tendency for vacancy
cluster formation with increasing dopant concentration which is due to the close match
of the Sc3+ ionic radius with the Zr4+ host cation [35–37]. However, the system becomes unstable especially at intermediate temperatures [38]. Ceria doped solutions are
characterised by an ionic conductivity up to 4 times higher than that of zirconia solid
solutions [39]. The highest conductivity is obtained by doping with Sm3+ and Gd3+
and, similarly to the case of Sc-doped zirconia, it is explained with the close match
of the ionic radii of host (Ce4+ ) and dopant cations [40–43]. The major drawback of
ceria-based electrolytes is represented by their reduction at low oxygen partial pressures
(pO2 ) and high temperatures, resulting in an n-type conductivity according to:
1
×
0
••
2Ce×
Ce + OO → 2CeCe + VO + O2
2
−
Ce0Ce → Ce×
+
1e
Ce

(3)
(4)

As a consequence, the use of ceria-based electrolytes is more convenient at low temperatures (∼500 ◦ C) where the electronic conductivity contribution is small thus becoming
very competitive to yttria-doped zirconia systems.
The best performances in terms of ionic conductivity in the intermediate temper-
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Figure 4: Comparison of the oxide ion conductivity of several solid electrolytes in an
Arrhenius plot [44, 45].
ature range were found in so known BIMEVOX systems, bismuth vanadium oxides
(Bi4 V2 O11 ) where the vanadium is partially substituted to yield Bi2 V1−x M ex Oy solid
solutions. These materials at temperatures as low as 300 ◦ C show conductivities as
high as yttria-doped zirconia at 800 ◦ C [46]. However, the BIMEVOX electrolytes undergo a progressive decomposition at the typical SOFC operating temperatures. High
ionic conductivity is observed also in the perovskite-type La1−x Srx Ga1−y Mgy O3−x/2−y/2
(LSGM)-doped lanthanum gallate (LaGaO3 ). However a single phase LSGM electrolyte
is hard to synthesise since secondary phases such as La4 Ga2 O9 and SrLaGa3 O7 prevail
at grain boundaries, reducing the conductivity [47]. Thus nowadays, zirconia and ceria
based electrolytes are considered to be the most promising materials for application as
electrolytes in micro SOFC operating at low temperature (500 ◦ C) where their superior
redox stability may guarantee a long term stability.
Yttria stabilised zirconia
Yttria stabilised zirconia is obtained as a solid solution of Y2 O3 and ZrO2 . Pure
zirconia (ZrO2 ) is a polymorphic oxide which adopts various phases in different ranges
of temperature and pressure. In particular, three low pressure phases: cubic (c-ZrO2 ,
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F m3m), tetragonal (t-ZrO2 , P 42 /nmc), and monoclinic (m-ZrO2 , P 21 /c) ones have
been extensively studied for both their scientific and technological importance [48]. At
ambient pressure, ZrO2 has a monoclinic structure up to a temperature of ∼1450 K
[49] when the m to t-phase transition occurs accompanied by a decrease in unit cell
volume [50]. The cubic fluorite phase of zirconia is only thermodynamically stable
at temperatures higher than 2650 K, while melting occurs at 2988 K. The volume
expansion caused by the c-t or to t-m transformation induces very large stresses, and it
is at the origin of cracking of pure ZrO2 upon cooling. Stabilisation of zirconia can be
achieved by addition of larger cations to expand the lattice or by doping with a lower
valence cation to create oxygen anion vacancies (e.g. with Y), or by a combination
of the two effects. The creation of oxygen vacancies serves to reduce the average
coordination number and facilitates relaxation of the oxygen sublattice towards cubic
symmetry; this mechanism can be considered more effective than expanding the lattice.
Stabilisation of ZrO2 by doping with rare earth trivalent cations (including Y) occurs
through the creation of oxygen vacancies according to the following quasi-chemical
reaction:
0
••
R 2 O3 (ZrO2 ) ⇒ 2RZr
+ 3OO + VO

(5)

Such reaction satisfies charge neutrality as well as mass and crystallographic site balance, while the overall charge neutrality can be described by:
••
[R 0 Zr ] = 2[VO
]

(6)

The solubilities of trivalent cations in ZrO2 depend on the match of cation ionic radii,
and also the similarity of the cation and oxygen anion sublattices between the cubic
R2 O3 structure, which is adopted by the Y2 O3 and several of the rare earth oxides, and
c-ZrO2 . Y3+ (ri =1.019 Å) is practically the best option to stabilise the c-ZrO2 for high
temperature applications in terms of structural properties of the resulting structure
and cost effectiveness. The smallest rare earth cation Sc3+ (ri =0.87 Å) is also of
considerable interest in fuel cell applications since it gives higher ionic conductivity
[10]. However, for Sc3+ , there is a strong tendency for segregation of a rhombohedral
phase above 10 mol% Sc2 O3 .
The c-ZrO2 phase is a typical cubic fluorite structure, thus yttrium and zirconium atoms
form a face-centered-cubic cation sublattice while oxygen atoms (and its vacancies)
form a simple cubic anion sublattice. In the cubic fluorite structure, each cation is in
the centre of a cube of eight anions and each oxygen ion – or oxygen vacancy – is in the
centre of a cation tetrahedron. According to eq.(5,6) the introduction of yttria creates
charge compensating oxygen vacancies, which become mobile at high temperatures:
µi =

E
µ0
− i
exp kB T
T

(7)
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where µ represents the ion mobility, T the absolute temperature and Ei the activation
energy. The ion conductivity, in turns, is given by:
σi = ni (zi e)µi

(8)

where ni and zi e represent the charge carriers concentration and their charge, respectively. It follows that doping ZrO2 with trivalent cations results in a structure stabilisation and in an increases of the ionic conductivity. Y-doped ZrO2 , as reported by
Yashima et al. [51], presents three tetragonal phases t, t0 and t00 , see Figure 5, described
by the P 42 /nmc space group.
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Figure 5: Zirconia-rich section of the ZrO2 -Y2 O3 phase diagram. Adapted from [36, 52].
The horizontal bars on top denote the phases obtained by quenching powders to room
temperature [36].
The t0 -phase (c/a >1) is metastable even at high temperature, while the t00 is
stabilised commonly at 7-9 mol% Y2 O3 and defined as a tetragonal phase without
tetragonality, i.e. c/a=1, where the oxygen atoms are displaced along the c axis from
the ideal sites in the fluorite cubic phase [53].
For applications in catalysis and as solid oxide anion conductors, zirconia stabilised at
8-10 mol% Y2 O3 is generally preferred since it is characterised by the highest ionic conductivity (σi ) within the YSZ system. It is observed that σi increases with the dopant
concentration up to about 8-9 mol% Y2 O3 and then decreases with the addition of
more yttria, despite the presence of more vacancies that could aid oxygen diffusion
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[54]. The decrease in conductivity has been attributed to defect interactions, clustering effects and the tendency of oxygen-vacancies ordering [55–59]. YSZ thin films have

Figure 6: Crystal structure of cubic (left) and tetragonal (right) phases of zirconia
adapted from [60]). Light and dark circles denote oxygen and zirconium atoms, respectively. Arrows represent the oxygen sublattice deformation along the c axis.
been produced by a variety of different deposition techniques like sol-gel chemistry [61],
spin coating [62, 63], sputtering [64], pulsed laser deposition [65, 66], chemical vapor
deposition [67], and spray pyrolysis [68]. In the case of sputtering deposition YSZ thin
films can be produced using a doped Zr metallic target via reactive sputtering [69], or
directly with an oxide target [70]. Generally, at low Y-doping levels, the tetragonal
phase coexists with one of the other phases. For example, with a yttria concentration
of 2.2 mol%, a mixed monoclinic and tetragonal phase is found, with the tetragonal
being dominant. A similar result has been seen at 3 mol% [71], whereas at 4.9 mol%
a mixture of tetragonal and cubic can be found [72].
The elemental composition of sputter deposited zirconia thin-films can vary depending on the deposition conditions. Wang et al. [73], using Rutherford backscattering
spectroscopy (RBS), demonstrated the effect of background oxygen introduced into
the sputtering gas. As the oxygen level was increased from 0 to 13%, the O:Zr ratio
varied from 1.80 to 2.24. The total sputtering pressure and power density have also
been shown to affect this ratio; higher pressures increase the O:Zr ratio, while higher
sputtering power decreases the O:Zr ratio. Another study by Riviére et al.[74], using
reactive ion beam sputtering, found a O:Zr ratio between 1.72 and 1.78 by RBS, despite
maintaining a O/Zr flux above two during deposition.
Zirconia-based thin films find applications as dielectrics in metal-oxide-semiconductor
(MOS) technology [66, 75], buffer layer in superconductor thin film growth [64] and
for miniaturised gas sensors and micro SOFCs [76]. Moreover zirconia-based thin films
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are used as high refractive index material in UV and NIR laser mirrors, optical filters,
and protective coatings [77].

Cathode
The cathode material should be characterised by a high electro-catalytic activity for
the oxygen reduction reaction, see Figure 1, and additionally by a high electronic
conductivity (σ > 100 S/cm) and a porous structure for an efficient gas transport to the
active sites. Further, the cathode material should have similar thermal and mechanical
properties as that of the electrolyte and be chemical inert with respect to the electrolyte
during the high temperature operation as well as the fabrication. These requirements
are generally fulfilled by noble metals as well as some electrical conductive oxides, the
latter are usually preferred because of their lower cost. When a pure electron conductive
material is used as a cathode, the charge transfer reaction and incorporation of oxygen
atoms to the electrolyte lattice occur only at the triple phase boundary (tpb, see Figure
7), thus the electrode efficiency relies on the surface diffusion of adsorbed oxygen atoms
to these active sites. Differently, when a mixed ionic-electronic conductor (MIEC) is
used an additional bulk pathway exists in competition with the surface pathway, as
illustrated in Figure 7. As a consequence, the active area is significantly enlarged
e-
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••
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O×
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Figure 7: Schematic representation of the oxygen reduction processes in a mixed ionicelectronic conductor electrode: surface and bulk reaction pathways are parallel and
in competition. On the surface pathway, charge transfer occurs at the triple phase
boundary.
since the oxygen atoms are incorporated as ions into the cathode lattice over the entire
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electrode surface and the charge transfer occurs along the entire contact area between
electrode and electrolyte, involving oxygen ions that migrate through the bulk cathode
to the internal phase boundary. As described by eq.(8), a high ionic contribution to
the total electrical conductivity requires the presence of a large concentration of ionic
charge carriers like oxygen vacancies or interstitials and a high mobility of such point
defects within the lattice.
Depending on the cathode thickness, in MIEC cathodes the electrical resistance of the
material can be described either by [78]:
R=

RT
(zF)2 k ∗ co

(9)

in the case of a cathode thickness t < D∗ /k ∗ , or by:
R=

tRT
(zF)2 D∗ co

(10)

when t > D∗ /k ∗ as the bulk diffusion kinetics will start to determine the oxygen flux
through the electrode. k ∗ and D∗ represent the oxygen surface exchange coefficient
and the diffusion coefficient, respectively.
In the last years the research regarding cathode materials mainly concentrated on
studying perovskite-type oxides (ABO3 , where A and B are a rare earth and a transition metal respectively), since this class of materials is assumed to match most of
the requirements. As the perovskite structure is very versatile many different compositional modifications have been attempted. The perovskite materials of interest for
cathodes can be classified according to the transition metal-B cation constituting the
perovskite structure. These are, for example, the manganite La1−x Srx MnO3−δ (LSM)
and cobaltite La1−x Srx Co1−y Fey O3−δ (LSCF) with 0.1≤x≤0.4 and 0.2≤y≤0.8. The
LSM fulfils almost all the requirements and matches well with the YSZ electrolyte as
it is characterised by a similar thermal expansion coefficient and chemical stability.
However, LSM is practically a pure electronic conductor. The intrinsic p-type conductivity of LaMnO3 is usually enhanced by doping with the lower valence Sr2+ ions,
leading to an increase of the Mn4+ -cation concentration by charge compensation. The
LSCF provides, in comparison, better performances at lower temperatures, see Table
2, although reactivity towards YSZ and thermal instability are observed [10]. B-site
doping with iron has been used to reduce the large thermal expansion coefficient of the
parent undoped material LaCoO3 .
Perovskite layered structures with general formula AA0 B2 O5+δ seem to be an emerging class of promising cathode materials [86, 87]. Recently [85, 86] it was shown that
such oxygen nonstoichiometric compounds exhibit high oxygen ion mobilities and large
surface exchange coefficients combined with good electronic conductivities.
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Material
La0.65 Sr0.35 MnO3−δ
La0.6 Sr0.4 Co0.2 Fe0.8 O3−δ
Ba0.5 Sr0.5 Co0.8 Fe0.2 O3−δ
Sm0.5 Sr0.5 CoO3−δ
La2 NiO4+δ
PrBaCo2 O5+δ

Introduction
α [10−6 K−1 ]
12.3[10]
17.5 [10]
22.4[80]
20.5 [82]
12.9 [84]
n.a.

σ [S/cm]
102 (800◦ C)[10]
302 (800◦ C)[10]
55 (750◦ C)[81]
1000 (800◦ C)[82]
50 (800◦ C)[84]
800 (500◦ C)[85]

D∗ [cm2 /s]
4·10−14 (900◦ C)[10]
3·10−8 (800◦ C)[79]
4·10−7 (650◦ C)[81]
2·10−6 (880◦ C)[83]
2·10−7 (800◦ C)[84]
4·10−7 (500◦ C)[85]

k [cm/s]
5·10−8 (900◦ C)[10]
6·10−6 (800◦ C)[79]
6·10−5 (650◦ C)[81]
8·10−5 (880◦ C)[83]
3·10−6 (800◦ C)[84]
7·10−5 (500◦ C)[85]

Table 2: Mean linear thermal expansion coefficient, α, total electrical conductivity, σ,
oxygen bulk diffusion coefficient, D∗ , and surface exchange coefficient, k, for selected
cathode materials.
Oxygen deficient layered perovskites can be described as structures with ordered both
A and A0 sub-lattice and oxygen vacancies. The structure can be derived by a transformation of a basic cubic perovskite by doubling of the unit cell, however, it is observed
when the difference in the ionic radii of A and A0 cations is large enough so that these
would be not any more randomly distributed in the structure [86, 87]. Additionally,
most of the layered perovskites exist in large ranges of oxygen stoichiometry values.
As oxygen vacancies can be also ordered, a further decrease of the crystal symmetry
(increase of a unit cell volume) is frequently observed (Figure 8b). The electrical and
magnetic properties of the layered perovskites AA0 B2 O5+δ with B=Mn, Co, Fe have
been extensively investigated around and below room temperature [88–94] as interesting physical properties like metal-insulator transition and magnetoresistivity have been
found.
The crystal structure of cobaltites LnBaCo2 O5+δ consists of a sequence of [CoO2 ][BaO]-[CoO2 ]-[LnOδ ] layers along the c axis (see Figure 8), including a doubling of
the original perovskite cell in c direction (ap ×ap ×2ap unit cell, where ap is the cubic
perovskite cell constant). The excess-oxygen ions fill LnO layers and have a tendency
to order into channels along the a direction. Depending on the value of δ, the Co ion
coordination changes from purely CoO5 -pyramidal (δ=0), coexistence of both CoO5
square-pyramidal and CoO6 -octahedral (δ >0), to an entirely CoO6 -octahedral (δ=1).
At the same time the effective valence of Co ions varies from Co2.5+ (δ=0) to Co3.5+ (δ
= 1). In LnBaCo2 O5.0 all Co ions are square pyramidal coordinated but with a mixed
valence state of Co2+ and Co3+ , while in LnBaCo2 O5.5 only Co3+ ions are present,
equally distributed in pyramidal and octahedral coordination. In the intermediate
cases (0<δ<1), several types of superstructures and/or an intrinsic phase separation
were observed due to different kinds of oxygen ordering [95, 96].
The oxygen stoichiometry in LnBaM2 O5+δ can vary in a large range of values, 0< δ <1
with the oxygen vacancies located predominantly in the rare-earth LnOδ planes. The
equilibrium value of δ depends on the temperature, oxygen partial pressure over solid
and kind of the rare-earth element. Taskin et al. [96] investigated the temperature
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Figure 8: Schematic crystal structure of LnBaCo2 O5+δ with, from left to right: a) δ=0,
b) δ=0.5 and c) δ=1.

and oxygen partial pressure dependence of oxygen stoichiometry in GdBaM2 O5+δ using thermogravimetry (TG). A material with δ=0 could be obtained at temperatures
above 700◦ C and oxygen partial pressures lower than 10−4 bar [88]. The structural,
electrical and magnetic properties of the layered cobaltite compounds at temperatures
around and below room temperature have been studied in detail [97–100]; however
very little is known concerning their high temperature properties.
A structural phase transition at T = 500◦ C was observed in PrBaCo2 O5.5 [100]; it corresponds to a change of the crystal symmetry from orthorhombic to tetragonal. The
transition is governed by an oxygen redistribution in the rare-earth planes, which leads
to a destruction of the alternating planes of CoO5 pyramids and CoO6 octahedra. The
transition was found to be fully reversible with a temperature hysteresis of about 5K.
This kind of transition can have important influence on the oxygen ion mobility as
the oxygen vacancy order is being destroyed. A similar transition has been recently
observed also in GdBaCo2 O5+δ [101]. Tarancón et al. discussed a possible detrimental
effect of this high-temperature transition observed in (Pr,Gd)BaCo2 O5+δ for a potential application in fuel cell systems. The authors pointed out that the transition has
no effect on the evolution of the unit cell volume; thuss the same value of TEC above
and below the transition temperature: αL =16.4·10−6 ◦ C−1 [101] A decrease in the total conductivity for GdBaCo2 O5.5 above the transition temperature, however, does not
compromise the applications in SOFCs since the observed conductivity values (σ >400
S/cm) are still higher than required (σmin ∼100 S/cm).
A transformation of a simple cubic perovskite, with randomly occupied A-sites, into a
layered crystal with alternating lanthanide and alkali-earth planes can reduce the oxygen bonding strength and provide free channels for ion motion (see Figure 8); therefore,
a higher oxygen diffusivity can be expected. This has been recently demonstrated comparing the oxygen uptake rate in the layered perovskites GdBaM 2 O5.5 (M =Co, Mn)
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and the corresponding disordered perovskites Gd0.5 Ba0.5 M 2 O3−δ [86].
Chang et al. have investigated GdBaCo2 O5+δ for application as a cathode material
in SOFCs [102] while Frontera et al. [103] have observed facile oxygen uptake in
PrBaCo2 O5+δ powders at temperatures as low as 200 ◦ C. Kim et al. [85] described
measurements of the surface oxygen exchange kinetics and bulk oxide ion diffusion
coefficients for PrBaCo2 O5+δ by isotope exchange and depth profiling (IEDP) and
electrical conductivity relaxation (ECR). Both techniques demonstrate that the oxygen mobility in this structure is significantly faster than in corresponding disordered
perovskites.

Aim of the work
This work reports about the grain grain growth of 8 mol%-YSZ thin films deposited by
low temperature RF-sputtering, in order to elucidate some specific aspects of the microstructure’s modification occurring during the crystallisation process which, though
scarcely studied yet, are essential for the production of electroceramic components with
desired properties. The work also reports on the influence of the microstructure on the
electrical conductivity of 8 mol%-YSZ in order to provide an additional touchstone for
the experimental evidences of a wide range of microstructures investigated within the
collaborative NANCER project.
Additionally, the structural and mixed-conducting transport properties of the layered
cobaltites LnBaCo2 O5.5+δ are evaluated from the point of view of their µ-SOFC application. In particular, a defect chemistry model will be introduced which allows
to calculate equilibrium constant for oxidation/reduction reactions as well as defect
concentrations. The knowledge of the defect concentrations at given temperature and
pressure provides a support for the interpretation of the charge transport mechanism
in such complex oxide materials.
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Aim of the work

Chapter 1
Experimental I
Within this work the thin films growth of yttria-stabilised zirconia containing 8 mol%
Y2 O3 (8YSZ) by radio frequency sputtering for potential applications as a solid electrolyte for µ-SOFC was investigated. In this chapter the experimental techniques used
for the thin films deposition and characterisation are presented.

1.1

Materials

The ceramic targets for radio frequency sputtering were fabricated by uniaxial pressing a disc shaped pellet (=25.4 mm and 4 mm thickness) using 8 mol%-YSZ (Tosoh
Corp.) at 4.0 kbar followed by sintering for 10 h at 1600◦ C. The sintered pellets were
treated with SiC abrasive paper and polished with diamond suspensions to yield uniform and smooth surfaces. The polished pellets were finally glued to a thin copper
disc using conducting silver paste glue in order to guarantee an optimal contact with
the sputtering cathode. After several depositions the surface polishing was repeated in

Figure 1.1: Sintered 8 mol%-YSZ pellet used as sputtering target.
order to avoid roughening effects and possible changes of the target’s chemical compo-
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Experimental I

sition.
The substrates used were: B-doped Si (100) (PB-Technik AG) 0.380 mm for test depositions and sapphire Al2 O3 (0001) (CrysTec GmbH) 10 mm x 10 mm x 0.5 mm as
it provides high thermal and chemical stability associated with electrical insulation.
Additionally LaAlO3 (100) single crystals (CrysTec GmbH) 10 mm x 10 mm x 0.5
mm substrates were used when preparing samples for Raman investigations to avoid
a superposition of 8 mol%-YSZ thin film and substrate peaks. Prior deposition the
substrates were rinsed with acetone and alcohol (methanol or ethanol) in an ultrasonic
bath and dried with a N2 jet. No special efforts were taken to remove the native oxide
layer on Si substrates.

1.2
1.2.1

Thin films deposition by sputtering
Sputtering and sputtering system

Within this work 8 mol%-YSZ thin films were produced using a magnetron radio frequency sputtering system installed at the Laboratory for Development and Methods
of the Paul Scherrer Institute.
The sputtering is a physical vapour deposition method, widely used both for scientific
and industrial purposes, for the deposition of mono- and multi-elemental thin films.
The name of the techniques derives by the sputtering phenomenon which consists in
the material removal from a solid surface by energetic particles bombardment, such as
accelerated ions, as it is schematically shown in Figure 1.2. Depending on the energy
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Figure 1.2: Schematic representation of some physical processes taking place during
the sputtering.
of the ions and on the nature of the target material several kind of processes may be in-
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duced at the solid surface, such as: elastic backscattering, secondary electrons emission,
sputtering, ion implantation etc. (Figure 1.2). The kinetic energy of projectile particles
for sputter deposition ranges approximately between 100 and 1000 eV [104]. Here the
atoms in the near-surface region are involved in a sequential momentum transfer process
called knock-on as only two atoms are involved per time. The penetration depth for this
process is of the order of a few tens of monolayers. As the projectile energy is increased
above about 1000 eV, the projectiles’ cross section is still large thus the kinetic energy
is transferred to a large number of atoms around the point of impact simultaneously
breaking their bonds. In this case a large-scale displacement of atoms and defects in
the solid target are produced, and therefore it should be avoided. Well above 1 keV, the
scattering cross-sections of projectiles are so small that the collision cascade occurs only
in the deep surface region where the projectiles lose their energy and are subsequently
implanted. The most fundamental parameter characterising the sputtering process is
the sputter yield, S, which is defined as the number of atoms or molecules ejected from
the target surface per incident ion, and is a measure of the efficiency of sputtering.
The kinetic-many-body nature of the
sputtering process makes the theoretical
derivation of an expression for S a difficult task and different formulations have
been devised [106]. The dependence of S
on the incident ion energy is graphically
presented in Figure 1.3 [105], and shows
a maximum between 1 and 10 keV. Thus,
according to the above description, working conditions corresponding to an ion energy ranging between 300-3000 eV should
be assumed for an efficent use of the sputtering process.
Several sputtering system modifications
exists and are used for thin-film deposition including: dc diode, rf diode, mag- Figure 1.3: The sputter yield dependence
netron, and ion-beam sputtering [104, on the energy regimes of physical sputter107]. The simplest realisation of a sput- ing, adapted from [105].
tering system is the dc diode sputtering
(DCS) system and represents the base for
all other modifications. The DCS system is composed of a pair of planar electrodes.
One of the electrodes is a cold cathode and the other is the anode. The front surface
of the cathode is covered with target material to be deposited, while the substrate is
placed on the anode. The sputtering chamber is filled with sputtering gas, typically
argon, and a glow discharge is generated and maintained under the application of dc
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voltage between the electrodes. The Ar+ ions generated in the glow discharge are accelerated towards the cathode and sputter the target, resulting in the deposition of
the thin films on the substrate. In the dc sputtering system, the target is composed
of metal since the glow discharge (current flow) is maintained between the metallic
electrodes.
By simple substitution of an insulator for the metal target in the DCS system, the
sputtering discharge cannot be sustained because of the immediate buildup of a surface charge of positive ions on the front side of the insulator. To sustain the glow
discharge with the insulator target, a radio frequency voltage is supplied to the target.
In this case the electrons, oscillating according to the applied periodic electric field,
transfer their energy to the background gas causing ionisation and excitation processes.
Additionally, as the target (i.e. cathode) area is much smaller than the grounded anode
and chamber wall, a negative dc bias on the target is induced on the target resulting
in the sputtering of the target. The electrodes are capacitively coupled to the plasma,
and since capacitance is proportional to the electrode area, the voltage drop will be
much larger at the target (cathode) than to the chamber walls (anode). This system
is called rf-diode sputtering (RFS). In RFS thin films of insulating materials can be
directly deposited from an insulator target.
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Figure 1.4: Schematic drawing of a magnetron.
~ is superposed on the cathode. The
In magnetron sputtering, a static magnetic field B
orientation of the magnetic field is such that the electrons in the glow discharge follow
~ ×B
~ with a drift
a cycloidal orbit, the center of the orbit drifts in the direction of E
~ and B
~ denote the electric field in the discharge and the
velocity of E/B, where E
superposed transverse magnetic field, respectively. The magnetic field is oriented such
that these drift paths for electrons form a closed loop. Thus the magnetron produces
an electron-trapping effect which increases the collision rate between the electrons and
the sputtering gas molecules, and thus allows to lower the sputtering gas pressure as
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low as 10−5 bar. Additionally, the magnetic field increases the plasma density which
leads to an increase of the current density at the cathode target, effectively increasing
the sputtering rate at the target. Further, because of the lower gas’s pressure, the
sputtered particles have a lower probability to be scattered by the background gas,
which results in a higher deposition rate.

1.2.2

Thin film growth

The general picture of the thin film growth by a physical deposition technique consists
of a step-by-step growth process beginning when the particles removed from the target
are physically adsorbed to the substrate surface, provided the incident energy is not too
high. Initially the adsorbed particles are not in thermal equilibrium with the substrate
and move over the substrate surface through a surface diffusion process. During this
process a first interaction among adsorbed particles is established, and the formation of
bigger clusters takes place. At this stage the deposition parameters plays a crucial role
since the clusters (also called nuclei) are thermodynamically unstable and may tend to
desorb with time. However, if the cluster density is high enough that a cluster collides
with other adsorbed species before getting desorbed, the clusters’ growth takes place.
The Gibbs free enthalpy for the nuclei formation with mean dimension r is given by
[107]:
∆G = a3 r3 ∆GV + a1 r2 γvf + a2 r2 γfs − a2 r2 γsv
(1.1)

Where the chemical free energy change per unit volume, ∆GV , represents the driving
force for the particles condensation. In eq.(1.1) γ is the interfacial tension and the
subscripts v, f , s have the meaning of vapour, film and surface, respectively. The
coefficients a1 , a2 and a3 are geometrical terms which for the system of Figure 1.5 can
be written as: a1 = 2π(1 − cos θ), a2 = π sin2 θ and a3 = π(2 − 3 cos θ + cos3 θ)/3.
Imposing the condition of mechanical equilibrium the following relation between the
interfacial tensions can be derived (Young’s equation):
γsv = γfs + γvf · cos θc

(1.2)

which shows that the contact angle θc depends only on the surface properties of the
involved materials.
The nuclei becomes thermodynamically stable after a certain critical size is reached
and the nucleation barrier is said to have been overcome. The critical size r∗ above
which the nuclei are thermodynamically stable is:
2(a1 γvf + a2 γfs − a2 γsv )
3a3 · ∆GV
and the density of the equilibrium number of nuclei of critical size is given by:


∆G∗
∗
N = ns · exp −
kB T
r∗ =

(1.3)

(1.4)
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Figure 1.5: Schematic representation of the basic atomistic processes on the substrate
surface during vapour deposition.
where ns represents the total nucleation site density and ∆G∗ is given by:
∆G∗ =

3
16πγvf
2 − 3 cos θc + cos3 θc
·
3∆G2V
4

(1.5)

Therefore, the density and size of the stable critical nuclei depends on ∆GV . Since
∆GV ∼ − ln (pv /peq ) is inversely proportional to pv , the vapour pressure of the impinging supersaturated flux, with peq being the equilibrium vapour pressure above the solid,
it follows that deposition conditions where a high pv can be realised will favour the
formation of small stable nuclei. It can be demonstrated that in the case of sputtering
r∗ can be as small as 5 atoms [108]. The growth of the nuclei occurs laterally by surface
diffusion of the adsorbed particles and vertically by direct impingement of the incident
species. At this stage in the process of film formation the nuclei’s growth occurs via
coalescence, where the driving force of the process is the minimisation of the total surface energy, and results in the island formation. The structure of the film at this stage
changes from discontinuous island type to porous network type, a continuos thin film is
obtained when all the channels and holes are filled. Depending on the thermodynamic
parameters of the deposited particles and the substrate surface, the initial nucleation
and growth mode may occur through three distinct fundamental modes: (a) 3D-island,
called Volmer-Weber type, (b) 2D-layer by layer, called Frank-van der Merwe type,
and (c) mixed, called Stranski-Krastanov type. This is illustrated in Figure 1.6.
The growth mode of thin films is governed by the surface energy of thin films, γf , the
surface energy of substrates, γs , and the interfacial energy between thin films and substrates, γfs . The island growth (Volmer- Weber mode) is favoured when γs − γfs < γf ,
or, in other words, when the binding energy between film species is larger than the
binding energy to the substrate. The layer growth (Frank-van der Merwe mode) takes
place when the energetic conditions are opposite: γs − γfs > γf . The island growth is
typical for metals and dielectrics, while the layer by layer growth is often obtained in
semiconductor heteroepitaxy.
The microstructure of the thin film growth of a given material depends on the kinetics
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Figure 1.6: Schematic representation of the basic atomistic processes on the substrate
surface during vapor deposition.
of the growth and hence on the thermodynamic conditions during the growth process
such as the substrate temperature, the gas pressure and the kind of substrate. Structural zone models have been proposed to rationalise the final thin film microstructure
on the most relevant deposition parameters. Thornton [109] devised a structural zone
model, shown in Figure 1.7, for sputter deposited thin films where the micro-structural
characteristics of the deposited thin films are correlated with the deposition temperature (in reduced scale, Tr = T /Tm , Tm is the melting temperature of the thin film
material) and the background gas pressure. In Thornton’s structural zone model four

Figure 1.7: Thornton’s structural zone model for sputter deposited metal thin films
[109].
main zones were identified:
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• Zone 1 (Tr <0.3): shadowing and low adatom mobilities result in a columnar
morphology of small fibrous grains separated by voids;
• Zone 2 (0.3< Tr <0.5): surface diffusion control yielding a polycrystalline dense
columnar structure;
• Zone 3 (Tr >0.5): bulk diffusion control yielding a dense microstructure of
equiaxed grains increasing in size with Tr
• Zone T (Zone 1<Zone T<Zone 2): the so called transition zone T, consisting of
densely packed fibrous grains, which is promoted by low background pressures.

Besides grain boundaries, thin films contain other structural defects such as dislocation
lines, stacking faults, micro-twins and minor defects arising from aggregation of point
defects. In polycrystalline thin films, dislocations are the most frequently encountered
defects occurring with a density of 1010 to 1011 lines/cm2 . Dislocations can be incorporated during the network and hole stages of the growth process due to displacement,
orientation misfits between different islands, to substrate-thin film lattice misfit, or
because of the existence of large stresses with the growing thin film.

1.2.3

Deposition parameters

All thin films depositions presented in this work were performed using a sputtering
system installed at the Laboratory for Development and Methods of the Paul Scherrer
Institute. A schematic drawing of the sputter deposition system used for this work
is shown in Figure 1.8. The system consists of a 1” Angstrom Sciences Inc. circular
magnetron mounted on a standard DN 400 KF stainless steel vacuum chamber, coupled
with an Advanced Energy Cesar 1.36 generator operating at 13.56 MHz. The chamber
allows the installation of three aligned targets at the same time, but for all deposition
the centre location was used. Before each process the deposition chamber was pumped
down to 2×10−6 mbar, while for the depositions argon and oxygen, were independently
controlled and flowed into the chamber via two mass flow controllers, obtaining a
deposition pressure of 8×10−3 mbar with a ratio pO2 /pAr =0.2. The RF-power was fixed
to be 40W, with a target-substrate distance of 80 mm, while the substrate temperature
during deposition was 120◦ C as recorded by a thermocouple embedded in the sample
holder stage.

1.2.4

Post-annealing

The as-deposited thin films were annealed in air ex-situ in a tubular furnace (Elite
Thermal Systems) using isothermal dwells of duration 1 min to 100 h at different peak
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Figure 1.8: The sputtering system TIPSI installed at the Laboratory for Development
and Methods, Paul Scherrer Institute.
temperatures of 500 to 1000 ◦ C applying constant heating and cooling rate of 3 K/min.
Such thermal treatments allowed to study the kinetics of structural and microstructural
changes in 8 mol%-YSZ thin films (Chapter 2).

1.3
1.3.1

Thin films characterisation
Thin film thickness

Two methods were used for the thickness determination of thin films samples: surface
profilometry and scanning electron microscopy.
In surface profilometry a µm-sized lever tip, the stylus, scans the specimen’s surface
with a defined contact force while the relative motion of the sample versus the stylus
is performed. The vertical resolution is in the Å-range while the lateral resolution is
rougher, typically in the µm-range. A Dektak 8 profilometer (Veeco Instruments Inc.)
with a standard stylus of 5µm tip radius was used to determine the surface roughness
of deposited thin films, while the thickness was measured scanning across a step generated masking small areas of the substrate during the film deposition. In order to
evaluate the thickness uniformity of the thin films a grid-like masking of the substrate
surface was employed. Figure 1.9 shows the attained deposition rates of 8 mol%-YSZ
for different experimental conditions as measured by surface profilometry.
Additionally, the thin films’ thickness was deduced from cross-section scanning electron
micrographs with an accuracy that depends mainly on the calibration of the microscope. The thin films cross-section specimen for scanning electron microscopy (SEM)
analyses were prepared by cleavage.
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Figure 1.9: Deposition rate of 8 mol%-YSZ as determined by surface profilometry for
different deposition conditions.

1.3.2

Thin film stoichiometry

Analytical techniques based on the scattering of monoenergetic ion beams are widely
used to determine the chemical composition of thin films [110]. In Rutherford backscattering spectrometry (RBS) the projectiles ions elastically backscattered from target
atoms in the sample are detected. The energy transfer from the impinging particle
to the stationary target atom can be described by the binary collision theory and is
represented by the kinematic factor K:

2
(M22 − M12 sin2 θ) + M1 cos θ
Ef
=
(1.6)
K=
Ei
M2 + M1
where Ef and Ei are the projectile energy after and before the collision, respectively.
According to eq.(1.6), for a given scattering angle, θ, projectile of mass, M1 , and initial
energy, Ei , the mass of the target atom, M2 , can be determined and the target element
identified by the measurement of Ef . Eq.(1.6) holds only for target atoms situated
at the surface as the projectiles are slowed down continuously along their path within
the target sample by their interaction with the electrons around the target nuclei.
For a precise depth resolved analysis the stopping power dE/dx should be used. The
elemental stoichiometry ratio between elements in a compound depends only on the
detected intensities, Qi , and the elemental scattering cross-sections, σi . For a binary
compound Am Bn it is:
n
QB σA (E, θ)
=
·
(1.7)
m
QA σB (E, θ)

1.3 Thin films characterisation
The scattering cross-sections are given by the Rutherford formula:
p
2
2


2
2
2
4
M2 − M1 sin θ + M2 cos θ
Z1 Z2 e2
p
·
σ(E, θ) =
4e
M2 sin4 θ · M22 − M12 sin2 θ
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(1.8)

A key advantage of RBS is that for fixed experimental conditions the scattering crosssections depend only on the target atom mass and atomic number Z2 and can be
calculated, which renders RBS an absolute method that does not require any standards.
However, when the elemental masses are very close the determination of the stoichiometry ratios through eqs.(1.6,1.7,1.8) becomes uncertain. In the present work, for
instance, it was the case for Y (1 isotope at 89 amu) and Zr (5 isotopes between 90
and 96 amu) in YSZ thin films. Proton induced x-ray analysis (PIXE) allows to quantify the Zr/Y ratio detecting the characteristic X-ray produced by the scattering of a
projectile proton beam on a target atom. The atomic concentration ratio of Zr and Y
in the YSZ thin films, c(Zr)/c(Y), was obtained from the integrated peak areas, Ai , of
the well separated Kα lines fitted with single Gauss functions according to:
AZr σ(Y)ωK (Y)bα (Y)
c(Zr)
=
c(Y)
AY σ(Zr)ωK (Zr)bα (Zr)

(1.9)

where σ, ωK and bα are the ionisation cross-section, the K-shell-fluorescence yield and
the branching ratio of the elemental α-line. For the calculation the values tabulated
by Johansson [111] were employed.
As the scattering Rutherford cross-section increases with the square of the target atomic
number (eq.1.8) RBS results to be more sensitive to heavy elements. Therefore elements
with a mass comparable to the projectile’s mass cannot be efficiently detected. In order
to determine the oxygen content in YSZ thin films with a higher accuracy than in RBS
a third analytical technique was therefore utilised. In elastic recoil detection analysis
(ERDA) the forward scattered target nuclei are analysed [110].
The RBS analyses were performed at the Laboratory for Ion Beam Physics of the
ETH Zurich using a monoenergetic 2 MeV 4 He ion beam produced by the tandem
Van de Graaff accelerator. The beam was focused to a spot size of about 1 mm2 on
the centre of the surface of the sample, which was situated on a manipulator in a
high vacuum chamber. The RUMP software [112] was utilised to analyse the data.
PIXE analyses were performed at the ETH Zurich using a Si(Li) detector and 3 MeV
protons, the energy scale of the detector was calibrated using 200 nm thin films of
Y2 O3 and ZrO2 deposited by PLD [113]. ERDA spectra were acquired using 12 MeV
127
I projectiles at glancing incidence with a combined TOF spectrometer-gas ionisation
chamber unit for mass and energy dispersive detection of the recoiling target atoms.
The ERDA experiment were performed at the Laboratory for Ion Beam Physics of the
ETH Zurich.
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Thin film morphology

Scanning Electron Microscopy
In electron microscopy imaging techniques an electron beam is focused on the specimen. The interaction of the electron beam with the sample is complex and a multitude
of physical processes (Figure 1.10) may take place. By means of a dedicated instrumentation, each of such processes may be analysed in order to extract useful information
about the local sample topography, chemical composition and structure. In scanning

Figure 1.10: Physical processes involved in the interaction of a material with an energetic electron beam.
electron microscopy (SEM) the topographical information is most commonly extracted
by the detection of the low-energy secondary electrons produced by inelastic scattering
and emitted from a subsurface depth of no more than several angstroms in the sample.
In the produced image of the surface, sloped surfaces and edges appear brighter, since
the portion of the interaction volume projected onto the sloped surface is larger than on
a horizontal surface, thereby producing a greater secondary-electron yield. The highest
resolution achievable with modern instrumentation is about 1 nm. Additionally, the
backscattered electrons, produced by elastic scattering, can be used to obtain compositional contrast between specimen regions which differ widely in the atomic number
Z. However, since the backscattering cross-section increases with Z, the escape depth
for high-energy backscattered electrons is much greater than for low-energy secondary
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electrons, the topographical contrast in this case is much reduced.
In this work the morphology of sputtered thin film samples was analysed in top and
cross-section view using a Zeiss Supra VP55 FE-SEM. The instrument was operated
in variable pressure mode (∼20 Pa N2 ), which yields images analogous to SE-detection
in high vacuum, to prevent charging of the insulating samples. The grain size distributions (Chapter 2.4) were obtained by Heyns mean lineal intercept method [114] using
the Lince v.2.4.2e software.
Transmission Electron Microscopy
The transmitted electrons through a specimen are used in transmission electron microscopy (TEM) in order to provide high resolution analysis. A schematic representation of a TEM setup is illustrated in Figure 1.11. In operation the electrons are
Electron gun
Anode
Condenser lens
Condenser aperture
Specimen
Objective lens
Back focal plane of objective lens
First intermediate image plane
Intermediate lens
Second intermediate image plane
Projector lens

Viewing screen
IMAGE
MODE

DIFFRACTION
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Figure 1.11: Schematic diagram of a transmission electron microscope in (left) brightfield imaging mode, and (right) diffraction mode, adapted from [107].
emitted via a thermoionic effect from an electron gun and accelerated to high energies.
The electron beam passes through one or more magnetic condenser lenses that focus
the beam onto the specimen.The diffraction pattern is formed in the back focal plane
of the objective lens while an aperture is used to select parts of the diffraction pattern.
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A TEM can be operated in different modes: in the Bright-Field imaging (BF) only the
directly transmitted beam is allowed to pass through the aperture in the back focal
plane of the objective lens (Figure 1.11). The resulting image contains bright regions
where the electrons are not diffracted and vice versa for the observed dark regions. In
the Dark-Field imaging (DF) mode one or more diffracted beams are selected by means
of the objective aperture, which blocks the transmitted beam and the other diffracted
beams. The final image shows bright regions corresponding to areas of the sample
which contribute to the chosen diffracted beams. This mode is used to differentiate
between two diffracting crystalline phases, which look similar in BF mode. Crystalline
grains with different compositions, structures and crystallographic orientations diffract
differently, thereby giving contrast in the BF and DF imaging mode. In diffraction
mode, the diffraction pattern formed in the back focal plane of the objective lens is
projected onto the viewing screen. This mode is used for phase identification and in
obtaining texture information. Selected area electron diffraction (SAED) images are
obtained when an aperture of a certain size is inserted in the image plane of the objective lens so that diffraction information is obtained from a limited region of the sample.
The high-resolution TEM (HRTEM) is obtained taking advantage of the phase contrast
obtained using a combination of the directly transmitted beam and diffracted beams,
in this case images with lattice resolution can be produced.
In this work, the RFS deposited 8 mol%-YSZ thin films, as-deposited amorphous and
annealed at 500 ◦ C for 20 h, were selected for TEM analysis performed at the Electron
Microscopy Centre, EMEZ, of the ETH Zurich. Each specimen was prepared by the
classical cross-section technique and the thickness was reduced to electron transparency
by ion-etching using Ar gas (4.3 kV acceleration voltage, 4◦ etching angle of the beam
relative to the surface). Conventional bright field images were acquired using a Philips
CM30ST and a FEI Tecnai F30 FEG transmission electron microscope (300 keV, point
to point resolution ∼0.2 nm).

1.3.4

Crystal structure

X-Ray Diffraction
X-rays represent an ideal probe for the structural investigation of crystalline solids
as their characteristic wavelength λ ∼1 Å corresponds to the interatomic distances.
According to the theory of X-ray scattering from crystals [115] constructive interference
of the radiation from a set of crystallographic planes in an ideal crystal (i.e. without
defects and indefinitely extended) occurs when the path difference equals an integer,
n, of wavelength λ (Bragg law):
2dhkl sin θhkl = nλ

(1.10)
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Where the dhkl , θhkl and hkl represent lattice spacing, scattering angle and Miller indices, respectively. The number of peaks, their position, shape and relative intensities
in X-ray diffraction (XRD) patterns yield information on the symmetry of the crystal, the phase composition of a sample, its degree of crystallinity, texture and macro
stresses. Micro-structural characteristics of the crystal such as the crystallite size and
lattice defects cause a broadening and shift of the diffraction peaks.
The size and shape effects on a diffraction peak can be derived as follows: the Bragg
law (eq. 1.10) can be equivalently expressed in vector form in the reciprocal space as
s~f − s~i
= d∗hkl
(1.11)
λ
where s~i , s~f are the incident and diffracted wave vectors, d∗ represents the scattering
vector and d∗hkl is a scattering vector connecting the origin of the reciprocal space with
a point of coordinates (hkl). d∗hkl is such that d∗hkl = 1/dhkl = 2 sin θhkl /λ where dhkl
is the distance between planes with Miller indices hkl. Assuming a crystal with cubic
shape and size D = N a, with N positive integer and a the cell constant, the diffracted
intensity of the (hkl)-planes is distributed according to the interference function [116]:
d∗ =

sin2 [πN a(d∗ − d∗hkl )]
I(d ) ∝
[πa(d∗ − d∗hkl )]
∗

(1.12)

In general N is a such large number that the quotient in eq.(1.12) differs from zero
only if the Bragg condition is closely satisfied, and hence the powder pattern reflections
are sharp. However for very small crystals, where N is small, the quotient in eq.(1.12)
broadens and therefore, broader powder pattern reflections are obtained for smaller
crystals. As a consequence a non-zero intensity will be observed even for values of d∗
which do not closely match d∗hkl , or equivalently for s = d∗ − d∗hkl 6= 0. The width of a
diffraction peak can be expressed by a characteristic parameter, the integral breadth
β, defined as the ratio between the integrated intensity and maximum intensity of
diffraction peak. Assuming s = d∗ − d∗hkl :
R +∞ sin2 (πN as)
ds
Na
1
(πas)2
−∞
=
=
(1.13)
βhkl (s) =
2
(N a)2
D
lims→0 sin (πN2as)
(πas)

This result represents a specific case (cubic domain) of the Scherrer’s formula [117], as
written in the reciprocal space. However, it can be shown that such inverse proportionality relationship holds also for any crystal symmetry and Miller indexes. Its general
form is:
Kβ
βhkl (s) =
, or
(1.14)
D
λKβ
βhkl (2θ) = λ/ cos(θ) · βhkl (s) =
(1.15)
D cos(θ)
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A similar broadening effect of the diffraction peak is induced by micro-strain, i.e. a
non-homogeneous deformation of the lattice spacing. The micro-strain effect can be
evaluated differentiating the Bragg law (eq.(1.10)) with constant wavelength: 2∆d ·
sin θ + 2d · ∆θ · cos θ = 0, it follows:
∆2θ = −2 tan θ

∆d
= −2ε tan θ
d

(1.16)

where ε represents a micro-strain ε = ∆d/d. If the lattice deformation is not homogeneous, but changes from point to point within the material, within a length scale of
the order of the diffracting domain a peak broadening is produced. One may think to
the broadened profile as the superposition of many diffraction patterns slightly shifted
with respect to the others according to eq.(1.16). Therefore, by analogy with eq.(1.16)
and assuming hε2 i1/2 as the root mean square deformation of the lattice, it is possible
to write:
β(2θ) ∝ hε2 i1/2 tan θ
(1.17)
Thus, eq.(1.17) implies that, differently from the size effects, micro-strain effects introduce a dependence of the peak width on the scattering angle.
In this work the X-Ray Diffraction (XRD) experiments were performed using a Bruker
AXS D8 Advance diffractometer equipped with a position sensitive detector in symmetric θ/2θ mode (Bragg-Brentano geometry, Figure 1.12) using a Cu radiation source,
which was operated at 40 kV and 40 mA, yielding Cu-Kα radiation (λ1 = 1.5405 Å and
λ2 = 1.5339 Å). Kβ contributions were eliminated by a Ni-filter. Diffraction patterns
were acquired in the 2θ-range 15 to 80◦ using typically an incremental step width of
0.01◦ and an integration time of 5 s/step.
In order to obtain higher resolution data for a micro-structural analysis the diffraction
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Figure 1.12: Symmetric (left) and asymmetric (right) scans in XRD. ~s and Q
wave vectors and scattering vector respectively.
patterns of few selected samples were measured at the Materials Science Beamline of
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the Swiss Light Source (MS-SLS). Such experiments were performed in fixed incidence
angle configuration with a wavelength of 0.7297 Å and using the position sensitive
detector (PSD) MYTHEN. Differently from the symmetric scan configuration, where
~ is maintained constant and parallel to the sample’s surface
the scattering vector (Q)
~ changes with the
(Figure 1.12), in the asymmetric configuration the direction of Q
scattering angle. Thus, the latter configuration allows to probe also crystalline grains
which are not oriented parallel to the sample’s surface and therefore is particularly
suited to thin film analysis where texture effects are to be expected.

Micro Raman spectroscopy
In this work micro Raman spectroscopy was used in order to investigate the crystal
symmetry modifications of the deposited thin films upon thermal treatment. Raman
spectroscopy, in fact, is a vibrational spectroscopy technique based on the inelastic
scattering of light [118]. The Raman spectroscopy instrumentation consist of a combination of an optical microscope setup, which may be configured in a confocal mode
to allow for depth profiling with a high lateral resolution of about 1 µm and a laser
source focused on the analyte. The backscattered light, conveniently filtered to attenuate the dominant elastically scattered fraction (Rayleigh scattering), is spectrally
dispersed in a monochromator and detected by a CCD camera. The detected light
intensity can be plotted as a function of the Raman shift ∆ω in wave numbers, with ω0
and ω representing the frequencies of the incident laser light and the scattered light,
respectively:
ω0 − ω
(1.18)
∆ω =
100 · c
with c equal to the speed of light. As mentioned above Raman spectra contain information about the vibrational properties of the probed system. Consequently as the
vibrational properties are intimately related to the structure of the system Raman
scattering can be used as a sensitive indicator for the crystal phase identification. In
Figure 1.13 the Raman spectra of the three zirconia polymorphs are shown. Within
this work a LabRAM Series Raman microscope (Horiba Jobin Yvon) with a He-Ne
excitation laser (λ: 632.8 nm, output power: ∼10 mW), which was focused to probe
an analyte volume of ∼1 µm3 was used.

1.3.5

Electrical resistivity

A setup for d.c. resistance measurements of thin films at high temperatures in defined gas atmospheres was developed (Figure 1.14) in collaboration with the Materials
Group of the Paul Scherrer Institute. The setup is constituted by three main subsystems: a heating system, a gas flow system and a measuring system. The heating
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Figure 1.13: Raman spectra of zirconia polymorphs. From bottom to up: cubic ZrO2
(stabilised by 9.5 mol% Y2 O3 ), tetragonal ZrO2 (stabilised by 3 mol% Y2 O3 ), monoclinic ZrO2 .

Figure 1.14: Setup developed for d.c. electrical resistance measurements at high temperatures.
element, an alumina encapsulated resistive button-style heater Pt filament of 2” diameter with internal K-type thermocouple for temperature control (Heat Wave Labs), was
installed on a home constructed water-cooled stainless steel base with vacuum compatible electrical feedthroughs (Vacom GmbH) and gas connections (Swagelok) at the
bottom. The heater was connected to a SM 18-50 power supply (Delta Elektronika)
controlled by an ET-3504 temperature controller (Eurotherm) through the electrical
feedthroughs. The heater allows a peak set point temperature of 800 ◦ C at a maximum
heating rate of 5 K/min. A safety guard, installed on the water cooling return line,
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gives an alarm signal in the case of insufficient water cooling flux to avoid any damage
to the heater.
The top of the housing base can be optionally closed by a removable KF NW 63 oneend closed quartz tube (EVAC AG) with a rubber gasket. In this way a sealed gas
tight compartment around the heater could be realized. Different gases Ar, O2 , H2
or respective mixtures with mass flow controllers (MicroFlo, Pneucleus Technologies
LLC) installed for a defined continuous flux in the range of 0-100 sccm each could
be purged within the closed atmosphere through the gas connections at the housing
base bottom. A zirconia-based pO2 -sensor (Rapidox 2100, Cambridge Sensotec Ltd.)
installed downstream detects the oxygen partial pressure.
The sample, placed on the top of the heater, is electrically connected via Pt wires
to the measuring system through the remnant electrical feedthroughs at the housing
base bottom. The measuring system consist of a Keithley 2700 digital multimeter
and an integrated Keithley 7700 multiplexing unit, which allows conducting two four
point resistance measurements in one experiment. The Keithley 2700 allows a reliable
resistance measurements in the range of ∼10 mΩ - 100 MΩ. Higher resistances are
detected by using a Keithley 6220 d.c. source in combination with a Keithley 6514
electrometer. The terminal insulation (> 10 GΩ) of the multiplexing unit limits the
maximum resistance that can reliably be measured to ∼1 GΩ.
The thin film samples were contacted either in two or preferably in four terminal inplane geometry (Figure 1.15) by sputter coating parallel metallic (Pt or Ag) electrodes
(10 x 0.5 mm) of about 200 nm thickness on top of the film using a mask. The spacing
of the inner electrodes was 5 mm (w). The additional outer electrodes in the four point
configuration were distanced 2 mm to the respective inner electrodes.
Pt wires were attached to the electrodes with conductive Ag or Pt paste (CL11-5100,
Heraeus) and fixed after drying at 120 ◦ C for 1 h in an electrical oven with ceramic
glue (Feuerfestkitt, Intertechno FIRAG AG) at the substrate edges, which was hardened at 120 ◦ C for about 5 h subsequently. Cylindrical polycrystalline bulk samples (
∼5 mm, length: ∼30 mm), fabricated analogously to the PLD targets and contacted
with Pt paste and wires, were investigated for comparison in a four point probe configuration. D.c. resistance data were acquired in a temperature range of 25 ◦ C to a
maximum of 800 ◦ C at a heating/cooling rate of 3 K/min in different gas atmospheres
at a continuous gas flux of 20 sccm over multiple temperature cycles.
The total electrical conductivity (σ) can be calculated from the measured resistance
values, R, according to
w
(1.19)
σ=
R·`·t
where w represents the distance between the voltage probe terminals and the product
` · t being the cross-section area available for current conduction as shown in Figure
1.15.
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Figure 1.15: Schematic drawing of electrical contacting of thin film samples in four
terminal ‘in-plane’ geometry.

Chapter 2
Crystallisation of 8 mol%-YSZ thin
films deposited by RF-sputtering1
2.1

Introduction

In the last years the use of thin films in micro solid oxide fuel cells (SOFC) [17, 18] or
chemical sensors [119, 120] allowed to reduce their size and operating temperature [76,
121]. Yttria stabilised zirconia is used as electrolyte membrane in micro solid oxide fuel
cells with thicknesses of some hundred of nanometers [9, 122, 123]. YSZ thin films can
be produced by physical vapour deposition techniques, including sputtering and pulsed
laser deposition, as well as by chemical and liquid precursor precipitation methods like
chemical vapour deposition, sol-gel, spin- or dip-coating and spray pyrolysis [9, 124].
Depending on the thin films’ deposition temperature crystalline [64, 125], biphasic
[9] or amorphous films [68, 126] are obtained. Amorphous and biphasic thin films are
then crystallised by a post deposition annealing process in order to tailor the thin films’
properties. The micro-structural characteristics affect the electrical [63, 65], optical [70,
127] and mechanical [123, 127, 128] properties of the thin films. Literature data of the
total conductivity of YSZ thin films differ more than two orders of magnitude [63, 65,
129]. Such scatter may primarily originate from differences in degrees of crystallinity,
strain or phase composition [130–132].
Knowledge of the crystallisation and grain growth processes is therefore at the basis of
micro-structural engineering essential for the production of electroceramic components
with desired properties. Despite their technological importance, the crystallisation
and grain growth of ceramic metal oxide thin films have been only studied in few cases
1

The results of this Chapter have been submitted for publication in part as: R. Frison, S. Heiroth,
J.L.M. Rupp, K. Conder, E. J. Barthazy, E. Müller, M. Horisberger, M. Döbeli, L.J. Gauckler,
“Crystallization kinetics of 8mol% Yttria-stabilzed Zirconia thin films deposited by RF-Sputtering”,
submitted to Solid State Ionics, n. SSI-D-12-00261.
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[126, 133–135]. Recently time-temperature-transformation (TTT) diagrams have been
proposed for ceria-based thin films to describe the degree of crystallinity over time and
temperature relative to the films’ deposition conditions [134]. In the case of sputter
deposition, many studies were dedicated to the role of Y-doping level on the crystal
structure of the thin films [71, 72, 136, 137], or to the deposition conditions on the
elemental composition [73, 74]; no study focused on the crystallisation of YSZ thin
films.
In this work, we study the thermal stability of the amorphous state along with the
kinetics of crystallisation and grain growth of 8 mol%-YSZ thin films deposited by
radio frequency sputtering at low temperature. The results will clarify whether YSZthin films processed by low temperature sputtering develop a stable microstructure and
will help to optimise the thin films’ properties for their use in micro-solid oxide fuel
cells.

2.2

Thin film morphology

The as-deposited films, 200±10 nm thick, showed a good adhesion to the sapphire
substrate with homogeneous and dense microstructure as revealed by SEM analyses,
(see Figure 2.1).

(a)

(b)

Figure 2.1: SEM images: a) top view b) and cross section of ∼200 nm thick as-deposited
8 mol%-YSZ thin film on sapphire substrate.
Additionally, SEM cross section-images revealed a tendency to develop a columnar
microstructure, as it is represented in Figure 2.1. Typical column width ranged within
20-40 nm.
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High resolution TEM micrographs of as-deposited samples, Figure 2.2, confirmed the
SEM results and, additionally, revealed the formation of a biphasic polycrystalline
structure with small crystallites (dark spots) of size 5-10 nm, dispersed into a lowcontrast matrix which could be attributed to crystallites out of Bragg condition (respect to the electron beam direction) or to amorphous material. This is a typical effect

(a)

(b)

Figure 2.2: TEM micrographs: a) cross section and b) detail of as-deposited 8mol%YSZ thin film on sapphire substrate.
observed in a polycrystalline material deposited at low temperatures [138]. We conclude that a biphasic amorphous-crystalline microstructure for the as-deposited film
was obtained. The crystallites, starting from the initial nucleation centres, grow along
a preferential direction with the grain boundaries oriented vertically building up an
array of rod-shaped columns each surrounded by lower density material. In TEM micrographs of 500 ◦ C-annealed samples, shown in Figure 2.3, an increase of crystallised
phase volume with respect to the as-deposited sample (Figure 2.2) could be qualitatively estimated by observing the density of the dark spots and the columnar alignment.
Further, after a close inspection of the TEM micrographs (Figure 2.2 and 2.3), presence of pores could be excluded as, if present, they would appear as light spots within
the sample matrix. Additional scanning TEM pictures were acquired confirming this
conclusion.
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(a)

(b)

Figure 2.3: TEM micrographs: a) cross section b) and detail of 8 mol%-YSZ thin film
annealed at 500 ◦ C for 20 h.

2.3

Thin Film Structure

The results obtained from the TEM analyses were confirmed by the results of the
XRD experiments as shown in Figure 2.4, where a comparison of diffraction pattern
of the as-deposited and ex-situ annealed samples is presented. In the case of the
as-deposited samples (lowest panel) the diffraction pattern clearly showed a distinct
though very broadened Bragg peak, typical of small crystallites and lattice defects
[139]. The diffraction patterns, Figure 2.4, matched both the reference patterns of the
cubic: ICDD PDF-card # 01-030-1468 and tetragonal: ICDD PDF-card # 01-070-4432
phases of 8 mol%-YSZ though with a significant peak shift of ∆2θ(200) ∼0.15◦ . The
thermal treatment in air led to the crystallisation of the films. Figure 2.4 presents the
diffraction patterns of 8 mol%-YSZ thin films ex-situ annealed at different temperatures
for 20 h, where the characteristic peaks of YSZ could be observed. The comparison
of the diffraction pattern clearly revealed a systematic shift to larger Bragg angles of
the peak maxima with increasing annealing temperature. Additionally the diffraction
peaks became progressively sharper and more intense indicating a simultaneous increase of the crystallised fraction and domain size. Further, a strong (220) preferential
orientation developed. A (220) preferential orientation differs to the orientation in thin
films prepared by pulsed laser deposition and spray pyrolysis [66, 126, 135, 140] where
a (111) or (100) preferential orientation is generally observed. In case of sputter de-
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Figure 2.4: XRD patterns of 8mol%-YSZ thin films annealed at 1000, 800, 500 ◦ C for
20 h and as-deposited. Asterisks (*) denotes contribution from the alumina substrate,
2θ-axis brake masks the (0001)-peak of Al2 O3 .

position, however, the (220) orientation is observed when deposition conditions similar
to the present are employed [70, 141]. In a detailed study on ion beam assisted electron beam YSZ thin films deposition Sonnenberg et al.[142] established a correlation
between growth direction and ion/atom ratio in the gas: at low values of ion/atom
ratios the (220) orientation is present, whereas at high ratios (111) orientation is observed. Thus, the present observations could be attributed to a low ionisation level of
the plasma due to the mild sputtering power, the relatively high deposition pressure
and the atmosphere composition which favours ions recombination.
Figure 2.5 shows the Raman spectra of the RF-sputtering deposited 8 mol%-YSZ thin
films annealed at different temperatures along with the spectra of an uncoated LaAlO3
substrate.
The as-deposited sample presented a broad Raman signal at ∼618 cm−1 with a
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Figure 2.5: Micro Raman spectra of, from bottom to up: uncoated LaAlO3 (100) substrate marked with asterisk (*), as-deposited and 500, 800, 1000, 1100 ◦ C-annealed
8 mol%-YSZ films 1 µm thick. Spectra are background corrected for clarity. The
vertical line marks the reference position of Raman bands in bulk cubic YSZ[143, 144].

shoulder at lower frequencies, while the Raman spectra of annealed samples showed a
sharpening and shift towards higher wave numbers up to 630.0 cm−1 . The cubic phase
of microcrystalline YSZ (c-YSZ) is characterised by only one active Raman mode for
the F2g stretching of the oxygen and cations, with a reference position at 617.2 cm−1
[145, 146], while the tetragonal phase of YSZ (t-YSZ) by six distinctive Raman modes
[143, 144], as summarised in Table 2.1. Thus the cubic phase of YSZ was obtained as
the six additional peaks characteristic of the tetragonal phase are absent (see Figure
2.5). The only observed Raman mode, with a peak position ranging from 617.6 to 630.0
cm−1 , could be therefore associated to the unique F2g mode of the cubic phase of YSZ
(c-YSZ) [145, 146]. For Y-concentration higher than 8.6 mol% Gao et al. [72] observed
only the F2g -mode of the cubic phase with a shift to its reference position inversely
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proportional to the Y-concentration. Thus, the cubic-tetragonal phase boundary was
approximately located at a Y-concentration of 8.6 mol%, very close to the value of 8.53
mol% found in this study.
This outcome, however, was found to differ substantially from recent results on 8
mol%-YSZ deposited by pulsed laser deposition [126] and spray pyrolysis [135] where
the formation of a tetragonal phase of YSZ (t-YSZ) upon annealing of as-deposited
amorphous YSZ thin films was reported. The origin of such different behaviour could
be ascribed to the interplay of a markedly distinct initial microstructures and thin
films’ stoichiometry. In the present case the YSZ-thin films were characterised by a
biphasic microstructure with a preferentially oriented columnar nano-grains, (see Figure 2.2 and 2.3), and an oxygen deficient composition as a mean stoichiometry of
Zr0.841±0.004 Y0.159±0.004 O1.89±0.004 could be attained. Thus it could be reasonable to expect that, upon annealing, the systems evolved towards an energetically favoured final
state characterised by a different microstructure, micro-strain, texture and possibly
also crystallographic symmetry. As 8 mol%-YSZ is located at the borderline of cubictetragonal in the YSZ phase diagram [52] even relatively small differences in terms of
stoichiometry and microstructure may drive the system upon thermal treatment towards markedly different final states. Position, width and shape of the Raman modes
Raman shift
[cm−1 ]
LaAlO3 (100)
492.52
617.2
256.5
318.2
YSZ
460.7
603.4
640.0
Material

FWHM
[cm−1 ]
5.91
54.3
30.3
29.8
27.4
51.4
23.8

Mode assignment
band
phase
Eg
LAO[147]
F2g
c-YSZ
Eg
t-YSZ
B1g
t-YSZ
Eg
t-YSZ
A1g
t-YSZ
Eg
t-YSZ

Table 2.1: Raman shifts, FWHMs and corresponding modes observed in YSZ powders
of the cubic (c-YSZ) [145, 146] and tetragonal (t-YSZ) [143, 144] phases. LaAlO3 is
included for completeness.
are generally modified by several factors like crystallinity [148], defects[149, 150], stress
[151], micro-strain and particle size [152]. Asymmetric and shifted Raman bands with
tailing towards lower wave-numbers have been observed and modelled in a number of
studies on micro- and nano-crystalline materials like Si [153], CeO2 [152] and TiO2
[154]. In 8 mol%-YSZ powders a broad and asymmetric F2g mode of the cubic phase
with blue-shifts up to 8 cm−1 was observed [155, 156]. Such value reasonably compares with the maximum shift of 13 cm−1 observed in this study, which could be well
explained if additional contributions from strain and lattice contraction are assumed.
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Cai et al. [151], for instance, measured a blue shift of the F2g mode up to 3 cm−1 in 10
mol%-YSZ under uniaxial stress. Large values of compressive stress may originate from
the relatively large difference in the thermal expansion coefficient of the substrate and
the film, ∆α ∼6.5x10−6 K−1 , or from the difference between the lattice parameter of
the substrate and YSZ thin film: being aAl2 O3 =4.76 Å and aYSZ =5.139 Å, respectively.
Generally, lattice defects, stress, limited domain size and micro-strain are often simultaneously present in nano-crystalline thin films, therefore for a precise estimation of
their relative contribution to sputtered films of 8 mol%-YSZ under investigation further
structural studies are required.

2.4

Crystallisation and grain growth

The degree of crystallinity of the thin films, i.e. the transformed volume fraction during the crystallisation process, was calculated as the ratio between the integrated peak
area for the given annealing time, A(t), and the reference value Ac of a complete crystallisation obtained by annealing of 8mol%-YSZ thin films at 1150 ◦ C for 20 h [157]:
X(t) = A(t)/Ac . In Figures 2.6 the evolution of the (220) peak on the annealing
time at 1100 ◦ C and the calculated crystallised fraction for two different temperatures
are presented. As expected, the crystallisation process progressed slower at the lower
temperature – 800 ◦ C – and required up to 40 hours to be accomplished, whereas at
1100 ◦ C the crystallisation could be fulfilled within 10 hours. The crystallisation was
accompanied by a lattice contraction as witnessed by the unit cell length reduction
from 5.2523 Å to 5.125 Å corresponding to the as-deposited and annealed at 1000 ◦ C
for 20 h, respectively.
The isothermal grain growth at different temperatures is presented in Figure 2.7,
where the average apparent grain size was determined applying the Scherrer equation (eq.(1.15)) to the (220) peak. For each of the isothermal dwells the grain growth
occurs mostly during an initial time period the length of which depends on temperature. Once such time is reached the grain growth slows down towards its apparent
limiting value, which is temperature dependent and e.g. reaches 55 nm at 1100 ◦ C; thus
well below the sample thickness (200 nm). The average grain sizes here obtained were
consistent with results on Yttria-doped Zirconia powders reported in the literature:
Shi et al.[158] studied the isothermal crystallite growth of cubic and tetragonal YSZ
reporting a grain size below 30 nm at 800 ◦ C and of ∼50 nm at 1000 ◦ C, while above
1100 ◦ C observed an increase in the growth rates which was attributed to the onset of
a grain-boundary migration kinetics.
In Figure 2.8 SEM micrographs of a 8 mol%-YSZ thin film annealed at 1100 ◦ C
is shown, while in Figure 2.9 a grain size distribution as derived applying the Heyn’s
mean lineal intercept method [114]. The average grain size derived from the SEM images and XRD data showed a scatter in the case of the sample annealed at 1100 ◦ C.
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Figure 2.6: a) evolution of the (220) peak on the annealing time at 1100 ◦ C in 8 mol%YSZ thin films. b) normalised volume fraction X(t) of crystallised 8 mol%-YSZ thin
films at 800 and 1100 ◦ C.
Comparing the results, however, it is necessary to consider that the Scherrer’s equation
refers to the size of a coherently diffracting domain, which is not necessarily the same
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Figure 2.7: a) Average grain size (points) in 8 mol%-YSZ thin films as derived from
XRD and least square fits (lines) according to eq.(2.1); b) micro-strain (points) in 8
mol%-YSZ thin films as derived from XRD and least square fits (lines) according to
eq.(2.2).
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as the grain size. The analysis of the crystallite shape anisotropy requires the use of
Williamson-Hall plot [139] or polar plots [159, 160] which could not be employed on
the basis of the diffraction patterns obtained.

(a)

(b)

Figure 2.8: SEM images: a) top view and b) cross section of 8 mol%-YSZ thin film
annealed at 1100◦ C for 20h deposited on Sapphire substrate.

Frequency

1100◦C

0

50

100

150

Grain

size

200

[nm]

250

300

350

Figure 2.9: Grain size distribution as derived from SEM intercept method in a 8 mol%YSZ sample annealed at 1100 ◦ C for 20 h. The solid line represents a least squares fit
with a logarithmic normal function.
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Self-limited grain growth was described, according to Rupp et al.[161], by a relaxation function describing the average grain size G(t) characterised by a relaxation time
tG , a limited grain size Gl , the initial grain size Gi and time t:



t
(2.1)
G(t) − Gi = (Gl − Gi ) 1 − exp −
tG
Grain growth stagnation in thin films was typically reported for solution based deposition techniques, like spray pyrolysis-deposited CeO2 [161–163] or 8 mol%-YSZ deposited by spray pyrolysis [135] and spin-coating [164]. Similarly, Ji and coworkers
[136] obtained by reactive RF-sputtering deposition an average grain size of 45 nm at
1000 ◦ C. The grain growth stagnation was attributed to elastic strain in the amorphous
phase and carbon impurities [133, 162] or solution drag and Y-cation segregation at
grain boundaries [164]. In Figure 2.7b the evolution of micro-strain is analysed as a
function of temperature and annealing time and compared to the grain growth data.
Opposite to the grain growth case, the micro-strain rapidly decreases within an initial
time period after which a residual micro-strain εL is reached. For the description of
micro-strain ε vs. t an exponential decay function was chosen:


t
(2.2)
ε = εL + ε0 exp −
tε
where, similarly to eq.(2.1) tε represents a relaxation time, while ε0 , εL are the initial
micro-strain value and its residual value after relaxation, respectively.
The ε0 and εL values determined in this work are in general lower than those reported
in Refs. [135, 161] for spray-pyrolysed Ce0.78 Gd0.22 O1.89 and 8 mol%-YSZ thin films.
Such difference may be attributed to a higher lever of impurities associated with the
synthesis technique. The εL value at 1000 ◦ C is ∼0.16% and in good agreement with
literature values [126].
Increasing temperature leads to a decrease of the relaxation times for the grain growth
kinetic as well as for the micro-strain. Micro-strain and grain growth show relaxation
times with a temperature dependent kinetic as shown in Figure 2.10.
The fit parameters obtained from eq.(2.1) allow to determine the chemical diffusivity
D from [161]:
(Gl − Gi )2
(2.3)
D=
4τ
where Gl , Gi have the meaning defined above and τ = tG is interpreted as a chemical
relaxation time. The temperature dependence of the diffusion coefficient could be
fitted by an Arrhenius law with an activation energy Ea =2.1±0.2 eV, indicating that
in the temperature range under investigation the crystallisation process occurred via
a grain-boundary and interface diffusion. The value for the activation energy is about
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Figure 2.10: Micro-strain and grain growth relaxation time as a function of annealing
temperature for 8 mol%-YSZ thin films.
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Figure 2.11: Diffusion constant D as derived from fit of grain growth data with eq.(2.1).

1.5 times the value of 1.3 eV obtained by Ramanathan et al. [165] in a study on the
crystallisation of 10 mol% YSZ gel prepared by precipitation methods. Similar studies
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based on Differential Scanning Calorimetry reported higher activation energies, i.e. of
2.4-3.5 eV [166, 167].
The activation energy of Y- and Zr-diffusion in single crystalline YSZ, was measured
by Kilo et al.[58] to be 4.2 and 4.5 eV respectively. It is well known, however, that
grain boundaries represent lower energy pathways for atom movements and therefore
it could be reasonable to expect a correspondingly lower activation energy in nanocrystalline systems where the contribution of the grain-boundary phase is relatively
large. Drings et al.[168], for example, obtained an activation energy of 3 eV for Zrdiffusion at grain boundaries in sintered nano-crystalline YSZ by extrapolation from
tracer diffusion secondary ion mass spectrometry data. In a recent detailed theoretical
study on crystalline and amorphous YSZ Lau et al.[169] argued that in the amorphous
metastable state the Zr4+ - and Y3+ -ions are as diffusive as the O2− anions, for which
of the activation energy was ∼0.6 eV.
Differently from the present outcomes, Heiroth et al.[126] observed in pulsed laser
deposited 8 mol%-YSZ thin films a grain growth ceasing only once the average grain
size approached the film thickness. Such different behaviour could be the result of the
distinct initial microstructure. In the present case of sputtered 8 mol%-YSZ thin films
the crystallisation process starts from a biphasic system with already preferentially
oriented columnar nano-grains whereas the as-deposited PLD films are amorphous.
Thus upon annealing of the sputtered YSZ films it is energetically favoured that the
pre-existing grains grow by grain-boundary driven processes, consuming the adjacent
amorphous parts. Whereas in the PLD case new seeds must be formed and isotropic
grain growth with a different, significantly less pronounced texture is observed. It is
possible to infer that orientation effects from the deposition affect the post-annealing
step. The distinct initial situation obtained by two deposition techniques is most
likely due to different growth regimes produced by the different energetic conditions.
Typical energies in sputtering are on the order of a few eV whereas in PLD several
tens to hundreds of eV are feasible.

2.5

Conclusions

The crystallisation of 8 mol%-YSZ thin films deposited by low temperature RF-sputtering
was investigated from room temperature to 1100 ◦ C. The as-deposited thin films are
characterised by a dense biphasic microstructure with 5-10 nm crystallites building a
columnar-like microstructure. In the temperature range 800-1100 ◦ C the crystallisation process is accomplished within 40 h at the lower temperature resulting in a grain
size of 25 nm with 0.5% micro-strain, whereas at 1100 ◦ C the grain size is 55 nm with
0.1% micro-strain. The grain growth follows a stagnating-growth with an activation
energy typical for grain-boundary diffusion of Ea =2.1 eV. The crystallised samples, as
revealed by X-ray diffraction and Raman spectroscopy, have a cubic symmetry pre-
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served through the whole crystallisation process.
8 mol%-YSZ thin films deposited by low temperature RF-sputtering present a stable
microstructure with grain sizes below 100 nm resistant to thermally activated microstructural coarsening and therefore are potentially useful as solid electrolytes in miniaturised power generation system with a reduced operating temperature.
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Chapter 3
Ionic conductivity of 8 mol%-YSZ
thin films
3.1

Introduction

The physical properties of ceramic thin films such as electronic and ionic conductivity
can be expected to depend intimately on the thin film’s microstructure. When a dimension of a physical system is reduced to the nanoscale, as in the case of thin films,
the defect chemistry responsible for many processes in solids assumes a particular importance and the physical properties are modified in respect to the bulk [130, 170–174].
This is particularly true in the field of ion and mixed conductive oxide thin films where
“size” effects have been demonstrated [175]. However, a general understanding of the
relation between microstructure and properties has not been established yet. This is
witnessed, for instance, by the large scatter of the electrical conductivity data – up
to four orders of magnitude – and the differences in the activation energies – up to
a factor of 4 – reported in the existing literature for 8 mol%-YSZ thin films (Figure
3.1). Such scatter is beyond an expectable uncertainty due to differences in the sample
preparation and/or characterisation techniques. As a consequence, questions about
the factors that effectively influence the electrical conductivity were raised within the
scientific community and are subject of an ongoing discussion to date.
In 2000 Kosacki et al. [63] claimed an enhancement of the ionic conductivity in nanocrystalline 8 mol%-YSZ thin films (with average grain sizehDiV of 20 nm) of about one
order of magnitude compared to microcrystalline thin films (Figure 3.1). The thin films
were prepared by spin coating. Such remarkable result was attributed to the increased
ratio of interfacial grain boundary volume in respect to the grain volume and defects
segregation at the grain boundary. Oppositely, several studies on YSZ thin films with
comparable thickness and grain size, but produced by different techniques, reported no
evidence for an increase of the conductivity with decreasing grain size. Joo et al. [65],
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Figure 3.1: Scatter of electrical conductivity data reported in the literature for 8 mol%YSZ thin films prepared by different techniques [62, 63, 65, 67, 113, 176–182], i.e. metal
organic chemical vapour deposition (MOCVD), spin coating (SC) [62], pulsed laser
deposition (PLD), radio frequency sputtering (RFS), direct current sputtering (DCS),
plasma spraying (PS) and atomic layer deposition (ALD).

for instance, obtained a conductivity close to the bulk data for columnar pulsed laser
deposited (PLD) thin films of YSZ (hDiV =100 nm) as well as CGO (hDiV : 40-90 nm)
[183]. Joo’s findings were later verified by Infortuna et al. (hDiV = 80 nm) [178] and
Heiroth (hDiV = 100 nm) [113, 182]. Similarly, Chen et al. [62] found no evidence for
a grain boundary effect in spin coated polycrystalline 8 mol%-YSZ thin films. Such
results are in agreement with space charge models for acceptor doped oxides like YSZ
and CGO predicting a decrease of the ionic conductivity in nanocrystalline microstructures. According to the space charge models the grain boundaries are depleted of holes
and oxygen vacancies as a result of a positive space charge potential, thereby the grain
boundary resistance is increased [130, 174].
Recent results suggest that interfacial stress in epitaxial heterostructures with a large
lattice mismatch can be at the origin of a strong enhancement of the ionic transport.
A three orders of magnitude larger conductivity than that of the bulk lattice was estimated for a 1.6 nm thin interface layer in an epitaxial YSZ layer (60 nm thick) grown
by PLD on a MgO (001) substrate [140]. Similar results were reported by Sillassen
et al. [184] for epitaxial YSZ on STO and MgO grown by sputtering, while GarciaBarriocanal et al. [185] claimed a colossal increase of the in-plane ionic conductivity
at room temperature – up to 8 orders of magnitude – in YSZ/STO heterostructures.
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The result was explained assuming the formation of a disordered and oxygen depleted
interface with high vacancy mobility. Such remarkable increase, however, may include
electronic conductivity in addition to the ionic one as a result of a reduction of STO
during deposition. In any case these findings raise the question whether a strain effect
could be used to enhance the ionic conductivity of single layer thin films.
The examples given above show the importance of understanding the relationships
between the electrolyte’s microstructure such as its degree of crystallinity, grain size,
strain within grains, dopant segregation and space charge and its electrical properties.
To date, the existing literature does not provide a consistent explanation for the differences in the reported conductivity literature data.

3.2

Size and strain analysis

The crystallite size and elastic strain effects on the diffraction peaks are of two kinds:
a peak shift and a peak broadening. The size effects contribute only to the broadening
of the diffraction peaks and are constant with respect to the diffraction angle, whereas
the strain effects contribute to both broadening and shift of the diffraction peaks. The
strain, in fact, consist in a modification of the inter planar distances d [186]. In a
polycrystalline specimen a peak shift is produced if the average of the inter planar
distance modifications is different from zero. This case is realised, for instance, when
there is a mismatch between a thin film and its substrate and is generally indicated as
macro stress. Differently, a peak broadening occurs if the standard deviation of inter
planar distance modifications is different from zero. This case originates, for instance,
from lattice defects like dislocations, stacking-faults, stoichiometry fluctuations etc. As
in the vicinity of a dislocation the atoms reside on equilibrium positions distinct from
those occupied in the unperturbed lattice and cause the surrounding bond lengths to
contract and/or expand. Consequently the inter planar spacing d is subjected to a
variation and may not be accounted for by its nominal value dhkl , but by a distribution
of d values. The strain fields therefore cause a smearing of scattered intensity around
dhkl and a broadening of reflections. Such strain fields are denoted as micro-strain.
The quantitative analysis of size and strain components was carried out according
to the method proposed by Williamson and Hall [187] where the broadening of a
diffraction peak, represented by its full width at half maximum (Γ), owing to the
sample microstructure is assumed to be the sum of the FWHM due to size and strain
effects:
Γ = Γsize + Γstrain
KS
2 sin(θ)
cos(θ)
=
+ 2ε
Γ(2θ)
λ
hDiV
λ

(3.1)
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Where K S is the Scherrer’s constant and hDiV , ε represent the volume averaged domain size and average microstrain respectively. Thus, according to eq.(3.1) hDiV and
vs. 2 sin(θ)
(Williamson-Hall plot), by a least
ε can be determined, plotting Γ(2θ) cos(θ)
λ
λ
squares fit. The derivation of the sample-microstructure related line broadening was
performed according to the procedure described in Appendix A.
Figure 3.2 presents a comparison between the diffraction patterns of as-deposited sample and samples annealed at 500, 700, 900 and 1000 ◦ C for 20 h. The diffraction pattern

Figure 3.2: Diffraction patterns of as deposited and annealed samples at different
temperatures for 20h.
corresponding to the as-deposited sample presents distinct broadened peaks characteristic of small crystallites, in agreement with TEM analyses reported perviously, Figure
2.2. It was also shown that a preferred orientation along the (220) direction was developed at a temperature as high as 1000 ◦ C. In Figure 3.3 the Williamson-Hall plots
for the annealed samples are shown. The scatter of the data clearly decreases with
increasing annealing temperature, indicating a reduction of the peak shifts due to the
micro-strain.

Figure 3.3: Williamson-Hall plots for 8 mol%-YSZ thin films annealed at different temperatures, dashed lines mark
confidence intervals.
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Table 3.1 presents the average grain size and micro-strain as derived by the WilliamsonHall analysis performed on samples annealed at 500, 700, 900 and 1000 ◦ C for 20 h, and
additionally on samples annealed at 1000 ◦ C for different times. The determination of
the micro-strain in the as-deposited sample was not possible due to the large scatter
of the data in the Williamson-Hall plot, however, applying the Scherrer equation (eq.
(1.13)) a hDiV of 10 nm was obtained. The average grain sizes of annealed samples
were found to increase together with annealing temperature and were in agreement
with the results previously presented in Chapter 2.4. The micro-strain decreased with
annealing temperature reflecting the healing of defects; remarkably the ε of the 500
◦
C-annealed sample was found to be 1.1%, this is a rather high value indicating a
high concentration of defects. Such value however compares with results reported for 8
mol%-YSZ deposited by spray pyrolysis (SP) [135] where a residual ε as high as 0.9%
for samples annealed at 600 ◦ C for 20 h was obtained. The micro-strain value of the
1000 ◦ C-annealed sample was, instead, 0.15%. This value well compares with the value
found in 8 mol%-YSZ thin films deposited via PLD and annealed in similar conditions
[126] while for 8 mol%-YSZ thin films deposited by spray pyrolysis the micro-strain
was ∼0.4% [135].
T [◦ C]
as deposited
500
700
900
1000
1000
1000
1000

time
–
20h
20h
20h
10 min
2h
10 h
20h

hDiV [nm]
11±5
16±7
16±1
32±6
23±6
39±6
44±7
46±6

ε [%]
–
1.1±0.4
0.7±0.1
0.17±0.06
0.20±0.09
0.18±0.05
0.17±0.03
0.15± 0.03

Table 3.1: Average grain size and micro-strain derived by Williamson-Hall plot of 8
mol%-YSZ thin films.
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In Figure 3.4 the total conductivity (σ) of nano-crystalline 8 mol%-YSZ thin films in
comparison with literature values [113, 188, 189] is presented. The maximum conductivity value in this work was obtained for the sample annealed at 1000 ◦ C while
the lowest for those annealed at 500 ◦ C. The values differ by a factor of four. The
conductivity data obtained for samples annealed at 1000 ◦ C display decreasing values
with increasing annealing time. The difference between the highest value ( 10 min
annealing) and the lowest ( 20 h annealing) is about 58% as measured at 500 ◦ C. After
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Figure 3.4: Total conductivity of 8 mol%-YSZ thin films annealed at different temperatures and compared with literature values: ‘Sillassen DCS 1’ and ‘Sillassen DCS
2’:[189].
Kosacki et al. reported an enhanced ionic conductivity in textured nano-crystalline
YSZ thin films [63, 140], much attention has been devoted to the ‘size-effect’ on conduction properties of nano-crystalline thin films. Figure 3.5 presents a comparison of
conductivity values measured on 8 mol%-YSZ thin films deposited by different techniques and characterised by comparable micro-strain values but different average grain
sizes. The samples prepared for this work by RF sputtering were annealed at 1000
◦
C for 20 h and were characterised by hDiV =46 nm and ε=0.15% (see Table 3.1).
Similarly, 8 mol%-YSZ thin films produced by SP had a hDiV ∼60 nm after the same
thermal treatment [190] while annealed 8 mol%-YSZ thin films deposited by PLD by
Heiroth et al. [113, 182] were characterised by a hDiV > 100 nm and ε∼0.1%. Additionally in Figure 3.5 the conductivity data reported by Kosacki et al. for YSZ thin
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films with a hDiV of 20 nm are presented as example. For the last data, however, no
strain values have been reported. It can be noticed that the thin films produced by
RFS and SP, characterised by a similar average grain sizes, had close electrical transport properties. Differently, the conductivity values of PLD-deposited thin films were
found to be about five times higher and comparable with existing literature data on 8
mol%-YSZ thin films [65] with similar hDiV and with bulk microcrystalline 8 mol%YSZ. In general, therefore, the results obtained within the NANCER project provide
no evidence for a nanoscale enhancement of the ionic conductivity in agreement with
recent studies [62, 65]. The observed contrary effect of a lower conductivity for smaller
grain sizes could be explained, on the basis of the bricklayer model [174], assuming an
increased ratio of interfacial grain boundary area/grain volume. In a polycrystalline
sample two principal electrical conduction pathways exists: a first path conducting the
current via the crystallites interior and a second one via the grain boundaries. The
second pathway is preferred only if it is characterised by a lower resistivity. In extrinsic
ionic conductors like YSZ and CGO the space charge models [191] predict a depletion
of holes and oxygen vacancies at the grain boundaries as a result of a positive space
charge potential increasing the grain boundary resistance relative to the grain interior
[130, 174]. As a consequence an increased fraction of interfacial area could result in a
decreased conductivity.
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Figure 3.5: Total conductivity of 8 mol%-YSZ thin films, with literature values compared with literature values: ‘Heiroth Pulsed Laser Deposition (PLD)’:[113], ‘Scherrer
Spray Pyrolysis (SP)’:[190],‘Kosacki Spin Coating (SC)’:[63].
Figure 3.6 presents the plots of the conductivity at 500 ◦ C and activation energy vs. the
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micro-strain for 8 mol%-YSZ thin films deposited by different techniques. The conduc−3.0
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Figure 3.6: a) Conductivity at 500 ◦ C and b) Activation energy of conduction dependence on microstrain of 8 mol%-YSZ thin films deposited by different deposition
techniques: RFS: this work, ‘Heiroth PLD’:[113]’, ‘Sillassen DCS’:[189].
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tivity data of RFS deposited thin films do not follow a global trend vs. micro-strain as
the conductivity of the samples annealed at the higher temperatures (900 and 1000 ◦ C)
show the opposite dependence on micro-strain than the samples annealed at the lower
temperatures (500 and 700 ◦ C). Such discrepancy would suggest that the micro-strain
analysis alone is not sufficient to rationalise the full set of conductivity data.
Although a direct proportionality between conductivity and micro-strain has been already reported for CGO-thin films deposited by different techniques [123, 163], the
present experimental evidence suggests that the conduction properties of RFS-deposited
8 mol%-YSZ have an additional dependence on the crystallinity and, more generally,
by the film’s microstructure. This is witnessed for instance by the case of PLD deposited thin films [113] where, according to the trend observed in RFS thin films and
the low strain state a lower conductivity should be expected. The microstructures
of PLD thin films obtained by Heiroth et al. [113, 182] were characterised by large
grains with a low contribution of the grain boundary to the total mass. Thus, the
higher conductivity of PLD thin film could be explained by a bulk-like microstructure
providing more favourable conditions for the oxygen ion transport. In Chapter 2 the
crystallisation characteristics of 8 mol%-YSZ thin films on the basis of the grain growth
kinetics was studied, and it was concluded that the crystallisation proceeds through
a grain boundary and interface diffusion. Moreover it was observed that RFS thin
films were generally characterised by a columnar microstructure and nano-grains with
average size well below the film’s thickness (Table 3.1). As a consequence, it has to be
assumed that such RFS deposited thin films are characterised by a higher concentration
of defects. The trend observed in high temperature annealed RFS thin films could be
explained on the basis of a diffusion enhanced by defects, like dislocations [192] where
the disordered internal region is typically characterised by a low activation energy for
diffusion [193]. This concept of fast diffusion paths in solids has been extended to
different kind of lattice defects including grain boundaries (i.e. arrays of dislocations)
[194], and therefore when diffusion paths are short like in nano-crystalline thin films
such characteristic may have a critical role and influence the fundamental behaviour of
the material. The same reason would explain the general trend of decreasing activation
energy with increasing the micro-strain. According to such considerations, however,
the opposite trend observed in DCS deposited thin films [189], where at higher strain
states correspond also higher activation energies appears contradictory. It should be
stressed however the strong difference of micro-strain values: in the case of DCS thin
films micro-strain values were greater than 1.9% that is at least 72% higher than in
the case of RFS deposited thin films. Thus, if on one hand such high values of microstrain signify a high concentrations of defects providing favourable conditions for anion
motion, on the other the existence of opposing effects like defect-defect interactions
and Y3+ cations segregation at grain boundaries could be expected. Therefore, if a
Y3+ -segregation is assumed then along the grain boundaries a modified stoichiometry
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would exist with yttria concentration higher than 8 mol%. It has been shown that the
activation energy for oxygen anion hopping in YSZ increases with dopant concentration
[195].
More conductivity data on YSZ thin films, possibly deposited by different methods
and with accompanying size and strain data would help for a clearer understanding of
microstructure-conductivity relationship in YSZ thin films.
Figure 3.7 illustrates the oxygen partial pressure dependency of the electrical conductivity for 8 mol%-YSZ thin films revealing a slight decrease of σ towards lower pO2 . A
decrease of the electrical conductivity at low pO2 was also observed by Kosacki et al.
[63] who postulated a change in the mechanism of charge carrier compensation, which
reduces the charge carrier concentration. An increase of the conductivity towards low
pO2 would be expected for an electronic contribution induced by a reduction of the
material. This is not observed in the investigated 8 mol%-YSZ films, which proves a
predominantly ionic conduction.
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Figure 3.7: Oxygen partial pressure dependence of the total in-plane electrical conductivity of 200 nm thick 8 mol%-YSZ thin films annealed at 1000 ◦ C on a sapphire
(0001) substrate by RFS.

3.4

Conclusions

The electrical conductivity of 8 mol%-YSZ thin films deposited by RFS was investigated in relation with their micro-structural characteristics. The comparison with
literature data showed that, in general, the conductivity of 8 mol%-YSZ thin films improves with the lattice order and approaches maximum values close to data for sintered
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microcrystalline bulk samples when coarse grained microstructures are present. The
electrical conductivity of 8 mol%-YSZ with nano-crystalline microstructures obtained
in this work by RFS showed a lower electrical conductivity in comparison to bulk-like
micro-strucutres, in agreement with space charge models predicting a blocking nature
of the grain boundaries in YSZ. Thus, no evidence for a nanoscale enhancement of
the ionic conductivity, as reported previously [63, 196], was observed. However, in
RFS deposited thin films a dependence of the conductivity on lattice micro-strain was
observed. At higher strain values higher conductivity values were obtained along with
a decrease of the activation energy. Such behaviour found a correspondence in literature for the electrical conductivity values of spray and flame-spray pyrolysis deposited
Ce1−x Gdx O2 thin films [123, 163].

Chapter 4
Experimental II
4.1

Materials

In this work the layered cobaltites LnBaCo2 O5.5+δ , with Ln =Pr, Sm, Tb, were synthesised in form of ceramic powders in order to evaluate them as potential cathode
materials in µ-SOFC.

4.1.1

Synthesis

Sintered ceramic powders samples of layered cobaltites LnBaCo2 O5.5+δ were prepared
by solid state reaction of the oxides Pr6 O11 , Sm2 O3 , Tb4 O7 , BaCO3 and Co3 O4 as
starting components with purity higher than 99.994%. A pre-annealing of the Ln2 O3
oxides at 850 ◦ C was performed in order to eliminate possible traces of water and
carbon dioxide. The oxides were weighted in stoichiometric amount and thoroughly
mixed in a mortar, afterwards a series of sintering steps at temperature between 900
◦
C and 1200 ◦ C of 20h duration with intermediate grindings were performed in order
to obtain well crystallised and single phase powders.
Oxygen getter reduction
Most of the physical properties of LnBaCo2 O5.5+δ strongly depend on the oxygen content. Therefore, a precise determination and control of the oxygen content was mandatory in the present work in order to obtain meaningful and comparable results. The
oxygen content in the LnBaCo2 O5+x samples was tuned by the oxygen-getter technique
[197] which consists in annealing a sample along with a metallic getter inside in a closed
system, typically a quartz ampoule sealed under vacuum. The ampoule containing two
separated crucibles with the sample and the getter is annealed at the temperature at
which the getter oxidation starts (e.g. 850 ◦ C in the case of Cu). In such technique the
getter’s mass is the controlling parameter dictating the final oxygen content. It has to
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be noted, however, that the generated partial pressure of oxygen by the getter is low
enough to reduce the oxide.

4.2

Phase purity and crystal structure

The phase purity as well as the crystal symmetry and the lattice constant were determined by X-ray diffraction (see Chapter 1.3.4). The analysis of the samples’ structural
properties was performed on the basis of the Rietveld refinement procedure [198, 199]
where least-square refinements of a set of parameters are performed until the best
agreement between the observed diffraction pattern and a calculated pattern is obtained. The calculated diffraction pattern is described by the diffracted intensity yi,calc
at a given 2θi which is given by:
X X
yi,calc =
Sφ
Lφ,h Aφ,h Pφ,h |Fφ,h |2 Ω(2θi − 2θh ) + yi,b
(4.1)
φ

h

where Ω(2θi − 2θh ) is an analytical function assumed to describe the peak shape,
while 2θh is the calculated angular position for the Bragg reflection; L expresses the
Lorentz, polarisation, and multiplicity factors; A the absorption factor; P the preferred
orientation and F is the structure factor, while yb,i is the background intensity. The
two indexes φ and h mark phase and Bragg reflection, respectively. The refinement
procedure involves the minimisation of the function χ2 :
X
χ2 =
wi (yi,obs − yi,calc )2
(4.2)
i

where wi = 1/yi,obs is a weight assigned to the observed net intensity yi,obs .
Rietveld refinements were performed with the FullProf program [200]. For the calculated pattern a series of parameters like size, lattice constant, atomic positions and site
occupancy were refined.

4.3
4.3.1

Thermal analyses
Thermogravimetry - oxygen stoichiometry

Thermogravimetry (TG) is a thermal analysis technique in which the mass of a substance is measured as a function of time while the temperature is changed according
to a specific program. In this work the thermogravimetric reduction was used for the
oxygen content determination in LnBaCo2 O5+x samples. The samples were heated in a
reducing atmosphere (here He+5%H2 ) until the reduction reaction was completed. Assuming that the products of the reduction and their oxygen stoichiometry are known,
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from the weight loss the oxygen content in the starting sample can be calculated. In the
case of cobaltites, independent on the average cobalt valence in the starting material,
as the cobalt is reduced to the metallic state the reduction reaction can be written as
follows:
1
LnBaCo2 O5+x + (2.5 + x)H2 → Ln2 O3 + BaO + 2Co + (2.5 + x)H2 O
2

(4.3)

Figure 4.1 shows the result of a thermogravimetric hydrogen reduction on PrBaCo2 O5+x
samples. All the measurements have been carried out with a NETZSCH STA 449C
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Figure 4.1: Thermogravimetric hydrogen reduction of three PrBaCo2 O5+x samples with
different oxygen content. Above 800 ◦ C the reaction is completed.
analyser equipped with a PFEIFFER VACUUM ThermoStar mass spectrometer. All
the thermogravimetric reduction experiments have been done in a stream (60 cm3 ) of
He with 5% H2 , heating the samples up to 950 ◦ C with a rate of 2 ◦ C/min and applying the correction for the buoyancy force, i.e. blank experiments (base line) have been
performed at the same conditions with empty crucibles.
In this work thermogravimetry was also used to study the oxygen thermodynamics of
LnBaCo2 O5.5+δ samples. Such experiments were performed by heating the sample at
constant oxygen partial pressure (pO2 ) changing the temperature stepwise once equilibrium of the mass was reached. Selected pO2 were obtained mixing He and O2 gases
in right proportions by means of calibrated mass flow controllers. Since, in this case,
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the initial oxygen content of the sample was known, the total oxygen content index
5.5 + δ at equilibrium at certain pO2 and T was calculated according to:
5.5 + δ =

Ms ∆ws
MO ws

(4.4)

Where Ms , MO , are the weights of the sample and of the oxygen atom and ws is the
weight of the sample. Results are presented in Chapter 5.

4.3.2

Differential Scanning Calorimetry

Differential Scanning Calorimetry (DSC) [201] is one of the most valuable techniques
for the investigation of phase transitions in condensed matter. A schematic drawing
of a DSC is presented in Figure 4.2. When the furnace is heated, the heat flows to
the sample (S) and the reference (R). When the same heat flows into the sample
and reference, the differential temperature signal (∆T ) is zero assuming the same heat
capacity of sample and reference. Once a phase transition occurs, some latent heat
is consumed or released by the sample and a signal proportional to the temperature
difference between the sample and the reference is generated: φm = −k · ∆T , where
∆T = TS − TR and k is a calibration factor. In this work a NETZSCH DSC 204 F1
S

R

!FS

!FR
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T(t)

TR
K(T)

!m

Computer Recorder

Figure 4.2: Schematic drawing of a DSC instrument.
Phoenix - Differential Scanning Calorimeter was used to investigate structural phase
transition in cobaltites in the temperature range of -180-550 ◦ C. About 50 mg of powder sample were closed in an aluminium crucible under air, DSC runs were typically
performed at a heating rate of 20 ◦ C/min under a Ar stream. It is thus assumed that at
such high heating rate, the oxygen content of the sample does not change significantly.

4.4 Diffusion properties
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Diffusion properties

The characterisation of oxygen transport in solids is of paramount significance for O2−
ion conducting oxides, like ceramic electrolyte materials and mixed ionic electronic conductors (MIECs). The ionic conductivity is directly related to the oxygen self diffusion
coefficient, D, by the Nernst-Einstein equation while the surface exchange coefficient,
k, can be considered as a measure for the catalytic activity towards reactions involving
oxygen species such as the oxygen reduction reaction. Oxygen diffusion coefficient can
be determined either by direct or indirect methods [202]. Direct methods are based on
the Fick’s laws and the phenomenological definition of the diffusion coefficient therein.
They are sensitive to long-range diffusion and in this sense they provide a macroscopic
information. Oppositely indirect methods usually study phenomena which are correlated with the diffusion jumps of atoms and provide an estimate for the mean residence
time τ of the diffusing atom. The diffusivity is deduced applying a microscopic model
and the Einstein-Smoluchowski relation D = d/(6τ ), where d is the mean atomic jump
length.
In this work the diffusion coefficient in PrBaCo2 O5.5+δ samples was studied by oxygen
tracer diffusion experiments. Such experiments consist of two fundamental steps: (i)
the 18 O isotope exchange, i.e. the partial substitution of a small amount of natural
O-atoms in the samples with 18 O-atoms; (ii) the measurement of the isotope concentration (c(18 O)) along a certain direction by an analytical technique like e.g. secondary
ion mass spectrometry. Tracer diffusion experiments with stable isotopes represent a
direct method to accurately investigate the mass transport in condensed matter. The
term tracer refers to the trace elements, labelled by radioactivity or by isotopic mass,
i.e. tiny amounts of the diffusing species.

4.4.1

Oxygen isotope exchange

Oxygen isotope exchange experiments have been performed on prepared PrBaCo2 O5.5+δ
powder and sintered ceramic pellets. The powder were synthesised as described previously (Chapter 4.1.1), while in order to obtain the ceramic pellets, the synthesised
powders were cold pressed under 400 MPa isostatic pressure. The as-pressed ceramic
rod was subsequently sintered in air at 1250 ◦ C and then cut in several pellets, which
were polished on one face to reduce surface roughness prior to oxygen isotope exchange
experiments. It was measured that the density of the pellets was ∼94% of the theoretical value as determined by XRD.
The exchange apparatus (Figure 4.3) was equipped with a mass spectrometer (BALZERS Prisma), which allows the determination of the progress of the exchange, by
measuring the isotopic composition of the gas inside the tube. During the isotope
exchange between the gas (18 O2 ) and the solid phase (containing at the beginning natural oxygen), the gas phase will be enriched in 16 O2 and 18 O16 O molecules. Therefore
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assuming equilibrium is existing between the gas and the solid phases the progress of
the exchange reaction can be calculated by the following relation:
β=

[18 O] + 1/2[18 O16 O]
[16 O] + [18 O16 O] + [18 O]

(4.5)

As high diffusion coefficients were to be expected [85, 87] the exchange annealing experiments have been performed at T =350 and 450 ◦ C and p =1 bar for respectively
30 and 15 min, in order to obtain diffusion profile lengths compatible with the SIMS
apparatus limitations. Before each exchange experiments the samples were annealed
in a natural oxygen of natural isotopic abundance atmosphere at the same temperature and pressure conditions as the subsequent isotopic exchange but for a time period
about one order of magnitude higher. In the exchange experiment the samples were
heated to the target temperature with a rate of 5 K/min and cooled after the specified
dwell time with the same rate. An effective duration of the exchange, which takes into
account the finite heating and cooling rate, was calculated using the method described
by Killoran [203] for the fitting of the experimental diffusion profiles. For the exchange
experiments the 18 O2 gas of 95% enrichment (EURISO-TOP, France) was used.

Figure 4.3: Experimental set-up used for the oxygen isotope substitution [204].

4.4.2

Secondary Ion Mass Spectrometry

Secondary ion mass spectroscopy (SIMS) is an analytical technique primarily used for
the analysis of dopant and impurity distributions in the semiconductor industry with
high sensitivity (ppm-ppb level). In a SIMS experiment atoms are sputtered off from
the surface of a solid, mainly as neutral atoms and a small fraction as ions. Only the
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latter can be analysed in a mass spectrometer. Several aspects of the sputtering process
are illustrated in Figure 4.4. A focused beam of energetic (0.25-30 keV) primary ions
Mass
specrometer
Ion gun

h!

Primary ions

implant
displacement
implanted

Secondary ions
sputtering depth

cascade

Primary ions
penetration depth

Figure 4.4: Schematic illustration of the SIMS experiment and physical processes upon
ion beam bombardment of a solid.
impacts with the target and the primary ions’ energy is dissipated by multiple collisions with the atoms of the matrix (‘collision cascade’) resulting in atomic relocations
(‘ion beam mixing’) within the primary ion penetration depth (ca. 0.5-30 nm) that
depends on the projectile, its initial energy, the target material and incident angle.
A target atom is ejected when its energy exceeds some threshold energy, typically of
few eV. The rest of the energy focused on the target dissipates into atomic mixing
and heat. The secondary ions (positively or negatively charged) can be separated and
detected according to their mass to charge ratio, m/z, by a mass spectrometer such
as a quadrupole, time-of-flight or sector field instrument providing information on the
elemental and isotopic composition of the solid. In SIMS analysis the elemental quantification of the experimental data is, in general, difficult as the measured intensity
associated with each ionic specie i is given by: Ii = αi · Ti · ci · A · r. Where αi , the
elemental ionisation probability, is strongly matrix dependent. The other factors are:
the secondary ion transmission coefficient Ti , the concentration ci , the analysed area A
and the sputter rate r. Thus a careful calibration with matrix-matched standards under identical experimental conditions is required if the aim is a chemical quantification.
Oppositely, the quantification of isotope fractions is largely simplified since αi and Ti
are practically identical for isotopes of the same chemical element. Consequently in
an oxygen isotope depth profiling experiment, the 18 O isotope fraction c(18 O), can be
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directly calculated from the intensities of signals related to
c(18 O) =

I18 O
I16 O + I18 O

16

O and

18

O species:
(4.6)

In the present study the oxygen isotopic (16 O and 18 O) concentration profiles across
the first micrometers of the material were obtained by depth profiling performed with
an ATOMIKA 4000 SIMS using a 69 Ga+ primary ion beam (liquid metal source) with
25 keV energy and 3 nA current intensity. This enabled a spatial resolution below 1
µm and an in-depth resolution better than 10 nm. Each depth profile was performed
on 20×20 µm2 scanned area. Since the intensity of secondary ions can decrease with
the crater depth because of screening effects of crater sides and an energy shift of
the ions with the depth, the depth investigated was in the range 6-8 µm for a crater
size of 20 µm. The diffusion profile were constructed from the plot of 18 O tracer
concentration versus distance travelled within the sample. The distance was deduced
from a measurement of the total crater depth by surface profilometry, assuming that
the material was removed uniformly as a function of time.

4.4.3

Oxygen isotope back exchange

As mentioned above and in the introduction (see Table 2), the double layered perovskites LnBaCo2 O5.5+δ are characterised by a high diffusivity at low temperature.
As a consequence the determination of the oxygen tracer diffusion coefficient D∗ by
depth profiling proves difficult since the diffusion length can easily exceed the depth
resolution of the instrument. A possible work around of such problem could consist
in producing a long diffusion profile within a ceramic pellet and measure the isotope
concentration along the surface of the sample’s cross section. Such approach, however,
requires a very high lateral resolution which is not always available.
Alternatively the oxygen diffusion coefficient can be measured by thermogravimetry
during either oxidation or reduction of a nonstoichiometric sample, in such a case
the oxygen diffusion proceeds in an oxygen-concentration gradient and the chemicaldiffusion coefficient has to be used in the Fick’s equations. A further possibility is
to perform a thermogravimetric measurement during the isotope exchange, thus without any change of the oxygen stoichiometry, in this case the process is characterised
by the tracer (self diffusion) coefficient. In this work thermogravimetric isotope backexchange measurement were performed on 18 O substituted PrBaCo2 O5.75 powders. The
isotope exchange process was performed in the closed system described above (4.4.1)
by performing a series of isotopic exchanges until the desired isotope concentration was
achieved. This was necessary since the volume of the gas in the chamber was not sufficient to obtain a desired isotope concentration in a one-step process. A liquid nitrogen
trap was used to condense and recycle the expensive 18 O2 at the and of the exchange
process, see Figure 4.3.
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Figure 4.5a shows a thermobalance run for a 18 O substituted PrBaCo2 O5.75 performed
in a stream of natural oxygen, isotope back-exchange (18 O again with 16 O) takes place
at T ∼300 ◦ C. The difference between the starting and the final weight is proportional
to the content of the heavier 18 O isotope in the sample: a 100% substituted sample
weighs ∼2.27% more than a ‘natural’ one. The grain size distribution of a PrBaCo2 O5.75
0.5
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Figure 4.5: a) Thermogravimetric curves obtained during the oxygen exchange in
PrBaCo2 O5.75 in a stream of natural oxygen; (b) A distribution of the grain sizes
in the PrBaCo2 O5.75 powder used in the experiments, the inset shows the cumulative
distribution.
sample was determined by Light scattering technique using a Mastersizer 2000.
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Chapter 5
Oxygen stoichiometry of
LnBaCo2O5.5+δ , Ln=Pr, Sm, Tb
5.1

Introduction

Double layered cobalt perovskite LnBaCo2 O5.5+δ can exist in a wide range of oxygen
stoichiometries (-0.5≤ δ ≤0.5), accordingly the Co-valence state can be 2+, 3+ or
4+. This suggests that also the physical properties of the LnBaCo2 O5.5+δ system may
change significantly within such wide stoichiometry range. Indeed the LnBaCo2 O5.5+δ
class of meterials are well-known for displaying magnetoresitivity effects1 which could
eventually make them useful as read heads in magnetic data storage. Interest in
LnBaCo2 O5.5+δ was initially a consequence of their magnetic properties, however, lately
their excellent mixed conduction properties at high temperature attracted attention as
candidate materials for cathode applications in SOFCs and and oxygen permeable
dense ceramic membranes.
In spite of significant influence of oxygen nonstoichiometry on the structure and properties of this class of materials only in few studies [103, 205] the equilibrium oxygen
nonstoichiometry was measured. Therefore, in this work measurements of oxygen nonstoichiometry in LnBaCo2 O5.5+δ with Ln=Pr, Sm, Tb were performed and a point
defect model is proposed. The model allows to calculate equilibrium constant for oxidation/reduction reactions as well as defects concentrations.
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Figure 5.1: Results of TGA experiments on PrBaCo2 O5.5+δ at different oxygen partial
pressures.

5.2

Oxygen nonstoichiometry and thermal stability

The oxygen nonstoichiometry data were obtained as described in Chapter 4.3.1. Typical results of TG-experiments on PrBaCo2 O5.5+δ samples are presented in Figure 5.1
corresponding to two thermobalance measurements performed at pO2 =0.2 bar and
4.5·10−4 bar, respectively. In Figure 4.3.1 each step correspond to a dwell at a given
temperature (475, 550, 625, 700 and 775 ◦ C), clearly, at lower pO2 , a longer time
is required in order to obtain the equilibrium. Figure 5.2 presents the plot of the
oxygen nonstoichiometry as a function of pO2 for the three materials PrBaCo2 O5.5+δ ,
SmBaCo2 O5.5+δ and TbBaCo2 O5.5+δ calculated from the mass changes. In the case of
SmBaCo2 O5.5+δ and TbBaCo2 O5.5+δ the results show that the absolute oxygen content
can assume values smaller than 5.0 at temperatures higher than 700◦ C and pO2 lower
than 4×10−4 bar. A similar experimental evidence was already reported by Tsvetkov
et al.[205] for GdBaCo2 O6−x . At low pO2 and high T the weight did not stabilise.
This could be explained assuming the onset of a phase decomposition. Consequently,
experimental data corresponding to such conditions were rejected and the value of
4.95 was assumed as the lowest oxygen stoichiometry index for the existence of the
LnBaCo2 O5.5+δ phase.
1

A magnetoresistive material shows a change of the electrical resistivity ρ when a magnetic field is
~ is the external
applied to it. The magnetoresistance value is defined as ∆ρ = ρ(H)−ρ(H=0)
where H
ρ(H=0)
magnetic field.
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Figure 5.2: Experimental thermogravimetric data (dots) and calculated values (dashed
lines) according to defect chemistry model for LnBaCo2 O5.5+δ .

5.3

Defect chemistry model

In order to model the defect chemistry of the LnBaCo2 O5.5+δ system few assumptions
were made: (i) the rare earth-metal (Ln) and Ba sublattices are fully occupied and
no interstitials, charge variations and substitutions are considered; (ii) for the Co-sites
neither vacancies nor interstitials but only charge variations have been taken into account; (iv) no defect clusters have been considered. These assumptions are supported
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by neutron and electron diffraction structural investigations [95, 99, 206–211]. Consequently, only oxygen point defects and cobalt sites with different charges were taken
into account, as summarised in Table 5.1. As reference compound LnBaCo2 O5.5 was
Co-sites
Co0Co
Co×
Co
Co•Co

cation
Co2+
Co3+
Co4+

O-sites
O×
O
V••
O
–

anion
O2−
–
–

Table 5.1: Point defects (Kröger-Vink notation) considered in the defect chemistry
model for LnBaCo2 O5.5 .
chosen, because an average oxidation state 3+ for the Co-sites can be reliably assumed.
Lastly, no differences between Co-sites (pyramidally and/or octahedrally coordinated)
have been assumed.
The oxidation/reduction reaction can be written as:
δ
LnBaCo2 O5.5 + O2
2

LnBaCo2 O5.5+δ

(5.1)

In this way the ”reference crystal” corresponds to the condition δ = 0, where all cobalt
3+
ions have an oxidation state 3+, thus Co×
Co = Co , see Table 5.1. Using the KrögerVink notation [212] the oxidation/reduction reaction (eq.(5.1)) can be written in terms
of the following defect reactions:
1
••
2Co0Co + VO
+ O2
2
1
••
2Co×
Co + VO + O2
2

×
2Co×
Co + OO

(5.2)

2Co•Co + O×
O

(5.3)

Additionally the disproportionation reaction should be considered:
2Co×
Co

Co0Co + Co•Co

(5.4)

Further, the condition on cobalt-sites stoichiometry (there are two cobalt sites in the
unit cell) is:
0
•
[Co×
(5.5)
Co ] + [CoCo ] + [CoCo ] = 2
and the electro-neutrality condition takes the form:
••
[Co•Co ] + 2[VO
] = [Co0Co ]

(5.6)

Assuming that the maximum number of available oxygen sites is O = δmax − δmin , the
concentration of the oxygen occupied sites [O×
O ] can be written as:
[O×
O ] = δ − δmin

(5.7)
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where δ max and δ min are respectively the highest and lowest values δ can assume without
decomposition of LnBaCo2 O5.5+δ . In the present case it will be δ max =0.5 and δ min =0.55.
The equilibrium constants for the reactions (5.2), (5.3) and (5.4) are:
K1 =
K2 =
Kd =

×
2
[Co×
Co ] [OO ]
1

(5.8)

1

(5.9)

•• 2
[Co0Co ]2 [VO
]pO2
• 2
[CoCo ] [O×
O]
•• 2
2
[Co×
Co ] [VO ]pO2
[Co•Co ][Co0Co ]
2
[Co×
Co ]

(5.10)

Using eqs.(5.5,5.6 and 5.10), three quadratic equations for the Co-sites concentrations
can be derived. The solutions are, respectively:
√
2(−1 ± 4K d + δ 2 − 4K d δ 2 )
×
(5.11)
[CoCo ] =
−1 + 4K d
√
1
4K d + δ 2 − 4K d δ 2
0
[CoCo ] = 1 +
−δ∓
(5.12)
−1 + 4K d
−1 + 4K d
√
1
4K d + δ 2 − 4K d δ 2
•
[CoCo ] = 1 +
+δ∓
(5.13)
−1 + 4K d
−1 + 4K d
In the expressions above both “-” and “+” roots are expressed, however only one of
the two provides meaningful values from the chemical point of view, that is positive
values satisfying eq.(5.5). In the present case such condition was obtained with the
“-” root. The equilibrium oxygen partial pressure pO2 can be obtained using eqs.(5.55.7,5.8,5.11-5.13):
2

×
[Co×
Co ][OO ]
(5.14)
pO 2 =
••
[Co0Co ]2 [VO
]K1
√
16(δ − δ min )2 (−1 + 4K d + δ 2 − 4K d δ 2 )4
√
(5.15)
= 2
K1 (δ max − δ)2 (−4K d − δ + 4K d δ + 4K d + δ 2 − 4K d δ 2 )4
A similar expression can be derived using eq.(5.9) instead of eq.(5.8).
The result of the least squares fits according to the point defect model (eq.(5.15)) along
with the experimental points for the three investigated compositions is shown in Figure
5.2. The temperature dependencies of the calculated constants (Arrhenius plots) are
presented in Figure 5.3, and the values of ∆H 0 and ∆S 0 derived from the equation
eq.(5.16) in Table 5.2:
∆H∗0 ∆S∗0
log (K∗ ) = −
+
(5.16)
RT
R
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Figure 5.3: Dependence of log(K1 ), log(K2 ) and log(Kd ) vs. 1/T in LnBaCo2 O5.5+δ .

where K∗ represents one of the constants in eqs.(5.8-5.10). The equilibrium constants
obtained from the least squares fits allow to calculate the Co ions concentrations according to the equations given above eqs.(5.11-5.13) dependent on the oxygen stoichiometry
and temperature, which is presented in Figure 5.4. Comparing plots at a given tem-
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∆H10 [kJ/mol]
-14.7±0.9
-10.7±0.3
-10.9±0.4

Material
PrBaCo2 O5.5+δ
SmBaCo2 O5.5+δ
TbBaCo2 O5.5+δ

∆H20 [kJ/mol]
-50±10
44±2
46±9

∆Hd0 [kJ/mol]
47±7
75±2
78±7

Table 5.2: Chemical thermodynamics constants calculated according to the defect
model for LnBaCo2 O5.5+δ (eq.(5.15)).
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Figure 5.4: Calculated concentrations of Co×
Co , CoCo , CoCo sites as a function of oxygen
content in LnBaCo2 O5.5+δ at three selected temperatures 475, 625 and 775 ◦ C.

perature, the concentration of Co3+ in PrBaCo2 O5.5+δ is systematically higher than
in the other two compositions. For a given composition, increasing temperature the
concentration of Co3+ sites decreases in favour of the other two. This is the effect
of the temperature dependence of the disproportionation constant (K d ). The equilibrium constants calculated according to the linear fits shown in Figure 5.3 allow to
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solve eq.(5.15) for a given value of the oxygen partial pressure, thus obtaining a useful
direct relation between stoichiometry and temperature. Figure 5.5 shows the oxygen
stoichiometry in PrBaCo2 O5.5+δ vs. temperature for different oxygen partial pressures.
Finally, all the quantities calculated so far can be used to evaluate the temperature
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Figure 5.5: Calculated oxygen stoichiometry in PrBaCo2 O5.5+δ vs. temperature for
different oxygen partial pressures.
dependence of the defects concentrations. Figure 5.6 shows the case of PrBaCo2 O5.5+δ
at 0.2 bar: The situation described by Figure 5.6 is potentially useful since it can provide a valuable support, although in principle only at equilibrium, for the analysis of
conductivity data.

5.4

Conclusions

Oxygen nonstoichiometry of the double perovskite LnBaCo2 O5.5+δ (Ln=Pr, Sm, Tb)
was measured as a function of oxygen partial pressure and temperature in ranges 4≤log(pO2 )≤ 1 bar and and 475≤ T ≤775 ◦ C by means of thermogravimetry. The
oxygen nonstoichiometry was found to vary globally within the wide range of -0.55≤
δ ≤0.34 depending on the kind of lanthanide ion. The defect model introduced here
allowed to calculate defect concentration dependent both on pO2 and temperature. The
equilibrium constants for oxidation/reduction and disproportionation were additionally
calculated.
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Figure 5.6: Calculated point defects concentrations in PrBaCo2 O5.5+δ vs. temperature
at 0.2 bar.
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Chapter 6
Physical properties of
LnBaCo2O5.5+δ 1
The first interest on LnBaCo2 O5.5+δ compounds was motivated by the research on
the superconductivity in perovskite-type oxides and of its possible interplay with the
magnetic properties of the material [213]. This investigation led to the discovery of
giant magnetoresistance properties in oxygen deficient LnBaCo2 O5.5+δ (Ln=Gd, Eu)
[214]. The discovery of giant magnetoresistance stimulated an intense research activity
on the magnetic properties of this class of materials [206, 207, 209, 210, 215, 216]. Later,
it was demonstrated [86] that LnBaCo2 O5.5+δ show also a high ionic conductivity.
In general, cobalt-based materials with a perovskite-type structure are well-known
to be good ionic conductors [217]. Indeed, many studies [10] were dedicated to the
possible application of such materials to the SOFC system and some prototypes were
constructed with a cobalt-based perovskite cathode. However, as discussed in the
Introduction of this work, a cathode material for µ-SOFC operating at low temperature
should possess high electrical and ionic conductivity values. In general, the value of the
total conductivity σ required for such functional applications accounts to 100 S/cm.
The remarkable point was the measured value of the diffusivity D∗ , about one order
larger than in disordered perovskites and the fact that this value was correlated with
the perovskite A-site ordered structure. This specific aspect will be discussed in Section
6.3 of this Chapter.
The following chapter will discuss the general structural properties of LnBaCo2 O5.5+δ
and their correlation with some physical properties like the oxygen diffusivity and the
electrical conductivity.
1

The results of this Chapter has been published in part as: R. Frison, S. Portier, M. Martin,
K. Conder, “Study of oxygen tracer diffusion in PrBaCo2 O5.75 by SIMS”, Nuclear Instruments and
Methods B , 273, 142145, (2012)
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Effect of oxygen content on crystal structure

As mentioned in the Introduction, the double layered cobalt perovskites LnBaCo2 O5.5+δ
can exist in a wide oxygen stoichiometry range, theoretically -0.5≤ δ ≤0.5, although
the effective maximal oxygen content depends on the kind of lanthanide ion. In general, the larger is the lanthanide ion more oxygen can be accommodated within the
structure indeed the stoichiometric case with δ=0.5 was observed only with Ln=La
[218]. In this case the observed crystal symmetry is the cubic perovskite due to the
small size difference between the La and Ba ions.
For Ln=Pr, the absolute oxygen content of fully oxidised PrBaCo2 O5.5+δ at pO2 =1 bar
was found to be 5.79±0.01 and the refinement of the XRD pattern with an orthorhombic Pmmm space group yielded lattice parameters a = 3.8958(3) Å, b = 3.8990(7) Å
and c = 7.6419(8) Å, thus with a small value of the orthorhombic distortion parameter
OS = (b−a)/(a+b) = 4.15×10−4 . This is in agreement with previous structural studies
on PrBaCo2 O5.5+δ [211, 219]. The XRD pattern of oxidised PrBaCo2 O5.5+δ along with
the calculated one is shown in Figure 6.1 (top panel). Decreasing the oxygen content in
PrBaCo2 O5.5+δ the strength of the orthorhombic distortion OS increases, reaching its
maximum at ∼5.5 and then almost vanishes again when then oxygen content is below
∼5.3, as is shown in Figure 6.2a. From Figure 6.2a it is also possible to conclude that
the orthorhombic distortion is present when the oxygen content index is within the
range from 5.25 to 5.65. In addition, the dependence of the c parameter upon oxygen
content reveals a kink anomaly around ∼5.5 (Figure 6.2b), while the volume of the
pseudo-cubic unit cell contracts almost linearly with increasing oxygen content over
the whole measured non-stoichiometry range, as is shown in the inset of Figure 6.2b.
In order to explain the observed a/b anisotropy around the value of 5.5, Suard et al.
[207] proposed that oxygen atoms and vacancies order within the PrOδ layers building
an alternation of oxygen-rich and -deficient ac-planes and, consequently, doubling the
unit cell along the b direction. A close examination of XRD data Figure 6.3 indeed
confirms such interpretation: the diffraction patterns of PrBaCo2 O5.5+δ obtained for
the oxygen content index from 5.44 to 5.50 range reveal a weak but sharp Bragg peak
((011) in ap × ap × 2ap supercell) characteristic for the superstructure formation upon
long-range ordering of oxygen vacancies.
Analogous results to PrBaCo2 O5.5+δ were observed also in the case of SmBaCo2 O5.5+δ
and TbBaCo2 O5.5+δ , as demonstrated in Figure 6.1 (middle and bottom panel) and
Figure 6.2a, where refined XRD patterns and orthorhombic distortion as a function
of oxygen content index are shown respectively. However, because the maximum oxygen content achievable was 5.63 and 5.54 for SmBaCo2 O5.5+δ and TbBaCo2 O5.5+δ respectively, the orthorhombic distortion was evaluated only in a limited stoichiometry
range. Results presented in Figure 6.2a clearly demonstrate that the existence of an orthorhombic distortion depends on the oxygen content and not on the used lanthanide
ion, as it was argued before [220] comparing samples with different oxygen content.
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Figure 6.1: From top to bottom: refined XRD pattern of PrBaCo2 O5.75 , SmBaCo2 O5.63
and TbBaCo2 O5.55 indexed with orthorhombic space group (Pmmm). Empty circles
mark the observed pattern, continuos lines mark calculated and difference plot, vertical
ticks mark claculated Bragg peak positions.
Lattice parameters, unit cell volume and orthorhombic distortion of the pseudo-cubic
cell as a function of the oxygen content index are summarised in Table 6.1, for the
three sets of samples PrBaCo2 O5.5+δ , SmBaCo2 O5.5+δ and TbBaCo2 O5.5+δ .
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Figure 6.2: a) Orthorhombic distortion OS of the pseudo-cubic unit cell of measured
samples PrBaCo2 O5.5+δ , SmBaCo2 O5.5+δ and TbBaCo2 O5.5+δ ; b) Lattice parameters
and, in the inset, unit cell volume of PrBaCo2 O5.5+δ .
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Figure 6.3: XRD patterns around the 2θ range corresponding to the (0 1 1) Bragg peak
(emerging for oxygen vacancy ordering) in PrBaCo2 O5.5+δ for different oxygen content.

6.1 Effect of oxygen content on crystal structure

Oxygen content
PrBaCo2 O5.5+δ
5.79
5.75
5.68
5.55
5.49
5.35
5.25
5.15
SmBaCo2 O5.5+δ
5.63
5.45
5.34
5.17
5.12
TbBaCo2 O5.5+δ
5.54
5.31
5.01
5.01
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ap [Å]

bp [Å]

cp [Å]

OS × 10−3

Vp [Å3 ]

3.8958(3)
3.9033(8)
3.9051(3)
3.9101(4)
3.9103(9)
3.9223(7)
3.9380(8)
3.9545(2)

3.8990(7)
3.9082(7)
3.9198(3)
3.9443(5)
3.9452(8)
3.9437(4)
3.9513(2)
3.9599(1)

3.8209(9)
3.8182(1)
3.8161(3)
3.8036(8)
3.8054(7)
3.8087(3)
3.8008(0)
3.7921(8)

0.42
0.63
1.88
4.36
4.44
2.72
1.68
6.82

58.041
58.249
58.415
58.664
58.709
58.916
59.143
59.384

3.8858(6)
3.8917(5)
3.9129(2)
3.9204(6)
3.9235(0)

3.9062(3)
3.9254(4)
3.9218(9)
3.9247(9)
3.9275(6)

3.7869(0)
3.7775(4)
3.7748(4)
3.7730(2)
3.7708(6)

2.62
4.31
1.15
0.55
0.52

57.481
57.708
57.928
58.055
58.108

3.8685(0)
3.8877(6)
3.9050(6)
3.9055(3)

3.9067(6)
3.8895(1)
3.9099(5)
3.9103(7)

3.7614(3)
3.7593(5)
3.7500(9)
3.7500(9)

4.92
0.23
0.63
0.62

56.848
56.847
57.259
57.272

Table 6.1: Lattice parameters and unit cell volumes of the pseudo-cubic perovskite unit
cell in LnBaCo2 O5.5+δ Ln=Pr, Sm, Tb for different values of oxygen content index.
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Differential scanning calorimetry

The capability to precisely control the oxygen content in LnBaCo2 O5.5+δ gives the
possibility to investigate some specific properties of these compounds which are particularly sensitive to the sample’s oxygen content. One of these is certainly the existence
of phase transitions. Figure 6.4 displays the DSC (Chapter 4.3.2) curves of selected
PrBaCo2 O5.5+δ samples with different oxygen content. Two main peaks are visible: the
low temperature one correspond to a metal-insulator transition (MI) which has been
the subject of an intense research activity [96, 208, 221]. The origin of this transition
was found to be connected to a spin state transition of the Co ion [221]. It was observed that raising the temperature above TMI the volume of the octahedra and of the
pyramids (see Figure 8) increases and, respectively, decreases. Further, such increase
of the octahedra volume was attributed to a spin state transition of the Co ions from
a low spin state to a high spin while the Co ions in the pyramidal environment retain
their spin state. Thus the high spin state is responsible for the metallicity of these
materials. Differently the peak observed at high temperature has been attributed [100]
to a structural phase transition from orthorhombic to tetragonal.
The onset temperature of both transitions (see Figure 6.4) slightly increases with

PrBaCo2Ox

x=5.31

Heat flow [mW/mg] −→

TMI=56 ◦C

TMI=55 ◦C

x=5.35

x=5.45

TOD=486 ◦C

TOD=478 ◦C
TOD=455 ◦C

TMI=30 ◦C

0

100

200

x=5.69

300

T [◦C]

400

500
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Figure 6.4: DSC curves for PrBaCo2 O5.5+δ with different oxygen contents (x=5.5+δ).
The individual curves are offset for clarity. TMI and TOD labels denotes metal-insulator
and order-disorder transitions, repspectively.
decreasing the oxygen content, however the DSC curve corresponding to an oxygen
index 5.69 does not present any feature of transition. This means that the existence of
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the transition is characteristic of the orthorhombic phase (see Figure 6.2a).
Some aspects of the the structural phase transition occurring at T ∼ 470◦ C deserve
to be discussed in some detail in perspective of a functional application of this kind of
materials. As mentioned in the Introduction the transition from an orthorhombic to a
tetragonal symmetry is governed by an oxygen redistribution in the rare-earth planes,
which leads to a destruction of the alternating planes of CoO5 pyramids and CoO6
octahedra. This kind of order-disorder transition (OD in Figure 6.4) of the mobileion sub-lattice is at the basis of the fast ionic transport process since it reduces the
activation energy associated to the ion-jump from two lattice sites [222, 223]. A well
ordered arrangements of atoms is generally the result of a strong mutual interactions
which create preferential sites into which ions tend to be trapped and therefore lower
the conductivity. Oppositely, a structural disorder supposes a substantial equivalence
between sites as a result of such mutual interactions damping. Thus, ‘fast’ ion motion
appears to be a direct consequence of an order-disorder transition. Insulator to superionic conductor transition can be viewed in terms of the melting of the ionic carrier
sublattice, which at low temperature is still well ordered [223].
However, such kind of structural transitions can led to a drastic change in the unit
cell volume. This effect represent a potential danger with respect to the stability of
a complex system like a SOFC where different materials are stacked together. In this
case, however, it was demonstrated [101] that the unit cell volume increases nearly
linearly with the temperature although a phase transition occurs, the linear thermal
expansion coefficient αL =16.4·10−6 ◦ C−1 [101] could be calculated for GdBaCo2 O5+δ
in the range of temperatures from 100 to 700 ◦ C.

6.3

Oxygen diffusion

As described in Chapter 4.4, within this work the oxygen diffusion properties were
measured by SIMS and thermogravimetry. The SIMS experiment were performed on
ceramic pellets prepared as described previously (see Chapter 4.4).
The geometry of the experiment and the annealing conditions used for the determination of the diffusion and surface exchange coefficients by SIMS experiments allow describing the oxygen isotope exchange process of the PrBaCo2 O5.74 samples as a tracer
diffusion process into a semi-infinite medium. Under the hypothesis that the exchange
rate is proportional to the gradient of isotopic concentration across the sample surface
and with the following boundary condition at the sample surface (x=0):

−D

∗ ∂c(x, t)

∂x

x=0

=k

∗




c(x) − c(0)

(6.1)
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the solution of the Fick’s law of diffusion is [224]:
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(6.2)

where erf c is the complementary error function. In eq.(6.2) the c0 (x) is the normalised
18
O isotopic concentration, calculated as:
c∗ (x) − c∗bg
c (x) = ∗
cg − c∗bg
0

(6.3)

where c∗bg is the background isotopic concentration (that is the natural abundance:
0.204%), c∗g is isotopic concentration in the annealing gas and c∗ (x) is the measured
concentration calculated according to eq.(4.6).
Under the assumptions described above, the experimental data were fitted to eq.(6.2)
with D∗ and k ∗ as free parameters. Figure 6.5 presents the graphical results of the data
fitting for two different depth profiles obtained by isotopic exchange of PrBaCo2 O5.74
at 350 ◦ C for 30 min (Fig. 6.5a) and 450 ◦ C for 15 min (Fig. 6.5b). In both cases it was
possible to achieve a good agreement between data and fit, as witnessed by the small
errors associated to the determinations of D∗ and k ∗ coefficients. Additional proof
of the reliability of the fit was the refined value of the surface concentration always
at least one order of magnitude higher than
the background level. This condition
∗ √
can be numerically expressed as: h0 = Dk ∗ D∗ t >0.02. The fit results according to
eq.(6.2) are reported in Table 6.2 along with literature values for PrBaCo2 O5+δ [85],
GdBaCo2 O5+δ [87] and the perovskites La0.8 Sr0.2 (Co,Mn)O3−δ [79, 225]. From the
comparison between the diffusivity data it appears that the double-layered perovskite
compounds demonstrates to possess remarkable properties in respect to their disordered
counterparts, as it was shown by Taskin et al.[86] by a direct comparison between
GdBaMn2 O5+δ and Gd0.5 Ba0.5 MnO3−δ . Such results were recently confirmed by a
molecular dynamics study on GdBaCo2 O5+δ [226] in which the oxygen diffusivity was
found to be inversely proportional to the concentration of Gd on Ba sites, (using
Kröger-Vink notation [212]: [GdBa ]/([GdBa ] + [GdGd ]). A possible explanation of
such counterintuitive behaviour, meaning that the order is more favourable to oxygen
diffusion than the disorder, could consist in a defect-defect interaction between the
oxygen vacancies and BaGd atoms as discussed by Norby et al.[227]. Comparing the
data obtained in this study with those obtained by Kim et al.[85] (see Table 6.2) it
appears unreasonable that, for the same material, at lower temperature, 400 ◦ C vs. 450
◦
C, they obtained a larger value of the diffusion coefficient: 9.96 × 10−8 cm2 /s vs. 4.1
× 10−9 cm2 /s. Moreover the data obtained in this work are in reasonable agreement
with Tarancón and coworkers’ [87] results, as the higher values of D∗ and k ∗ in the
case of PrBaCo2 O5+δ compared to GdBaCo2 O5+δ can be expected as an effect of the
increased ionic radius of the rare earth element (RPr = 1.013 Å vs RGd = 0.938 Å).
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(a)

(b)

Figure 6.5: a) Normalised 18 O isotopic concentration (dots) and fitted solution (solid
line) to the diffusion equation for the PrBaCo2 O5.74 sample exchanged at 350 ◦ C, and
b) at 450 ◦ C. The inset represents the log-linear scales for the same experimental data
and fitted curves.
The larger rare earth radius would induce a larger distance between the oxide layers
in the double-perovskite structure (Figure 8) [229], thus would provide a larger free
volume for the oxide-ion motion. However, such effect may unlikely be responsible for
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Material
PrBaCo2 O5+75
PrBaCo2 O5+75
PrBaCo2 O5+δ
PrBaCo2 O5+δ
PrBaCo2 O5+δ
GdBaCo2 O5+δ
GdBaCo2 O5+δ
La0.6 Sr0.4 Co0.2 Fe0.8 O3−δ
La0.8 Sr0.2 MnO3−δ
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T [◦ C]
350
450
400
340
495
396
396
500
700

D∗ [cm2 /s]
1.57·10−10
4.1·10−9
9.96·10−8
1.63·10−11
1.26·10−9
7.60·10−11
7.60·10−11
3·10−8
3.18·10−16

k [cm/s]
4.89·10−8
2.16·10−7
1.44·10−6
1.71·10−9
4.89·10−8
1.60·10−8
1.60·10−8
6·10−6
1.26·10−9

h0
0.1
0.1
–
–
–
0.15
0.15
–
–

Ref.
this work
this work
Kim et al.[85]
Burriel et al.[228]
Burriel et al.[228]
Tarancón et al.[87]
Tarancón et al.[87]
Esquirol et al.[79]
De Souza et al.[225]

Table 6.2: Oxygen tracer diffusion data of PrBaCo2 O5+δ and other perovskite materials.
large discrepancies which, in Kim’s case, account for almost three orders of magnitude.
Additionally, in a new study on PrBaCo2 O5+δ ’s diffusivity, slightly lower values than in
this work were obtained for D∗ and k ∗ by oxygen isotope exchange and SIMS measurements [228]. Consequently, it appears reasonable to conclude that Kim and coworkers’
determination of D∗ and k ∗ is overestimated.
The values of D∗ and k ∗ determined in this work, however, are still higher than those
obtained by Burriel et al. for the the same system. In particular, the depth profile
corresponding to the sample exchanged at 450 ◦ C, Figure 6.5b, despite the value of
the surface concentration is in agreement with the sample exchanged at 350 ◦ C, does
not show the characteristic slope, typical of diffusion profiles, observed for the other
one. Such feature can be explained if we assume the existence of a very long and extended diffusion profile within the sample which was measured only for its initial part.
The shape of diffusion profiles can be significantly modified by the presence of residual
porosity or extended defects such as dislocations and grain boundaries. Tracer diffusion
experiments, where ‘slower’ bulk-diffusion paths are accurately probed, are particularly
sensitive to such effects which act as ‘short-circuit-faster’ pathways in polycrystalline
ceramic samples [202]. It is well known that in case of residual porosity such effect
can severely affect a large part of the measured profile leading to the overestimation of
the actual isotopic concentration. Scanning Electron Microscope (SEM) analyses, in
fact, do confirm such hypothesis as shown in Figure 6.6: despite the sputtered crater
appears to be pores free Figure 6.6a, the presence of inter-granular pores is clearly
visible in a detail of a PrBaCo2 O5.74 sample presented Figure 6.6b. However, taking
into account the value of the relative density (∼94%), which is comparable to values
obtained in other studies [87], it is reasonable to expect that such residual porosity
does not compromise the reliability of D∗ and k ∗ coefficient measured here. However,
it can not be excluded that such reduced sample’s density may be the origin of the
small discrepancy observed with Burriel and coworkers’ results [228].
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(a)
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(b)

Figure 6.6: a) Scanning Electron Microscope image of PrBaCo2 O5.74 : sputtered crater
and (b) surface details of the sample exchanged at 450 ◦ C for 15 min.
In their study, Burriel and coworkers’ [228] By using a broad range of high resolution
characterisation and measurement techniques could observe that the oxygen exchange
and diffusion in PrBaCo2 O5.5+δ present some specific differences between grains having
a different crystallographic orientation which can be attributed to an anisotropy in the
oxygen diffusion. Such findings, however, showed that the measured anisotropy of diffusion is much smaller – a factor of 4 compared to a factor close to 10 and 103 – than in
materials like La2−x Srx CuO4±δ [230] and La2 NiO4±δ [231]. Further, they observed that
their result may be understimated due to the possible presence of structural disorder
on the A cation sublattice. Molecular dynamics simulations have shown that when
the A site cations in GdBaCo2 O5+δ become fully disordered, the diffusivity becomes
isotropic and drops by a factor of approximately 4 [226]. Finally, the differences observed between the two families of materials could have several causes: (i) a different
termination of the outermost surface layer in the case of K2 NiF4 -type and AA0 B2 O5+δ type materials, (ii) a different oxygen incorporation mechanism taking place on the
surface.
As discussed previously in this work (Chapter 4.5), thermogravimetric techniques can
be employed as an alternative method to probe diffusion processes within a sample.
In this work, the method was employed for the study of the oxygen diffusion in 18 O
substituted PrBaCo2 O5.75 . For this purpose, a batch of 92% substituted PrBaCo2 O5.75
samples was prepared according to the procedure described in Chapter 4.5. Thermogravimetry experiments were performed quickly heating the sample in an atmosphere of
natural oxygen at 1 bar to a controlled temperature, so that the weight change during
the heating ramp could reliably be considered as negligible compared to the total mass
change due to the isotope back-exchange. A series of thermogravimetry experiments
were performed at different temperatures ranging from 340 ◦ C to 208 ◦ C. Additionally,

80

Physical properties of LnBaCo2 O5.5+δ

by this method, it is also expected to observe the oxygen diffusion anisotropy if present,
as already successfully reported in other materials [204, 232]. In fact, a strong diffusion anisotropy signify that some crystallographic sites have a lower activation energy
compared to the exchange process and therefore, it is possible that only some sites are
actually involved in the exchange-diffusion process. As a consequence, a correspondingly lower than expected weight change should be observed by the thermogravimetric
curves.
Figure 6.7 presents thermogravimetric curves of back-exchange experiments, where the
normalised weight change2 is displayed vs. time. At temperature T =340 ◦ C the backexchange process could be accomplished within about 10 h, while for the T ≤260 ◦ C
this time steadily increases approaching a value above 80 h. However, it seems that
the existence of an anisotropic diffusion process can be excluded since all the curves
appears to approach, though after a long exchange time, a weight change value corresponding to a complete back-exchange. For the quantitative analysis of the isotope
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Figure 6.7: TG curves (black dots) obtained during isothermal oxygen exchange in
substituted PrBaCo2 O5.75 and corresponding least-squares fits (grey lines) according
to eq.(6.9).
back-exchange data a model of surface evaporation with spherical particles was assumed [224]. The model describes spherical particles, with radius r = a, initially at a
2

In the normalised weight change (M0 − Mt )/(M0 − M∞ ), the value M∞ is the weight of a ‘natural’
PrBaCo2 O5.5+δ sample, thus M∞ /(M0 − M∞ )=2.1% (see Chapter 4.5).

6.3 Oxygen diffusion

81

uniform concentration c1 , subject to the surface condition:
−D

∂c
= k(cs − c0 )
∂r

(6.4)

where cs is the actual concentration in the sphere and c0 is the concentration required
to maintain equilibrium with the surrounding atmosphere. The solution of the Fick’s
law of diffusion in this case is:
∞

c − c0
2La X exp (−Dβn2 t/a2 ) sin βn ra
=
c1 − c0
r n=1 βn2 + L(L + 1) sin βn

(6.5)

where βn are the roots of the equation:
βn cot βn + L − 1 = 0
L = ak/D

(6.6)
(6.7)

The expression for the normalised weight change is:
∞
X
M0 − Mt
6L2 exp (−Dβn2 t/a2 )
=1−
M0 − M∞
βn2 [βn2 + L(L + 1)]
n=1

(6.8)

However, in a real ceramic powders the grains are generally dispersed according to
a log-normal distribution where each size occurs with a certain frequency, see Figure
4.5b. As the grain sizes can be quite different, also the corresponding diffusion length
can change significantly within the measured sample. For this reason eq.(6.9) should
be modified introducing the sample’s size distribution:
N
∞
X
X
6(aj k/D)2 exp (−Dβn2 t/a2j )
M0 − Mt
=1−
wj
M0 − M∞
β 2 {βn2 + (aj k/D)[(aj k/D) + 1]}
n=1 n
j=1

(6.9)

where the index j of the first sum runs over the number of particles (N ) within the
size distribution and wj represents the weight fractions. In principle, the fact that the
grains constituting the PrBaCo2 O5.75 sample may have a parallelepiped habit should
be considered, however the method used for the determination of the size distribution
delivered only a single averaged value for the particle diameter. Therefore, the above
assumption of spherical grains appears to be the only possible choice. From Figure
6.7 it seems that a good agreement between experimental data and the model could
be achieved. In Table 6.3 the fit values for D∗ and k ∗ are reported. The value of the
diffusion coefficient D∗ determined for the back-exchange process performed at T =340
◦
C is smaller than the one obtained by SIMS experiments at T =340 ◦ C (see Table
6.2) but very close to the value determined by Burriel et al. [228], however the surface
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T [◦ C]
340
280
260
239
208

D∗ [cm2 /s]
3.680·10−11
1.501·10−11
8.812·10−12
8.012·10−12
8.012·10−12

k ∗ [cm/s]
2.276·10−6
2.907·10−8
8.807·10−9
2.569·10−9
1.059·10−9

Table 6.3: Oxygen tracer diffusion and surface coefficients of PrBaCo2 O5+δ .
exchange coefficients k ∗ seems to be overestimated. The reason of such discrepancy
may be due to the fact that the ratio D∗ /k ∗ , which has the dimension of length, should
be close the dimension of the grain. When this is not the case, if it is either much
larger or much smaller, then the fit to the TG curves will be insensitive to either D∗
or to k ∗ [233]. Given the observed average grain radius ā '20 µm=20×10−4 cm, for
the case of T =340 ◦ C D∗ /k ∗ '3×10−5 cm ā and therefore k ∗ could not be reliably
estimated. Thus the determination of D∗ seems to be more reliable by TG backexchange experiments rather than by SIMS, this is probably due to the sample quality
issues discussed above in this Chapter.

6.4

Electrical conductivity

High electrical conductivity is a fundamental requirement for materials used either
as electrodes in SOFCs or as oxygen permeation membranes. The LnBaCo2 O5.5+δ
system falls in the category of mixed ionic electronic conductors as a result of the
simultaneous presence of both electronic holes and oxygen vacancies. Figure 6.8 shows
the total conductivity of a PrBaCo2 O5+δ rod as measured in air and in Ar, for each
measurement heating and cooling ramps are displayed. Before each measurement the
samples were annealed in air (respectively Ar) atmosphere in order to adjust the oxygen
content to its equilibrium value.
The two curves present rather distinct characteristics. In fact the curve obtained
by the measurement performed in air displays a large hysteresis loop which is an effect of the order-disorder transition occurring at high temperature. Differently, the
conductivity curve obtained by the measurement in Ar clearly shows the existence of
the metal-insulator transition where the electronic state of the material changes to a
typical semiconductor-type behaviour. The observation of such transition is an effect
of the lower oxygen content during the Ar-measurement.
The observed decrease of the electrical conductivity in the case of the Ar-measurement
could be attributed to the partial reduction of the metal-oxygen-metal chain in the
structure resulting in the creation of oxygen vacancies. In fact, the electronic conduction mechanism in perovskite-type oxides is believed to occur via electron hopping

6.5 Conclusions

83

1000
Air heating
Air cooling
Ar heating
Ar cooling

σ [S/cm]

800

600

400

MI transition

200

00

100

200

300

T [◦C]

400

500

600

700

Figure 6.8: Total conductivity as a function of temperature for a PrBaCo2 O5+δ pellet
in air and Ar, heating and cooling ramps are marked by filled and empty symbols,
respectively.
along B-O-B bonds, where B refers to the general perovskite formula ABO3 . This
effect is appreciable also in Figure 5.6 where the concentration of defects is plotted vs.
temperature (though it shows the case of pO2 =0.2 bar) and the concentration of Co4+
2+
([Co•Co ]) decreases while that of oxygen vacancies ([V••
([Co0Co ]) increase.
O ]) and Co
Nevertheless, in both cases rather high conductivities were obtained, in particular the
air-measured conductivity was well above the value of 100 S/cm which is required for
an efficient current collection in SOFC applications.
Figure 6.9 shows a comparison between conductivity curves of three samples with a
different lanthanide ion. It is observed that the highest conductivity was obtained for
Ln=Sm. Also in this case, the conduction mechanism mentioned above would explain
the observed conductivity ranking.

6.5

Conclusions

The effect of the oxygen nonstoichiometry on the crystal structure was studied by
XRD and differential scanning calorimetry in LnBaCo2 O5.5+δ with (Ln=Pr,Sm,Tb).
The system’s crystal structure can be tetragonal or orthorhombic and the latter is
observed, generally, when the oxygen stoichiometry index is 5.3.5.5+δ.5.7. Additionally, the formation of a long-range ordering of oxygen vacancies was observed for
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Figure 6.9: Total conductivity as a function of temperature for a LnBaCo2 O5.5+δ ,
Ln=Pr, Sm, Tb pellets in air, cooling ramps.

oxygen content index values from 5.44 to 5.50, within this range also the maximum of
the orthorhombic distortion is observed. The DSC analyses revealed also the existence
of two distinct kind of phase transitions in the LnBaCo2 O5.5+δ system. One, observed
at temperatures lower than 100 ◦ C, consists in an metal-insulator transition while another occurring at higher temperatures, above 400 ◦ C, of structural type.
The oxygen diffusion in oxidised PrBaCo2 O5.75 samples was studied by oxygen isotope
exchange and depth profiling using a SIMS apparatus at two selected temperatures of
interest for applications in µ-SOFC applications. The values of the diffusivity coefficient and surface exchange coefficients at 350 and 450 ◦ C were found to be slightly
higher than in existing literature. The origin of such discrepancy could be attributed
to a residual porosity. However, an additional small contribution may originate by the
different isotopic enrichment of the gas used for the exchange experiment in this work
and literature. Additionally, a determination of the diffusivity of PrBaCo2 O5.75 was
obtained by thermogravimetric isotope back-exchange measurements at lower temperatures from 200 to 340 ◦ C. The TG curves obtained by the back exchange experiments
were analysed assuming a model of isotropic diffusion in a spherical grain. The diffusivity data obtained at the highest temperature of the dataset T =340 ◦ C are consistent
with reference literature data and give D∗ = 3.680 · 10−11 cm2 /s, k ∗ = 2.276 · 10−6 cm/s
whereas for the lower temperatures the comparison with literature would indicate a
slight overestimation of the diffusion coefficients.
The electrical conductivity of LnBaCo2 O5.5+δ with (Ln=Pr,Sm,Tb) was measured in
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air and Ar atmospheres. In agreement with the DSC results the metal-insulator transition was observed in SmBaCo2 O5.5+δ , TbBaCo2 O5.5+δ and reduced PrBaCo2 O5.5+δ .
The effect of the high temperature order-disorder transition was observed as a large
hysteresis loop which prevents the heating and cooling ramps to overlap. The partial
reduction of the metal-oxygen-metal chains in the LnBaCo2 O5.5+δ structure obtained
in Ar atmosphere reduces the total conductivity compared to the air measurement.
Such effect could be predicted by the defect model discussed in Chapter 5 of this work.
All the three compositions LnBaCo2 O5.5+δ (Ln=Pr,Sm,Tb) are characterised by high
conductivities and in particular for the Pr-based composition the air-measured conductivity was found to be well above 100 S/cm, as required for application in µ-SOFCs.
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Chapter 7
Conclusions
The grain growth kinetics, nanocrystalline microstructure, thermal stability and electrical conductivity of zirconia-based thin films were investigated. For this purpose 8
mol%-YSZ were deposited by RF-sputtering. The choice of 8 mol%-YSZ was motivated by its superior ionic conductivity properties at high temperatures (700-1000 ◦ C)
which make it the state-of-the-art solid electrolyte material in conventional SOFCs
and oxygen gas sensors and a primary candidate as electrolyte membrane in the µSOFC system. However, the existing Si-based micro fabrication is not compatible with
conventional high temperature ceramic processing. Thus, low temperature thin film
deposition followed by subsequent thermal treatment was employed in order to investigate the microstructural changes and their correlation with the electrical transport
properties.
The as-deposited thin films presented a biphasic microstructure consisting of small
crystallites with an average size ∼5 nm dispersed in an amorphous matrix. HRTEM
analyses revealed, already at this stage, a tendency to the formation by the nucleated
crystallites of a columnar-like microstructure. At annealing temperature from 500 to
800 ◦ C, the thin films showed a microstructure very similar to the as-deposited state
with a highly strained crystalline phase in equilibrium with an amorphous phase of the
same composition. Subsequent thermal annealing, performed at temperatures from 800
◦
C to 1100 ◦ C, resulted in a dense nanocrystalline microstructure with average grain
size from 20 to 55 nm. The grain growth kinetic during the isothermal annealing was
described by a ‘stagnating’ grain growth characterised by an activation energy of 2.1
eV typical of a grain boundary diffusion process. The analysis of the thermal evolution
of the grain size and microstrain relaxation processes revealed that relaxation times
characteristic of the two processes were nearly identical at the higher temperatures
but slightly different at the lower one. Remarkably, by XRD analyses and Raman
spectroscopy it was demonstrated that the 8 mol%-YSZ thin films retained the cubic
symmetry during the whole thermal treatment additionally a (220) texture of the thin
films was observed. It was concluded that the observed behaviour upon thermal treat-
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ment was strongly influenced by the orientation effects from the deposition since for
the already preferentially oriented columnar nano-grains it is energetically favoured to
grow by grain-boundary driven processes, consuming the adjacent amorphous parts.
The electrical conductivity of 8 mol%-YSZ thin films showed a dependence on the
microstructure. In general, an improvement with the lattice order controlled by postdeposition annealing temperature was observed. The lowest conductivity was for the
as deposited sample about one order of magnitude lower than for the sample annealed
at 1000 ◦ C. The conductivity of as-deposited samples was found to approach the value
of 10−4 S/cm which can be considered a minimum value for application of 200 nm thick
8 mol%-YSZ thin films in µ-SOFC. The conductivity properties were correlated with
the microstructural properties of the thin films. The microstructural characteristics of
the thin films, namely the average grain size and the microstrain, were derived from
high resolution data acquired by synchrotron XRD. Such experiment, performed in
grazing incidence configuration, allowed to observe the true texture of the samples and
to prove the absence of a grain size anisotropy effect, thus implicitly corroborating the
former conclusions about the occurrence of a stagnating grain growth. The observed
decrease of the electrical conductivity with decreasing of the grain size is in agreement
with space charge models predicting a blocking nature of grain boundaries in 8 mol%YSZ. Conversely, an increase of conductivity with microstrain was observed. However,
such behaviour was respected only in the case of high temperature annealed samples.
By a comparison with literature conductivity data, it was concluded that the observed
effect is the result of a balance between the crystallinity, which provides an estimate
for the lattice order, and the microstrain, providing, broadly speaking, an estimate for
the defects density within the lattice.
The oxygen stoichiometry in LnBaCo2 O5.5+δ with (Ln=Pr,Sm,Tb) was studied by
thermogravimetry and a defect model was discussed. The model allows the calculation of the point defect concentration as a function of δ at different temperatures and
oxygen partial pressures. The equilibrium constants for oxidation/reduction reactions
were also determined, which are true equilibrium constants, that do not depend on the
oxygen stoichiometry and oxygen partial pressure.
The effect of the oxygen nonstoichiometry on the crystal structure was studied by XRD
and differential scanning calorimetry. It was found, in agreement with existing literature data, that the system adopts a tetragonal or orthorhombic structure, depending
on the oxygen content. The orthorhombic distortion is observed, generally, when the
oxygen stoichiometry index is 5.3.5.5+δ.5.7.
The oxygen diffusion in oxidised PrBaCo2 O5.75 samples was studied by oxygen isotope
exchange and depth profiling using a SIMS apparatus at two selected temperatures of
interest for applications in µ-SOFC applications. The values of the diffusivity coef-
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ficient and surface exchange coefficients at 350 and 450 ◦ C were found to be slightly
higher than in existing literature. The discrepancy was imputed to a residual porosity
within the investigated samples. However, an additional small contribution may originate by the different isotopic enrichment of the gas used for the exchange experiment
in this work and literature.
A further determination of the diffusivity of PrBaCo2 O5.75 was obtained by thermogravimetric isotope back-exchange measurements. Such method allowed to perform diffusion experiments at very low temperature and therefore to evaluate possible
anisotropy of the oxygen ions mobility. In fact, due to the anisotropic crystal structure,
a preferential oxygen ion motion along the LnOδ planes would be expected. However,
the results here obtained would exclude such a phenomena. The TG curves obtained by
the back exchange experiments were fitted assuming a model of diffusion in a spherical
grain. The diffusivity data obtained at the highest temperature of the dataset T =340
◦
C are consistent with reference literature data. At lower temperatures a comparison
with literature would indicate a slight overestimation of the diffusion coefficients. A
possible reason was attributed to limitations of the assumed mathematical model requiring a close comparability between the D∗ /k ∗ ratio and the grain size, which, in
principle cannot be guaranteed.
The electrical conductivity of LnBaCo2 O5.5+δ with (Ln=Pr,Sm,Tb) was measured in
air and Ar atmospheres. A metal-insulator transition was observed in SmBaCo2 O5.5+δ ,
TbBaCo2 O5.5+δ and reduced PrBaCo2 O5.5+δ in agreement with DSC results. Additionally, the effect of the high temperature order-disorder transition was observed as a large
hysteresis loop which prevents the heating and cooling ramps to overlap. The conductivity of PrBaCo2 O5.5+δ in Ar atmosphere was found lower than in air because of the
partial reduction of the metal-oxygen-metal chains resulting in the creation of oxygen
vacancies. Such effect could be predicted by the defect model discussed in this work.
For all the three compositions LnBaCo2 O5.5+δ (Ln=Pr,Sm,Tb) rather high conductivities were obtained, in particular the air- measured conductivity of PrBaCo2 O5.5+δ was
well above the value of 100 S/cm required for application in µ-SOFCs.
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Chapter 8
Outlook
The study carried on in this work on the crystallisation of 8 mol%-YSZ thin films
revealed that the as-deposited state determines the initial conditions from which the
grain growth evolves. In particular the orientation effects seemed to play a role of
major importance. However, it was also observed that the as-deposited state is characterised by the presence of nano-sized crystallites within in an amorphous matrix. The
characterisation of such biphasic state was mainly obtained by HRTEM analyses, but
some specific aspects remained partially unresolved, e.g. the density of the nanograins,
their strain and composition and possibly also the atomic distances in the amorphous
matrix.
In respect to this, modern scattering techniques such as the Pair Distribution Function
(PDF) [234] or the Debye Function Analysis (DFA) [235] may represent an additional
tool to gain detailed information about the atomic local structure of nano-sized crystals
and disordered materials. The basic approach of this kind of technique consists in the
representation of the diffraction pattern as continuos function of the scattering vector
~ starting from a set of atomic distances1 . Thus, all the features of the pattern:
(Q)
background, intensity and shape of the Bragg peaks have to be described by a physical model; as a consequence the amount of crystalline phase, grain size, shape and
their distribution [236] along with the strain can be reliably determined on a precise
statistical basis. Further, by the PDF analysis the set of inter-atomic distances of the
crystalline and amorphous phase could be obtained. This would represent an alternative and complementary approach to the traditional TEM analyses which, however,
suffer a main disadvantage to be time consuming, sample-destructive and statistically
less robust.
Such analyses would help not only a more fundamental understanding of the microstructure formation and evolution in 8 mol%-YSZ upon annealing but also the
1

Differently, in Rietveld-like approaches the scattering is defined only in the hkl-points and the
observed broadening is phenomenologically introduced by the use of a proper analytic function.
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microstructural engineering in respect to a possible optimisation of the electrical conductivity properties. In fact, as it was shown in this work, a complex interplay within
strain state and crystallinity may be at the basis of the observed trend of the conductivity data. With respect to the discussion of the electrical conductivity data it should
be stressed, however, the importance of grain size and microstrain values, which are
often lacking in the literature.

For the LnBaCo2 O5.5+δ -system, additional investigations of oxygen thermodynamics, possibly with high resolution techniques [237], e.g. coloumetric titration, aiming
to elucidate the role of the phase transition. In this work, in fact, the limited weight
and pO2 resolution of the apparatus prevented to collect more data.
Additionally it would also be advisable to investigate, if possible, the oxygen thermodynamics also in the temperature range 400 - 200 ◦ C as this is becoming the targeted
operating temperature range for miniaturised and portable devices.
From a more fundamental point of view, scattering experiments could provide important information on the diffusion mechanism of such promising materials as it was done
in the ’70s-’80s of the last century for well known fast ion conductors among which
the doped zirconia systems. In particular, it could be proposed to perform neutron
scattering experiments in order to cover the missing details on the oxygen movements
as well as energy scales for oxygen ion migration below and above the high temperature
phase transition; this could be done by means of time of flight (TOF) and three-axis
spectroscopy. In fact, the translational ionic mobility is related to the quasi-elastic
scattering via FWHM=(h/2π)DO Q2 , where DO is the diffusion coefficient of oxygen
and Q the wave vector. Although the DO reported above, which refers to the long range
translational motion, relates to a time scale typically beyond the (TOF) instrumental
resolution, however, the short range oxide ion mobility has a typical time scale in the
order of ps which corresponds well to the resolution conditions that can be routinely
obtained at a TOF spectrometer. Additionally, since it as been shown that some weak
anisotropy in the oxygen mobility may exist [228], leading to a higher mobility in the
rare earth planes of the LnBaCo2 O5.5+δ structure, also an anisotropy of the hopping
rates could be expected. As the structural information about the conduction process
is contained in the wave vector dependence along the different directions in the reciprocal unit cell of the energy width of the quasi-elastic scattering, experiments could
be performed on single crystal by means of triple-axis spectroscopy. Furthermore, at
the onset of ion mobility, the large defects contribution induces a faster phonon decay
[238] and therefore an increase of the damping of the transverse acoustic branch could
be expected in the phase with high conductivity.
On the application side the deposition of LnBaCo2 O5.5+δ thin films via a route compatible with the soft processing of Si-based chips still remains an open question as
such complex oxides phases generally requires synthesis temperature around 1000 ◦ C.
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Current attempts on LnBaCo2 O5.5+δ thin film successfully obtained only crystalline
films by a high temperature deposition step [239, 240]. Thus, it is mandatory to investigate the possibility to reduce the synthesis temperature in order open possibility to
integrate such materials into the µ-SOFC system.
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Appendix A
Powder diffraction of thin films by
fixed incident angle with a curved
position-sensitive detector
A.1

Introduction

The broadening of diffraction peaks originates from the sample microstructure, from
the contributions of all the optical elements in the beam path and from the detector. Knowledge of the instrumental contributions to broadening is important in order
to evaluate the resolution of the instrument and for the evaluation of the samplemicrostructure broadening, which is often the main object of study.
The total peak broadening σ is given by the quadratic sum of the micro-structural
broadening σsample and of the instrumental broadening σi ,
2
σ 2 = σsample
+ σi2

(A.1)

The broadening due to the sample microstructure is usually well represented by a Voigt
function [241], i.e. a convolution of a Gaussian with a Lorenzian, while the broadening
due to the optics and from the sample geometry are well approximated by Gaussian
profiles [139, 241, 242]. Therefore in the following only the Gaussian widths are considered, which are represented by their standard deviations (σ).
Hereafter the contribution σi to the Bragg peak broadening will be discussed for the
special case of flat plate samples in fixed-incident angle configuration using a MYTHEN
detector, a position sensitive detector developed at the Paul Scherrer Institute.
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Instrumental broadenings

The total instrumental broadening is the convolution of the broadening owing to the
optic system before the sample and of the sample geometrical broadening which, in the
absence of a diffracted beam analyser, is caused by the sample size and by the strip
2
2
pitch. Therefore the instrumental broadening σi is given by σi2 = σopt
+ σgeom
, where
σopt is the broadening owing to the optics chain before the sample and σgeom represents
the sample geometric contribution.
The contribution σopt introduced by the optics chain arises mainly from beam divergence and depends on the scattering angle 2θ as follows [243, 244]:
HW HM
σopt = p
2 ln(2)

1/2
HWHM = U tan2 (2θ) + V tan(2θ) + W

(A.2)
(A.3)

where the units are degrees, U , V and W are the Caglioti half-width parameters [242],
and the numeric factor 1/(2ln2)1/2 converts the half-width at half-maximum (HWHM)
of a Gaussian to its standard deviation. Eq.(A.3) is the Caglioti’s formula [243] introduced to provide an analytic expression for the instrumental HWHM dependence on
the scattering angle.
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Figure A.1: Half-width at half maximum and square of the optical broadening dependence on the scattering angle as determined in Ref.[245].
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σgeom can be separated into three main contributions which can be evaluated by their
Gaussian standard deviations and quadratically summed:
2
2
2
+ σs2
+ σaxial
= σpix
σgeom

(A.4)

where:
σpix is due to the detector intrinsic resolution and is mainly defined by the strip
pitch of the sensor. The point spread function of MYTHEN as measured by Bergamaschi et al. [246] has a standard deviation σpix = 16± 2 µm. This can be converted
into 2θ angle using the sample to detector distance R = 760 mm and results in σpix =
1.2±0.2 mdeg.
σaxial is due to the detector and sample axial dimension, the magnitude of σaxial can
be computed according to the formulas found by Prince et al. [247], with reference to
the notation used therein:
hz 2k i
, with
(2R2 tan(2θ))k
B 2k+2 − A2k+2
hz 2k i =
,
(k + 1)(2k + 1)(B 2 − A2 )
A = H − S and B = H + S
σµk = (−1)k

(A.5)
(A.6)
(A.7)

where H = 4 mm and S = 1.5 mm are the detector and sample half-heights in the
equatorial plane.
σs is due to the finite and not negligible size of the incident beam-fingerprint on
the sample, to the sample transparency and to the sample displacement. These three
effects can be evaluated altogether as described below.

A.2.1

Derivation of σs

Experimental geometry
Figure A.2 shows the experimental geometry in the scattering plane. When the sample
is in its ideal position, the centre of the sample surface lies on the centre of the diffractometer, however, in a realistic case the sample can be displaced by xoff , y off along the
incident beam and vertical direction respectively. A parallel beam of height H s (in the
scattering plane) and width W s (in the equatorial plane) illuminates a portion of the
sample volume because of the transparency of the material respect to X-rays. Both the
displacement and the transparency of the sample are a source of error and introduce a
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broadening and shift of the diffraction peaks [242]. It is therefore necessary to evaluate
the dispersion of the scattered X-rays owing to the transparency, displacement and size
of the sample.
The volume of the sample illuminated by the X-Ray beam can be described by a
y
2"

x

M

2" l2
S

l1

!

Hs

Figure A.2: Experimental geometry: the sample is represented with a displacement,
illuminated sample volume is marked with dotted line.
mesh, M = {XM ∪ YM ∪ ZM }, which takes into account that the sample displacement
is given by:

Hs
Hs
= −
+ y off ,
+ y off
2
2


Ws Ws
,
= −
2
2


yM − y off
yM − y off
t
=
+ xoff ,
+ xoff +
tan(φ)
tan(φ)
sin(φ)


YM
ZM
XM

(A.8)
(A.9)
(A.10)

Where yM represents an element of YM , and t is the sample thickness penetrated by the
beam. t is typically assumed as the length at which the incident intensity I is reduced
1
by a factor of 100
. In formula I = I0 /100 where I0 is the magnitude of the intensity at
the sample surface.

Analytic solution
The intensity recorded by the detector at a given angle 2θ is proportional to the photons impinging on the detector pixel positioned at 2θ. The diffracted ray in a powder
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diffraction experiment is described by a cone with vertex in the scattering point and
axis parallel to the incident ray. As a consequence, therefore, the possibility that the
points of intersection between the diffraction cone and the detector circle fall into more
than one pixel should be taken into account. It can be shown [247], however, that
the diffraction cone curvature at the sample-detector distance typically used in powder
diffraction experiments is very small thus the corresponding broadening is negligible
compared to the other sources of peak-broadening. In the following, the diffraction
cone will be approximated by a single line.
For the present purpose, the diffraction of the X-rays by the sample can be described assuming that each X-ray illuminating the sample is scattered by a point S = (xS , yS , zS )
representing a volume element of the sample. The point S is randomly and iteratively
chosen within the sample mesh M , therefore it will be (xS , yS , zS ) = (xM , yM , zM ).
As already mentioned, a non zero intensity will be registered by the detector anytime
a scattered ray R intersects the detector circle C. If D = (xD , yD ) is the intersection
point, the corresponding angular position will be 2θD = arctan( xyDD ) while (xD , yD ) can
be simply calculated as the solution of the system:
R:
C:

(y − yS ) = tan(2θ) · (x − xS )
x2 + y 2 = R 2

(A.11)
(A.12)

where 2θ is randomly and iteratively chosen within the set of diffraction angles distinctive of the material.
The intensity associated to each intersection point D can be calculated according to the
Beer-Lambert law: I = I0 · exp[−µ(l1 + l2 )], where I0 is the incident intensity assumed
to be uniform and l1 and l2 are the paths travelled by the incident and diffracted rays
within the sample, of length:
yM − y off
− xoff
tan(φ)
`1 · sin(φ)
l2 =
sin(2θ − φ)
l1 = xM −

(A.13)
(A.14)

The calculated coordinates of the intersection between the diffraction cone and the detector circle (xD , yD ) will be used in the following in order to calculate the diffraction
pattern. As mentioned above, in fact, the recorded intensity at 2θ is proportional to
the photon counts registered by the pixel positioned at 2θ. It is therefore necessary to
calculate the statistical distribution of the calculated (xD , yD ).

Data binning[248]
The diffraction pattern P can be described as a set of N angular intervals in the diffraction angle θ:
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bj = 2θj− , 2θj+ ,

j = 1, . . . , N

(A.15)

with center and width:
2θj+ + 2θj−
b̂j =
2
+
|bj | = 2θj − 2θj−

(A.16)
(A.17)

Intensities, intensity rates and corresponding standard deviations are given by, following Mighell’s statistics [249]:
Ij = Cj
p
σIj = Cj
Ij
Cj
rj =
=
|bj |
|bj |
p
Cj
σI
σrj = j =
|bj |
|bj |

(A.18)
(A.19)
(A.20)
(A.21)

where Cj represents the photon counts. The final binning grid, composed of Q binning
intervals:
Bl = [2θ0 + (l − 1)B, 2θ0 + lB] , l = 1, . . . , Q
(A.22)

all contiguous and having the same width B = |Bl |, centres B̂l = 2θ0 + (l − 1/2)B and
covering completely the angular range 2θ0 ÷ 2θ0 + QB.
For each bin l, only and all the experimental intervals bj such that |bj ∩ Bl | > 0 are
considered.
The weighted average method can be used in order to estimate the rate in each l-th bin,
starting from the rate estimates calculated above. In the weighted averaged method it
is supposed to have number NE of estimates On of the same observable O, each one
with known s.d. σOn and repeated with a frequency νn , then the average is:
PN
−2
n=1 νn On σOn
(A.23)
hOi = PN
−2
n=1 νn σOn

In the present case the place of the frequencies can be taken by coefficients
weigh the j-th estimate by its relative extension within bin Bl .
Now the weighted average can be evaluated:
X |bj ∩ Bl |
Xl =
rj (σrj )−2
B

|bj ∩Bl |
B

that

(A.24)

j,|bj ∩Bl |>0

Yl =

X
j,|bj ∩Bl |>0

|bj ∩ Bl |
(σrj )−2
B

(A.25)
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In this way an intensity rate estimate (counts per unit diffraction angle and per unit
time at constant incident intensity) can be extracted as
Xl
Yl
1
=
Yl

Rl =
σRl

(A.26)
(A.27)

Rates can be transformed into intensities multiplying both Rl and σRl by B, or by any
other scaling factor K in place of B. The best choice for K is such that:
Q
Q
X
1 X Rl
KRl
=
=Q
2
2σ2
K
K
σ
R
R
l
l
l=1
l=1

(A.28)

in this way intensities are taken as counts. Therefore K is
Q

1 X Rl
K=
Q l=1 σR2 l

(A.29)

The result of the binning procedure consists of the set B̂l , KRl , KσR2 l representing,
respectively, position, intensity and its standard deviation of the Bragg peaks.
The diffraction pattern is now obtained, however, in order to obtain the relevant information for the determination of the instrumental resolution the following statistical
quantities have to be calculated.
Peak parameters evaluation
The relevant parameters characterising a diffraction peak as centroid, variance (σs2 ),
FWHM (Γ) and asymmetry are derived from the calculation of the statistical moments,
where the k-th order normalised moment (µk ) is given by:
P
Rb k
k
2θ · I(2θ)d(2θ)
j 2θj · Ij
, or µk = a R b
µk = P
(A.30)
I(2θ)d(2θ)
j Ij
a
The parameters-moments relations are:
centroid = µ1
shift = µ1 − 2θhkl
variance = µ2 − µ21
asymmetry = µ3

(A.31)
(A.32)
(A.33)
(A.34)
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A.2.2

2
σgeom

2
2
2
The calculated values for σgeom
= σpix
+ σaxial
+ σs2 , where σs2 can calculated for the
case of 8mol% yttria stabilised zirconia thin films, 200 nm thick:

2θhkl [deg]
14.1226
16.3172
23.1549
27.2295
28.4665
32.9906
36.0539
37.0289
40.7075
43.2939
47.3516

shift [deg]
-0.01753
-0.02351
-0.04776
-0.05886
-0.06169
-0.07625
-0.08342
-0.08885
-0.09896
-0.10362
-0.11483

asymm.
2806.25
4325.73
12337.86
20058.61
22918
35658
46541.44
50407.31
66965.82
80567.36
105400.24

σs2
0.01269
0.01464
0.02147
0.02538
0.02635
0.03026
0.03318
0.03416
0.03709
0.03904
0.04197

2
σaxial
0.01637
0.01407
0.00963
0.00801
0.0076
0.00635
0.00566
0.00546
0.00479
0.00437
0.00379

2
σpix
0.00121
0.00121
0.00121
0.00121
0.00121
0.00121
0.00121
0.00121
0.00121
0.00121
0.00121

2
σgeom
0.02075
0.02034
0.02356
0.02664
0.02745
0.03094
0.03368
0.03461
0.03742
0.0393
0.04216

Γ [deg]
0.04886
0.0479
0.05549
0.06272
0.06464
0.07285
0.07932
0.08151
0.08811
0.09255
0.09927

q
√
2
2
with Γ = 2 2 ln 2 · σi = 2 2 ln 2(σopt
+ σgeom
).

2
2
, thus,
and σpix
Note that the values of σs2 are two order of magnitude larger than σaxial
in practice, these could be neglected.

A.3

Instrumental broadening correction

As mentioned above, the broadening due to the sample microstructure is usually well
represented by a Voigt or pseudo-Voigt function [241], while instrumental effects can
be described by a Gauss function. In this work a pseudo-Voigt function was used
to fit the observed diffraction peaks with the FIT software [250], the results are discussed in Chapter 3.2. In order obtain the peak broadening owing only to the sample
microstructure the pseudo-Voigt profile of equation [251]:
V oigtpseudo = (1 − η)Gauss(ΓG ) + ηLorenz(ΓL )

(A.35)

where η is a mixing parameter and Γ is the FWHM, was first de-convoluted into its
gaussian (ΓG ) and lorenzian (ΓL ) components and afterwards the instrumental broadening (Γi ) was quadratically subtracted to the gaussian component of the observed
profile1 :
Γ2G,sample = Γ2G − Γ2i
1

Gaussian components sum quadratically, lorenzian components sum linearly.

(A.36)
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Finally the corrected pseudo-Voigt line broadening, represented by the FWHMpV was
calculated according to [251]:
ΓpV,smple = (Γ5G,sample + 2.69296Γ4G,sample ΓL + 2.42843Γ3G,sample Γ2L +
4.47163Γ2G,sample Γ3L + +0.07842ΓG,sample Γ4L + Γ5L )1/5 (A.37)
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Glossary
Latin symbols
Symbol
A
a, b, c
ci
c( )
d
D∗
k∗
hDiV
E
Ea
hkl
I
n
ni
Q
R
r
r∗
~s
Ti
U
zi
Z

Unit
Å
mol/cm3
Å
cm2 /s
cm/s
nm
V
eV
–
A
–
cm−2
1/Å
Ω
nm/min
nm
1/Å
–
V
–

Description
Integrated peak area
Lattice constants
Molar concentration
Isotopic fraction
Inter-planar lattice spacing
Tracer diffusion coefficient
Tracer surface exchange coefficient
Average grain size (volume weighted)
Electromotive force
Activation energy
Miller indices
Current
Diffraction order
Charge carrier concentration
Scattering vector
Electrical resistance
Sputtering rate
Critical radius
Wavevector
Secondary ion transmission coefficient (of specie i)
Cell voltage
Charge per carrier
Atomic number

Greek symbols

106
Symbol
αi
Γ
ε
η
µi
θ
θc
λ
ρ
σ

Glossary
Unit
–

Description
Ionization probability of species i
◦
Full Width at Half Maximum
%
Average microstrain
%
Efficiency
2
cm /(V·s) Charge carrier mobility
◦
Scattering angle
◦
Contact angle
Å
Wavelength
Ω·cm
Resistivity
−1
S·cm
Total electrical conductivity

Acronyms
Symbol
Description
AFC
Alkaline Fuel Cell
ALD
Atomic Layer Deposition
ASR
Area Specific Resistance
CGO
Gd2 O3 doped CeO2
DCS
Direct Current Sputtering
DSC
Differential Scanning Calorimetry
ERDA
Elastic Recoil Detection Analysis
FWHM
Full Width at Half Maximum
MCFC
Molten Carbonate Fuel Cells
MGO
Magnesium Oxide – MgO
µ-SOFC
Micro Solid Oxide Fuel Cell
OCV
Open Cell Voltage
PAFC
Phosphoric Acid Fuel Cells
PFC
Polymer Electrolyte Fuel Cells
PIXE
Proton Induced X-ray Emission
RBS
Rutherford Backscattering Spectrometry
RF
Radio Frequency
RFS
Radio Frequency Sputtering
SC
Spin Coating
SP
Spray Pyrolysis
SEM
Scanning Electron Microscopy
SIMS
Secondary Ions Mass Spectrometry
SOFC
Solid Oxide Fuel Cell
STO
Strontium Titanate – SrTiO3
TEC
Thermal Expansion Coefficient
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TEM
TG
YSZ
8YSZ

Transmission Electron Microscopy
Thermogravimetry
Y2 O3 stabilized ZrO2
8mol% Y2 O3 stabilized ZrO2

Physical constants
Symbol
c
e
F
kB
NA
R

Value
2.998 · 108
1.602 · 10−19
96485
8.617 · 10−5
6.022 · 1023
8.314

Unit
m/s
C
C/mol
eV/K
mol−1
J/(mol·K)

Description
Speed of light
Elementary charge
Faraday’s constant
Boltzmann’s constant
Avogradro’s constant
General gas constant
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Medarde, Dr. Denis Cheptiakov, Dr. Guochu Deng are deeply acknowledged for their
precious teachings and suggestions.
I thank Michael Horisberger, Thomas Gahl, Peter Keller, Christian Kägi, Anja Weber,
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