
���������������	�
�	��

���
�	�
���������������������	��������������������������������
���������
�	�������
�����������	����������������������������������
����������

���������������	���
�����
���


���������������
����
�������	����������������

�������	��������������������������
� �!�"�#

���������������������	��������
���
�
�$���%�&�&�������'���	���&���
�
�$���%�&�&�������'���	���&�"�!�'�(�)� �)�&���
���*�������!�!�!�"�)�+�)�,�)

�����������
�������	���������
����
�-���������$���	�������
�������.�����������������	�����
�����/�������0���	�����
�
����

�����������$�
�������1�
�������������	�
�
�������
���
�����
�
�����
�����������$�����������1�������
�������	�������
���������������2���	���������3�������
�	�������������������
�������'
�����	�������	�������������	���
�
�����������$�����
�������������������
���
�����������	�������������������'

https://doi.org/https://doi.org/10.3929/ethz-b-000198969
http://rightsstatements.org/page/InC-NC/1.0/
https://www.research-collection.ethz.ch
https://www.research-collection.ethz.ch/terms-of-use


DISS. ETH No. 24242

Strain Engineering in Thin Film Electrolytes

for Solid Oxide Fuel Cells

A thesis submitted to attain the degree of

DOCTOR OF SCIENCES of ETH ZURICH

(Dr. sc. ETH Zurich)

presented by

Aline Fluri

MSc Physics, ETH Zurich

born on 11.5.1989

citizen of Luterbach

accepted on the recommendation of

Prof. Dr. T. Lippert, examiner

Prof. Dr. A. Wokaun, co-examiner

Prof. Dr. J.L.M. Rupp, co-examiner

2017





"I am still confused but on a higher level."

Enrico Fermi





Acknowledgements

This thesis was funded by the Swiss National Foundation for Science (SNFS) under

grant agreement no. 200021� 126783.

First of all, I thank Prof. Dr. Thomas Lippert for giving me the opportunity to work

on this project. I greatly appreciate the trust and positive support he has shown me

by giving me the possibility to work independently and to look into new ideas and by

enabling the next steps in my career. I am very grateful to Dr. Daniele Pergolesi for

teaching me very much about thin �lm growth by PLD and solid state electrolytes for

SOFCs. Thank you very much for all your ideas, input and feedback; it was great work-

ing with you! I also thank Dr. Christof Schneider and Dr. Kenta Shimamoto for their

support and many helpful suggestions on XRD measurements and Prof. Dr. Alexander

Wokaun for interesting discussions. I feel very fortunate to have been working in a

great team and very much enjoyed the time in the Thin Films and Interfaces Group. I

thank all the group members, past and present, for this experience.

I also express my gratitude to those who collaborated with us and contributed to the

publications included in this thesis: I thank Yanuo Shi and Prof. Jennifer Rupp for work-

ing with me on the topic of free-standing electrolyte membranes, Dr. Vladimir Roddatis

for performing TEM analysis on my samples and Dr. Max Döbeli for the RBS and PIXE

analysis. I thank Dr. Maths Karlsson, Prof. Dr. Marco Bettinelli and Dr. Ivano E. Castelli

for contributing to the work on the anisotropic ion conduction in Ba 2In2O5. I very much

welcomed the collaboration with Dr. Aris Marcolongo and Prof. Dr. Nicola Marzari who

provided a theoretical model explaining the strain effect we found in proton conduc-

tors. I also thank Dr. J. Jakob Schwiedrzik and Dr. Johan Michler for contributing the

nanointendation analysis and Dr. Madoka Hasega for her help with the photolithogra-

phy of interdigitated electrodes.

i



Many loving thanks go to my personal Super Mario (Lenz) for promoting stress re-

laxation through the migration along a dance �oor (tango), the introduction of a high

defect density in the diet (desserts) and by monitoring relaxing �lms. Last but not least,

danke ich meiner Familie dafür, dass sie nie Zweifel hatten dass ich alles erreichen kann

was ich mir vornahm aber sich immer voller Stolz über meine Erfolge freuten.

ii



Abstract

Solid oxide fuel cells (SOFCs) are highly ef�cient electrochemical energy converters.

A crucial component is the electrolyte, a gas tight solid oxide which conducts oxygen

ions or protons while it blocks electrons. Tensile strain, i.e. lattice distortions enlarg-

ing interatomic distances, has been shown to increase the ion conductivity in typical

oxygen ion conducting electrolytes while compressive strain has the opposite effect.

However, the magnitude of strain effects reported in literature varies greatly among

different studies. In comparison, for proton conducting SOFC electrolytes very few

reports on the in�uence of strain exist. Experimental and theoretical results so far dis-

agreed concerning the in�uence of compressive strain while tensile strain has not been

investigated experimentally yet. The extension of the experimental investigation to

probing the effect of tensile strain is highly important as a feedback to the theoretical

understanding of the proton conduction mechanism.

Here, the fundamental question of how strongly strain affects the ion conduction in

a single crystal is addressed. Epitaxial thin �lms, where well de�ned strain states are

induced through the matching of the crystal lattices of �lm and substrate, are employed

as model systems for the single crystalline bulk. The modi�cation of material properties

through lattice distortions in epitaxy is generally referred to as strain engineering for

which it is important to understand how the strain is generated and how it evolves dur-

ing the growth. Therefore, the stress (proportional to the strain) is monitored in situ

with a multi beam optical stress sensor during the growth. Simultaneously, the growth

mode, which is well known to signi�cantly in�uence the strain, is monitored with re-

�ection high energy electron diffraction. Ion conductors with the desired strain states

for conductivity measurements are engineered by monitoring the strain relaxation and

by introducing so-called buffer layers between the single crystalline substrate and the

ion conductor to tune the lattice mismatch. Importantly, the unstrained reference sam-
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ples exhibited the conductivity of the single crystalline bulk reported in literature and

transmission electron microscopy revealed a high crystallinity for all �lms, so that the

term "model system" is appropriate to describe the samples.

In Sm-doped ceria, a typical oxygen ion conducting SOFC electrolyte, the migration

barrier for the thermally activated oxygen ion transport was reduced by 0:05eV as a re-

sult of 0:35%tensile strain. The resulting increase in conductivity is in the lower range

of strain effects reported in literature, but in good agreement with several more recent

studies and theoretical calculations. Independently of the strain effect, an interface (or

surface) effect was found to reduce the conductivity of �lms thinner than � 50 nm.

In a similar investigation carried out for the well-known proton conductor Y-doped

BaZrO3, it was shown for the �rst time experimentally that tensile strain reduces the

migration barrier for proton transport which disagrees with previous theoretical calcu-

lations. In response to the experimental �ndings, the group of Prof. Nicola Marzari at

EPFL conducted theoretical simulations which showed that the effect of proton trapping

and the assumption of isotropic instead of biaxial diffusion are crucial to reproduce the

experimentally observed effect.

The strain relaxation observed during the epitaxial growth of the materials studied

in this thesis is discussed in relation to strongly established theoretical models for

semiconductor epitaxy. The strain relaxation in �lms grown on epitaxial buffer lay-

ers showed an initial stage of fast relaxation not found during the growth on single

crystals nor �tting to the established models. This is an important observation that has

to be taken into account in multilayer heteroepitaxy.

In the two studies mentioned above, strain basically introduces an arti�cial anisotropy

in the ionic conduction by distorting the cubic lattice, but the ion conductivity may in

general depend on the direction of charge transport in a crystal. As a case study, the

brownmillerite structured Ba 2In2O5 is investigated, which shows predominant oxygen

ion conduction in dry environment and proton conduction in the presence of water

vapour. Using epitaxial thin �lms, the conduction is found to be anisotropic for both

types of charge carriers. For oxygen ions this was generally expected, but not necessar-

ily for proton conduction. The anisotropic proton conduction is attributed to a planar

order among protons which was recently suggested in literature.

For a large part, this thesis addresses fundamental questions about the ion conduction
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or the epitaxial growth of oxides. In a last, more application related part, the in�uence

of the morphology on the mechanical stability of free-standing electrolyte membranes

as needed in micro-SOFCs is investigated in collaboration with Prof. Jennifer Rupp's

group at ETH Zurich. Compared to the typical columnar morphology of 8%Y-stabilised

zirconia membranes, membranes consisting of dense, zigzag or spiral shaped columns

were found to be less brittle and about 60� 80%more likely to survive the fabrication

process. This �nding may have an important impact for the development of a more

reliable fabrication process to speed up market penetration of micro-SOFCs as battery

replacement for low-power mobile applications.
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Zusammenfassung

Brennstoffzellen mit einem Festkörperoxid als Elektrolyt (Solid Oxide Fuel Cells, SOFCs)

sind hochef�zient in der Umwandlung chemischer Energie in elektrische. Eine wichtige

Komponente ist der Elektrolyt, eine sauerstof�onen- oder protonenleitende, elektrisch

isolierende und gasundurchlässige Keramik. Es wurde gezeigt, dass Ionenleitfähigkeit

in typischen sauerstof�onenleitenden SOFC Elektrolyten erhöht werden kann durch

Verzerrungen des Kristallgitters, welche die interatomaren Abstände vergrössern (Zug-

spannung), während kompressive Verspannungen den umgekehrten Effekt haben. Eine

grosse Zahl verschiedener Studien belegt dies, wobei sich die Grössenordnungen solcher

Effekte aber sehr stark unterscheiden.

Im Vergleich zu Sauerstof�onenleitern hat der Effekt von Zugspannungen in Proto-

nenleitern bisher wenig Aufmerksamkeit erhalten. Zudem widersprechen sich experi-

mentelle und theoretisch Resultate bezüglich des Ein�usses von kompressiven Verspan-

nungen während der Ein�uss von Zugspannungen noch nicht experimentell untersucht

wurde. Die Ausweitung der Experimente auf Zugspannungen stellt daher eine äusserst

wichtige Rückmeldung für das theoretische Verständniss der Protonenleitung dar.

Diese Arbeit wendet sich der fundamentalen Frage zu, wie stark Gitterverzerrungen die

Ionenleitfähigkeit in Einkristallen beein�ussen können. Epitaktische Dünnschichten, in

welchen genau de�nierte Gitterverzerrungen durch die Anpassung der Gitterkonstante

des Filmes and die Gitterkonstante des Substrates entstehen, werden hier als Modell-

systeme für Einkristalle eingesetzt. Die Modi�kation von Materialeigenschaften durch

Gitterverzerrungen wird im allgemeinen als "Strain Engineering" bezeichnet. Dafür

ist es wichtig zu verstehen wie Gitterverzerrungen entstehen und wie sich der Grad

der Verspanung im Laufe des Filmwachstums verändert. Zu diesem Zwecke wird die

Verspannung in situ und während dem Wachstum der Dünn�lme mit einem sogenan-

nten Multi-beam Optical Stress Sensor charakterisiert. Gleichzeitig wird der Wachs-

vii



tumsmodus durch Elektronenstreuung (Re�ection High Energy Electron Diffraction)

verfolgt. Zusätzliche epitaktische Schichten können zwischen Substrat und Ionenleiter

eingefügt werden um die richtige Fehlanpassung zu erreichen. Dadurch und mithilfe

der in situ Analyse der Verspannung werden Ionenleiter�lme mit dem gewünschten

Grad an Verspannung hergestellt. Entspannte Dünn�lme weisen die Ionenleitfähigkeit

von Einkristallen auf, was ein sehr wichtiger Indikator ist dass diese Systeme als Mod-

ellsysteme für Einkristalle geeignet sind.

In Sm-dotiertem Ceroxid, einem typischen SOFC Elektrolyten, führte eine Gitterverz-

errung von 0:35%zu einer um 0:05 eV tieferen Energiebarriere für den thermisch ak-

tivierten Sauerstof�onentransport. Die dadurch verursachte Erhöhung der Sauerstof�o-

nenleitfähigkeit liegt in dem unteren Bereich der die Literatur dargelegten Gitterverzer-

rungseffekte. Allerdings ist sie in guter Übereinstimmung mit neueren experimentellen

und theoretischen Studien. Unabhängig von dem Gitterverzerrungseffekt reduziert ein

schichtdickenabhängiger Effekt die Sauerstof�onenleitfähigkeit.

In einer ähnlichen Studie mit Y-dotiertem Bariumzirkonoxid, einem sehr bekannten

protonenleitenden SOFC Elektrolyten, wurde zum ersten Mal experimentell gezeigt,

dass Zugspannungen die Energiebarriere für Protonentransport senkt. Dies steht im

Widerspruch zu bisherigen theoretischen Berechnungen. Basierend auf den experi-

mentellen Resultaten hat die Gruppe von Prof. Nicola Marzari an der EPFL erneut

theoretische Simulationen durchgeführt, welche ergaben dass der "Proton-trapping" Ef-

fekt sowie die Annahme isotroper anstelle von biaxialer Diffusion notwendig sind um

den experimentell beobachteten Effekt zu erhalten.

Die Entspannung der Gitterverzerrungen, die im Laufe des epitaktischen Wachstums

der Oxiddn̈n�lme beobachtet wurde, wurde mit etablierten theoretischen Modellen für

die Entspannung von Gitterverzerrungen in der Halbleiterepitaxie verglichen. In Filmen

die auf einer epitaktischen Schicht gewachsen wurden, �ndet eine schnellere Entspan-

nung in der frühen Wachstumsphase statt, welche weder in auf einkristallinen Substrate

gewachsen Filmen noch in theoretischen Modellen erwähnt wird. Dies Beobachtung ist

wichtig und sollte in der Multilayerheteroepitaxie berücksichtigt werden.

In den beiden oben erwähnten Studien zu Gitterverzerrungseffekten wird die kubis-

che Kristallstruktur zu einer tetragonalen verzerrt, so dass die Ionenleitfähighkeit nicht

in all Richtungen dieselbe ist. Doch auch im Allgemeinen kann die Ionenleitfähigkeit
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von der kristallographischen Richtung des Ladungstransportes abhängen. Als Fallstudie

wird Ba2In2O5 (Brownmillerit) untersucht, in welchem Sauerstof�onenleitung in trock-

ener Umgebung und Protonenleitung in feuchter Umgebung dominiert. Durch die Un-

tersuchung epitaktischer Schichten verschiedener Ausrichtungen wird eine anisotrope

Ionenleitfähigkeit für beide Ladungsträgertypen festgestellt. Für Sauerstof�onen wurde

dies erwartet, doch nicht zwingend für Protonen. Die anisotrope Protonenleitung wird

einer planaren Ordnung der Protonen zugeschrieben, von welcher kürzlich in einer

Studie berichtet wurde.

Der grösste Teil dieser Arbeit wendet sich fundamentalen Fragen bezüglich der Ionen-

leitung oder des epitaktischen Wachstums von Oxiden zu. In einem stärker anwen-

dungsorientierten Kontext wurde in Zusammenarbeit mit der Gruppe von Prof. Jen-

nifer Rupp an der ETH Zürich der Ein�uss der Morphologie auf die mechanische Sta-

bilität freisteheneder Elektrolytmembranen für Mikro-SOFCs untersucht. Verglichen

mit der typischen kolumnaren Morphologie von 8% Y-dotierten Zirkonoxidmembra-

nen waren Membrane bestehend aus dichten, zigzag- oder spiralförmigen Körnern

dehnbarer und hatten eine etwa 60 � 80% höhrere Wahrscheinlichkeit den Fabrika-

tionsprozess unbeschadet zu überstehen. Dieses Ergebniss hat möglicherweise einen

wichtigen Ein�uss auf die Entwicklung eines verlässlicheren Fabrikationsprozesses wel-

cher die Marktdurchdringung von Mikro-SOFCs als Baterienersatz für mobile Anwen-

dungen beschleunigen kann.
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Chapter 1

Introduction

"Humanity stands ... before a great problem of �nding new raw

materials and new sources of energy that shall never become ex-

hausted. In the meantime we must not waste what we have but

must leave as much as possible for coming generations."

Svante Arrhenius (1925)

1.1 Solid Oxide Fuel Cells

The quote from Svante Arrhenius, one of the �rst scientists supporting the notion of

human CO2 emissions raising the surface temperature of the earth through the green-

house effect [1], still describes the motivation behind a broad �eld of research almost a

century later. With the increasing energy demand of our society the need for renewable

and sustainable energy sources has become an even more pressing issue.

Fuel cells, which allow the highly ef�cient conversion of chemical into electrical energy

with only water as a by-product, are a very well-suited technology to address this is-

sue [2–5]. A fuel cell consists mainly of the electrolyte, the cathode and the anode,

as sketched in �gure 1.1. The electrolyte must exhibit either a high oxygen ion or a

high proton conductivity but be an electronic insulator under operating conditions and

is required to be mechanically and chemically stable during operation and thermal cy-

cling [6]. The ionic charge carriers are removed through the reaction to water on one

side of the electrolyte so that a concentration gradient drives the ion diffusion while the

1



1.1. SOLID OXIDE FUEL CELLS CHAPTER 1.

electrons are forced on a detour, generating an electric current or building up a voltage.

Basically, the operating principle is similar to a battery, but the fuel is added, meaning

that there is no charge/discharge cycle [7]. Envisioning a wide-spread use of hydrogen

for the future this gives the great potential of a technology free of CO2 emissions [2–5].
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Figure 1.1: Working Principle of a Fuel Cell. The electrolyte (yellow) either conducts
oxygen ions (blue) or protons (red). The cathode and the anode are sketched in gray.

The ion diffusion is thermally activated, so that a certain operating temperature is re-

quired to achieve a suitably high ion conductivity in the electrolyte. Polymer electrolyte

membrane fuel cells require an operating temperature of around100� C. In a solid oxide

fuel cell (SOFC), where a solid oxide ion conductor is used as the electrolyte, far higher

operating temperatures (800� 1000� C) are required for a suf�ciently high ion conduc-

tivity. The high temperatures allow the use of a great variety of hydrocarbons as fuel,

as well as hydrogen [7]. When using hydrocarbons CO2 is among the end products but

the advantage over combustion engines is the signi�cantly higher ef�ciency in convert-

ing hydrocarbons to electricity. For example, stand-alone applications reach45� 65%

and combined heat and power applications reach more than85%ef�ciency [2]. SOFCs

are among the devices with the highest ef�ciency for directly converting chemical fuels

into electricity [3]. Thus, CO 2 emissions are drastically reduced and SOFCs can work

with the hydrocarbon fuel infrastructure already established [2].

Typically used solid state electrolytes are yttria stabilised zirconia (YSZ) and doped ce-

ria. YSZ has a good stability, and a fuel cell with YSZ as electrolyte and doped indium

or tin oxide as cathodes was patented in 1971 (US 3558360). For applications fuel

2



CHAPTER 1. 1.1. SOLID OXIDE FUEL CELLS

cells are generally stacked, so they are connected in series. So far, typical applications

of SOFCs are stationary [8], in the kW � MW range and operating at 800� 1000� C [9].

The biggest drawback is that the high operating temperature results in high material

costs, a low lifetime of the fuel cell stack due to materials instability (e.g. interdiffu-

sion) [10] and slow start-up and shut-down processes. A reduction of the operating

temperature to below 600� C would greatly lower the material restrictions and reduce

the insulation cost as well as the degradation. An operating temperature below350� C

would further enable the use of stainless steel and polymeric seals and speed up the

start-up and shut-down [2], but may be too low for direct hydrocarbon reforming [7].

Lower operating temperatures and faster start-up and shut-down processes would make

the integration in portable devices possible.

Decreasing the electrolyte thickness reduces the total resistance of the electrolyte so

that a certain conductivity can be reached at a lower temperature. For large area anode

or cathode supported cells (e.g. 10 � 10 cm2), the support is at least 150 �m and the

electrolyte 10s of microns thick [2]. To further decrease the electrolyte thickness, micro-

machining techniques are used to fabricate arrays of free-standing anode-electrolyte-

cathode trilayer membranes. The membrane dimensions are on the order of100� 100

�m 2 and the electrolyte thickness is in the 300 nm-range. These devices are called

micro-SOFC and target the application in themW range e.g. as a battery replacement

in mobile applications [9]. Typically, an area speci�c resistance of the electrolyte below

0:15 
 cm2 is assumed to result in adequate performance [11]. Micro-SOFCs thus target

operating temperatures around 400� C, enabling mobile applications [9].

The fabrication steps of a micro-SOFC are sketched in �gure 1.2. On a Si wafer with

a sacri�cial layer of Si 3N4, square Si patches de�ned by photolithography are removed

by wet etching, leaving free standing Si3N4 membranes. On top of the Si3N4 layer, the

electrolyte thin �lm of � 300nm is deposited. With reactive ion etching, the Si3N4 layer

is removed from the back of the electrolyte. Electrodes can then be deposited on both

sides of the sample, yielding the free-standing anode-electrolyte-cathode stack.

It is essential that the free-standing membrane is stable under processing and operat-

ing conditions, which is more of a challenge than for the thicker electrode-supported

�lms. The successful use of YSZ as electrolyte in micro-SOFCs has been demonstrated

3



1.2. IONIC CONDUCTION IN SOLIDS CHAPTER 1.

for example using nanoporous Pt electrodes [12, 13] or with a partially amorphous,

nanoporous La0:6Sr0:4CoO3� � thin �lm cathode and a Pt anode [14].

Figure 1.2: Fabrication Steps of a micro-SOFC. Free-standing Si3N4 (orange) are fab-
ricated by wet etching. The electrolyte (green) is deposited and subsequently the Si3N4

is removed from the back of the membrane. Electrodes (gray) are then deposited on
both sides of the electrolyte.

1.2 Ionic Conduction in Solids

Ionic conduction in a solid essentially takes place by thermally activated jumps of an

ion from an occupied site to a neighbouring empty site. Just as in electron conduction,

the dominant charge carrier is either a particle (electron/ion) or a vacant site for such

a particle (hole/vacancy). The charge carrier can be an ion on an interstitial site or a

vacancy in the crystal structure. The conditions for ef�cient migration of an ion through

a crystal, i.e. through a matrix of similarly sized ions, are an available free site and the

possibility of jumping to this site. The ion conductivity � ion
1 follows the Arrhenius

equation:

� ion =
� 0

T
e�

E A
k B T (1.1)

The Boltzmann factor e�
E A

k B T describes the probability for overcoming a potential barrier

of EA (activation energy) at a temperature T, with kB being the Boltzmann constant.

The pre-exponential factor � 0 is proportional to the charge carrier density, the density

of unoccupied sites and the attempt frequency for hopping over the potential barrier

EA . The ion conductivity is related to the diffusion coef�cient D, namely D / � ion T

(see also Appendix A.1).

The site of an ion corresponds to a potential well and according to quantum mechanics

the ion can only occupy discrete energy levels. Assuming that the potential well is

1In conventional nomenclature, � is used for both conductivity and stress. For clarity, the ion conduc-
tivity is here referred to as � ion .
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CHAPTER 1. 1.2. IONIC CONDUCTION IN SOLIDS

harmonic, the attempt frequency is the eigenfrequency of the harmonic oscillator ! =
q

k=m with the spring constant k and the mass of the ionm. The pre-exponential factors

of two different isotopes I 1 and I 2 with massesmI 2 , mI 1 are therefore related [15] as

� 0;I 1

� 0;I 2

=
s

mI 2

mI 1

: (1.2)

In a harmonic potential well also the lowest energy levels E0 = 1
2~! depend on the

mass. The activation energy, which is the energy it takes to escape the potential well,

differs therefore between isotopes by the same value asE0 differs. The isotope effect

is especially noticeable comparing protons to deuterons or triterons as the mass differs

by a factor of 2 or 3 [15–17].

1.2.1 Oxygen Ion Conduction in SOFC electrolytes

Currently, SOFC technology typically uses Y-stabilised zirconia (YSZ) or doped ceria as

electrolyte materials; both are oxygen ion conductors. The undoped materials zirconia

and ceria have a �uorite crystal structure (�gure 1.3). Undoped �uorites show a very

low ion conductivity since the only possible sites for an oxygen ion to hop to are inter-

stitial sites. With the relative dense �uorite crystal structure, this is unlikely [18].

����������
������������

Figure 1.3: Fluorite Crystal Structure.

Doping zirconia with yttria and ceria with samarium (or gadolinium) oxide introduces

oxygen vacancies in the structure. In the Kroeger-Vink notation, this is described as

Y2O3 + 2Zr�
Zr + O�

O ! 2Y0
Zr + V��

O + 2ZrO2.

and

Sm2O3 + 2Ce�
Ce+ O�

O ! 2Sm0
Ce+ V��

O + 2CeO2.
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1.2. IONIC CONDUCTION IN SOLIDS CHAPTER 1.

Due to the different valence state of the dopant, oxygen vacancies must be introduced

to keep the charge balance. The oxygen vacancies now present free sites so that the

ion conduction is far higher than in the undoped structure [18]. The higher the dopant

concentration, the more charge carriers are present, but this does not lead to a contin-

uous increase in conductivity. Instead, at a certain dopant concentration, the charge

carriers actually start interacting by restricting the number of free sites a ion can hop

to. This was demonstrated for YSZ for example by Ioffe in 1978 [19].

1.2.2 Proton Conduction in SOFC electrolytes

Proton conductors are highly interesting as electrolytes for solid oxide fuel cells since

they provide a higher conductivity in the lower temperature range. The conductivity

of 8%Y2O3 doped ZrO2 (8YSZ), Sm-doped CeO2 and of the well-known proton con-

ductor Y-doped BaZrO3 (BZY) is shown in �gure 1.4. It is mostly due to the relatively

large activation energy for oxygen ion migration (e.g. � 1 eV for 8YSZ) that operating

temperatures above800� C are required [26]. Experimentally determined activation

������ ������ ������ ������ ������
���� ���	

���� ���


���� ����

���� ����
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���
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������
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���
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���

���
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������������ ������������

��������������������������
��� �!�"�����#�"�$�%����������
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�������!���(�'����������
���
�����"�'�#����������������
���� �������(���)������������
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Figure 1.4: Proton and Oxygen Ion Conductivity of Single Crystalline Bulk. The
conductivity of YSZ is shown in black for a 9.5% doped single crystal [20], for the
grain interior in an 8 % doped polycrystalline pellet and for an 8% doped epitaxial thin
�lm [21]. The grain interior conductivity of Sm-doped ceria (SDC) for 20 % [22] and
10% doping [23] is shown in green. For 20 % doped BZY, the grain interior conductivity
[24, 25] and conductivity of an epitaxial thin �lm are shown in blue and the total
conductivity of a polycrystalline pellet that could be reached using sintering aids [25]
is shown in red. The references are abbreviated as "[First Author] [Year]".
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energies for the grain interior of proton conducting perovskites are around � 0:4 � 0:6

eV [24]. In the intermediate temperature range ( 400� 600� C), proton conducting ox-

ides can have a larger ion conductivity than oxygen ion conducting electrolytes. They

are called high temperature proton conductors as compared to the proton conducting

polymeric electrolyte membrane fuel cells which operate at around 100� C. Besides

lowering the operating temperature, the advantage of a proton conducting electrolyte

is that the water develops not on the fuel side (cathode), but on the O2 side (anode)

which improves the fuel utilisation [7].

Materials with high proton conductivity investigated so far are largely perovskites of

the formula ABO3; the crystal structure is sketched in �gure 1.5a. On the A site there

are typically Ba(II), Sr(II) or Ca(II) (alkaline earth) cations while the B site is occupied

by Ce(IV) or Zr(IV) (tetravalent) cations. The perovskites do not contain protons. Pro-

tons are introduced from atmospheres containing H2 or H2O, while the proton uptake

from water is the more important reaction [7,27] and requires the presence of oxygen

vacancies. To introduce oxygen vacancies, the B site is doped with a trivalent element

M (e.g. Y, Nd, Sm, In, etc.), giving AB1� xMxO3� � and [V��
O ] = 1

2 [M].

2B�
B + O�

O+ M2O3 
 2M'B + V��
O + 2BO2.

If M would occupy an A site instead, which is more likely in the case of Ba de�ciency,

oxygen vacancies are consumed.

The water in the gas phase dissociates at the anode into a hydroxide ion and proton.

The hydroxide ion enters a oxygen vacancy and the proton forms a bond with a lattice

oxygen [10], essentially

H2O(g)+ V��
O + Ox

O 
 2OH�
O

Since the proton is a point charge, it is not really on an interstitial site but rather sits

in the electron cloud of a oxygen ion [28, 29]. It migrates through the crystal with

the so called Grotthuss-type mechanism as sketched in �gure 1.5b). The proton can

be transferred from one oxygen to a neighbouring oxygen or it can rotate around the

oxygen site. The activation energy of a proton jump was found not to be determined by

the dynamics of the proton-oxygen bond but by the oxygen sublattice, so that the pre-

exponential factor is determined by the vibrational frequencies of the oxygen-oxygen

bonds. Simply put, two oxygen ions have to get close enough to allow a proton to hop

7
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Figure 1.5: Proton Conductor. Perovskite Crystal Structure ABO3(a) and Grotthuss
transport mechanism (b) consisting of transfer (1) and rotation (2).

from one to the other [30]. It follows that a suf�ciently dynamic oxygen sublattice

is a prerequisite for a good proton conductor. Large polarisable cations, which typi-

cally give a basic material, enable this so that basicity can be considered as a crucial

parameter for proton conductors [24,27]. But while basic perovskites like BaCeO3 hy-

drate well and the protons are mobile, they are unstable against acidic gases like CO2

or H2O [7, 31]. The challenge is therefore to �nd a proton conducting electrolyte with

high conductivity as well as high chemical stability under fuel cell operating conditions.

BaZrO3 based materials have a good chemical stability, but earlier measurements on

polycrystalline sintered pellets showed a low proton conductivity, which is now at-

tributed to a high grain boundary resistance and a high density of grain boundaries

due to a poor sinterability [24, 31–34]. Kreuer �rst claimed a high grain interior con-

ductivity in BaZrO 3 materials, especially for Y-doped BaZrO3 (BZY2) [24]. Currently,

BZY is considered among the most promising proton conducting SOFC electrolyte ma-

terials [7]. The use of sintering aids has lead to an increase in grain size and total

conductivity [25, 34] so that the total conductivity is very close to the values for the

grain interior (�gure 1.4). In highly ordered epitaxial, essentially single crystalline BZY

�lms the high grain interior conduction was measured for the �rst time directly [35].

The high grain boundary resistance may be attributed to a segregation of Y at the grain

boundary [36].

2Remark on Notation: For typical oxygen ion or proton conductors, abbreviations are commonly used
like YSZ or BZY as introduced here. The information on the dopant concentration can be included in
the abbreviation, so that for example 8% Y-stabilised zirconia is referred to as 8YSZ or20%Y-doped BZY
as 20BZY. Henceforth such notation will be used to differentiate compounds with different amounts of
doping, once the general abbreviation has been introduced.
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Due to the different valence states of Y and Zr, the dopant site has a net negative charge

which constitutes an electrostatic trapping center for protons [37–39]. It was calculated

that Y and Gd result in the least deep traps in BaZrO3 [38]. The number of trapping

sites as compared to the number of charge carriers must be signi�cant for trapping ef-

fects to have an effect on the ion transport. Assuming a random distribution of Y in 20%

doped BZY, it was reasoned that about36%of oxygen atoms are nearest neighbours to

at least one Y, so that there are clearly more trapping sites than mobile species [40].

The effect of proton trapping on the temperature dependent ion conductivity would

be seen as two different activation energies. A steeper slope in the lower temperature

range results from trapping and a �atter slope at high temperatures corresponds to the

trap-free regime. The challenge in characterising this behaviour is that the material

looses protons at higher temperatures (dehydration), resulting in an apparently �atter

slope in the temperature dependent conductivity at higher temperatures due to pro-

ton losses. Combining AC impedance spectroscopy with thermogravimetric analysis, a

charge carrier concentration independent diffusivity could be obtained. Two different

activation energies, 0:166 eV at high temperatures (around 700� C) and 0:301 eV at

low temperatures ( 300� C and below) were found, corresponding to the trap-free and

trapped regime, respectively [40]. Nuclear magnetic resonance measurements suggest

two different proton environments, while the Arrhenius plot of the correlation times

showed the same activation energy for both [41], which is essentially the same as de-

termined by impedance spectroscopy and thermogravimetry [40].

In spite of the advantages of proton conducting over oxygen ion conducting SOFC

electrolytes and a good performance of individual cell components, the power density

output is still lower compared to SOFCs based on oxygen ion conducting electrolytes,

although considerable improvement was achieved over the last years [10]. One is-

sue besides the electrolyte is that at the cathode, the oxygen reduction reaction is much

slower than the hydrogen reduction (anode) when H2 is used as fuel, resulting in a large

overpotential. Only recently, efforts were made to design cathode materials speci�cally

for proton conducting electrolytes [10].
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1.3 Tuning the Ion Conduction via Strain Engineering

Subsections 1.3.2 and 1.3.3 are published as part of the invited book chapter "In situ strain mea-

surements of metal oxide thin �lms" by Aline Fluri, Christof Schneider and Daniele Pergolesi in

"Metal Oxide-based Thin Film Structures: Formation, Characterization and Application of Interface-

based Phenomena", edited by Nini Pryds and Vincenzo Eposito, Elsevier Science& Technology Books,

2017.

1.3.1 Studying the In�uence of Strain on the Ion Conduction

Over the last decade a large variety of studies was published where an increase in the

oxygen ion conductivity in SOFC electrolytes was attributed to tensile lattice distortions

as summarised in [26,42]. Crystalline thin �lms were studied [43–50] and theoretical

simulations were applied to investigate the effect of lattice distortions on the single

crystalline bulk [51, 52]. The extent of the reported effects differs widely [26], but

most agree that tensile lattice distortions improve the oxygen ion conductivity. Chang-

ing the interatomic distances in general changes the potential landscape for charge

carriers in the crystal, so that lattice distortions have the potential to modify the ion

conductivity. According to theoretical calculations, tensile lattice distortions change

the potential landscape in a way that the energy barrier EA for oxygen ion migration

is lowered [51, 52]. As a consequence thereof, higher conductivities can be reached at

lower temperatures, but the question of how much strain can in�uence the ionic con-

duction remains.

The different extent of the effect of strain reported in literature can be attributed to the

use of different substrates, different sample morphologies, different thicknesses and

different strain values (i.e. the relative lattice distortion), which are not always quanti-

�ed [53]. This emphasises the need to evaluate the effect of strain using samples where

possible side effects can be eliminated and where the strain state is well understood. In

the following, the above reasons for the variability of the strain effects on the ion con-

ductivity and the approach to circumvent side effects when investigating the in�uence

of lattice distortions on the ion conduction are discussed.

The morphology strongly in�uences the ion conduction because grain boundaries can

have signi�cantly different properties than the single crystalline grain interior [53–55].
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In acceptor doped ceria or zirconia the grain boundary conductivity is at least two

orders of magnitude below that of single crystals which was attributed to an accumu-

lation of oxygen vacancies [54, 56, 57]. In the proton conductor BZY, an Y-enrichment

at the grain boundary is reported, which signi�cantly blocks the proton conduction

[25, 36, 58, 59]. A 14YSZ single crystal was mechanically strained and the increase

in conductivity agreed roughly with theoretical calculations [51, 60], but the induced

force of 20� 60MPa was far below typical values found in thin �lms on the order of � 1

GPa. Of most other solid oxide electrolyte materials, single crystals are very dif�cult

to obtain, but highly crystalline thin �lms can typically be grown with physical vapour

deposition techniques on single crystalline substrates. A lattice mismatch between the

substrate and the �lm can result in a distorted crystal lattice of the thin �lm where the

relative distortion (strain) generally decreases with increasing thickness. This so-called

epitaxial growth will be introduced in detail in the following section 1.3.2. The study

of epitaxial thin �lms is a highly valuable approach to investigate the effect of strain

in samples resembling single crystals [61]. Since the strain is thickness dependent, the

effect is studied on one hand by comparing �lms of different thicknesses on the same

substrate. On the other hand, since the analysis of �lms of a fewnm can be challenging,

multilayer structures are employed where the total �lm thickness is kept constant while

the number of interfaces (or the individual layer thickness, respectively) is varied. Al-

ternating layers of two materials are deposited, coupling the ion conductor of interest

with an insulator that provides the appropriate lattice mismatch. It is also possible to

add intermediate so-called buffer layers between the substrate and the ion conducting

�lm to engineer an appropriate growth platform for epitaxy.

In �gure 1.6, studies on the effect of strain on the oxygen ion conduction in YSZ and

Gd-doped ceria (GDC) are summarised3. Virtually grain boundaries free multilayer het-

erostructures of 8YSZ and ceria were grown on a CeO2 on SrTiO3 buffer layer on an

MgO substrate [48]. Tensile strain was induced in 8YSZ but did not affect the ionic

conduction. It is noted that the tensile strain was not quanti�ed. In another example,

tensile strained YSZ was studied in multilayer structures with a columnar morphology.

8YSZ and Y2O3 multilayers were grown on Al 2O3 so that within one column, strained

3Read out of the publications with the tool "Digitaliser" in the Software Origin2016.
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Figure 1.6: Studies on the Effect of Strain in YSZ or doped ceria. The bulk con-
ductivity reported for 9.5YSZ [20] (like for 8YSZ, see �gure 1.4) and for 20GDC [62]
are included for comparison. Studies on multilayer heterostructures of YSZ and ce-
ria [48] and of 8YSZ and Y2O3 on Al2O3 [45] and on a mechanically distorted 14YSZ
single crystal [60] are shown as examples for YSZ. Studies on multilayer heterostruc-
tures of 10GDC and Er2O3 [46] and single 10GDC �lms on 10 and 50 nm SrTiO3 on
MgO [50] are shown as examples for doped ceria. (The references are abbreviated as
"[�rst author] [year]".)

epitaxial multilayers are present [45]. Due to the grain boundaries the conductivity

is signi�cantly lower than that of a 9.5YSZ single crystal, while in the previous exam-

ple [48] almost single crystalline behaviour was found. An increase in strain by � 2%

from 1 to 20 bi-layers led to a clear increase in conductivity. As mentioned earlier, the

application of 20 MPa tension to a 14YSZ single crystal also resulted in an increased

ion conductivity [60]. For doped ceria, multilayer heterostructures of 10GDC and Er 2O3

were grown on Al2O3 where the lattice mismatch lead to a compressed ion conductor.

Changing the number of bi-layers from 1 to 30 increased the compressive strain from

� 0:1% to � 1:1% which reduced the ionic conduction [46]. In a second example on

doped ceria, the effect of the thickness of 10GDC �lms grown epitaxially on SrTiO3

buffer-layers on MgO where a change in tensile strain from 0:2% (50 nm SrTiO3) to

� 0:8% (10 nm SrTiO3) resulted in an increase in the ionic conduction. In the two

examples of doped ceria, the presence of grain boundaries is not characterised and the

conductivity of the reference samples (weakly strained) is clearly different from the
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conductivity data of single crystals. To use thin �lms as model systems for strained

single crystals it is however crucial that the unstrained reference sample shows the

conductive behaviour of a single crystal.

A further reason for the variability among reports is that the ion conductor forms dif-

ferent interfaces with the surrounding materials but the distinction between strain and

interface effects is not always made. An interface effect implies that the interface has

different properties compared to the two materials forming it. In general one can

distinguish between the contribution of the interface core and that of its immediate

surrounding due to the formation of a space charge region. A space charge region can

develop either because the interface is charged due to segregation of for example the

dopant or because the charge carrier density of the two materials differs and an interdif-

fusion takes place [55] (for theoretical models see [63,64]). Since a high doping level

results in a narrow space charge region, space charge regions are not expected to play

an important role in interfaces between typical oxide electrolytes used in SOFCs [7].

The interface core can have a different crystalline quality and/or a different compo-

sition due to segregation or intermixing. The crystalline quality of the interface can

range from a perfect matching of the crystalline order to an interface characterised by

a network of dislocations [65].

A lattice mismatch between �lm and substrate can be accommodated by crystalline

defects at the interface so that strain and interface effects are closely related. In fact,

several studies ascribe increases in the ionic conduction to a combination of strain and

a network of dislocations at the interface providing fast ionic transport (summarised

in [7]). Strong interest in such effects on the oxygen ion conductivity in SOFC elec-

trolyte materials was sparked by the report of an eight orders of magnitude conductiv-

ity increase in ZrO2:Y2O3/SrTiO 3 heterostructures. Later, the extent of the effect was

however attributed to the contribution of SrTiO 3 to the total conductivity [66,67]. This

proves the importance of selecting a substrate with a negligible conductivity for the

electrical characterisation. While several other studies also attributed an increase in

ion conductivity to a disordered interface [43, 44, 68, 69], more recent studies report

no effect or that interfaces are actually blocking the ion transport [48, 67, 70]. The

contribution of the interface to the total thin �lm conductivity is thickness dependent,
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so that the same two approaches are typically used as for characterising the in�uence

of strain (single �lms of different thicknesses or multilayer structures). This poses the

challenge of separating interface and strain effects by engineering an appropriate set of

samples.

Even though proton conductors are considered promising alternatives to oxygen ion

conducting electrolytes for years, the in�uence of strain on the proton conductivity

in solids has received far less attention as compared to strain effects on the oxygen

ion conductivity. In fact, only three experimental studies are reported, which showed

that applying isotropic pressure to polycrystalline powders results in an a increase in

EA and therefore to a decrease in the proton conductivity [71–73]. By extrapolation,

one might expect a decrease inEA in the case of tensile strain. Theoretical studies so

far [37,74,75] report the opposite, namely that isotropic compressive strain leads to a

decrease in activation energy. The theoretical simulations suggest that the reduced dis-

tance between oxygen atoms facilitates the proton transfer [37,74,75]. The question is

whether compressed powders are an adequate way to study the effects of strain on the

single crystalline bulk or whether the theoretical models need to be revised. The ex-

tension of the experimental investigation to tensile strain and the use of samples where

side effects from grain boundaries in powders can be excluded is highly important as

a feedback for the theoretical understanding of the conduction mechanism in proton

conductors.

1.3.2 Heteroepitaxy

Apart from the effect on the ion conduction, strain is also well known to modify other

material properties [76–84]. Examples include multiferroic [79] and catalytic [81]

properties or the electronic bandgap [85]. The design of samples with the desired

strain state for such studies is referred to as strain engineering wherefore it is crucial

to understand how the strain develops and evolves in epitaxial thin �lms. The term

epitaxywas �rst introduced in 1928 by Louis Royer in a report on how the crystal struc-

ture of the substrate in�uences the crystalline orientation of the layer [86]. The word

epitaxy is composed of the greek words��� (epi, upon, attached to) and � ���� (taxis,

arrangement, order) [87] and it stands for the regular overgrowth of two crystalline
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species [88]. Homoepitaxy denotes the case where the layer material is the same as

the substrate and simply a continuation thereof. In the case of heteroepitaxy, the �lm

and the substrate are different materials, so that the lattice parameter and the crystal

structure may differ. For the �lm and substrate being coupled in-plane like in homoepi-

taxy, the lattice of the �lm has to deform. Hence, heteroepitaxy is inherently related to

lattice deformations.

In the following, an epitaxial thin �lm with a cubic crystal structure is considered.

The bulk lattice constant of the �lm, a0, and the substrate, aS, result in a lattice mis-

match f = ( aS � a0)=a0. In thin �lms the strain is biaxial, meaning that it is applied

equally along two in-plane directions while the third (out-of-plane) direction is free to

adapt. With a and c denoting the in-plane and out-of-plane lattice constants, the biaxial

in-plane strain � = ( a � a0)=a0 and the out-of-plane strain � zz = ( c � a0)=a0 are related

via the Poisson ratio � as

� zz =
2�

� � 1
� xx (1.3)

For most materials 0 < � < 0:5, implying that an in-plane tensile (compressive) strain

of the unit cell corresponds to an out-of-plane compressive (tensile) strain [89]. The

sign of the strain is de�ned as positive for tensile and negative for compressive. The

force per unit area required to induce a strain � is the stress� = E � � , where E is the

elastic modulus (see also Appendix A.2). For large values of the elastic modulusE the

material is rigid and dif�cult to distort. In the case of biaxial strain in a cubic symmetry,

E = Y=(1 � � ) where Y is the Young's modulus [90].

A lattice mismatch jf j � 1 � 2% may typically be expected to be fully accommodated

in a thin semiconductor �lm [87, 88, 90, 91]. The case of perfect coupling (�gure 1.7)

between the �lm and the substrates in-plane crystal lattice is referred to as pseudo-

morphic growth; the interface is coherent with a = aS and f = � . The in-plane lattice

constant of a �lm can partially adapt to the substrate, or even fully relax ( j� j < jf j) due

to imperfections in the crystal lattice, imperfections at the substrate/�lm interface or

due to the surface morphology of the �lm (roughness). The strain in a �lm will relax

as a function of �lm thickness through the introduction of crystalline defects thereby

reducing the elastic energy in the �lm.
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Figure 1.7: Epitaxial strain developed during pseudomorphic growth. A material
with a lattice constant a0 of the relaxed crystal structure is grown on a substrate with a
lattice constant aS. For a0 < a S tensile strain develops and fora0 > a S it is compressive.
The forces required to induce the lattice distortion are indicated as orange arrows.

1.3.3 Strain Relaxation in Epitaxial Films

Many models have been developed for the strain relaxation with a particular focus on

semiconductor epitaxy. Various relaxation routes have been identi�ed and discussed.

Among them are crack formation, interdiffusion, surface roughening and, most preva-

lently, the introduction of a dislocation network at the interface. The most relevant

theoretical models for epitaxial thin �lms are summarised in the following; more de-

tailed information can be found in the following references [87,88,90–93].

At �rst, a strained pseudomorphic thin �lm with a layer by layer growth mode is as-

sumed, i.e. an atomically �at surface. Since a perfect crystal structure is the minimum

energy con�guration, the formation of a crystalline defect which can reduce the strain

comes at an energy cost. As the �lm thickness increases, so does the elastic energy

accumulated in the �lm until it becomes energetically favourable to introduce crystal

defects to release some of the elastic strain through plastic relaxation. Typically, theo-

retical models de�ne a critical thickness, hC , above which relaxation mechanisms are

energetically favourable [87]. Frank and van der Merwe [94] calculated in 1949 that

one perfect monolayer may accommodate up to9%lattice mismatch. Above this thresh-

old it is energetically favourable to form mis�t dislocations. The theoretical model for

strain relaxation by Matthews, Mader and Light (1970) is based on Frank and van der

Merwe's calculations [95]. They considered threading dislocations that exist in the sub-

strate and continue into the �lm. When the threading dislocations glide through the
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�lm, more interface mis�t dislocations are created and the �lm relaxes gradually [91]

(see �gure 1.8). The dislocation lines shown in �gure 1.8 are not necessarily straight

but can also bend.

Figure 1.8: Sketch of Strain Relaxation Mechanisms. (a) Sketch of a threading dis-
location that continues from the substrate into the �lm. If the dislocation line in the
�lm moves, mis�t dislocations are created interface (red). (b) Sketch of dislocation
half-loops that nucleate at the interface or on the surface of the growing �lm. Mis�t
dislocations parallel to the interface are indicated in red.

The periodic crystal lattice can be considered as a periodic potential barrier which dis-

location lines have to overcome in order to move through the crystal. The periodic

energy barrier can be overcome by means of elastic (strain) or thermal energy and

this assumption leads to a model involving an activation energy [88]. Because crystal

defects contain more energy than a perfect crystal, it is energetically favourable for dis-

location lines to move to the nearest sample edge. This can be seen as a con�gurational

force acting on a dislocation line which is derived from the energy needed to form a

dislocation at a certain distance from the sample edge [95]. As a consequence, a critical

thickness ful�lling

hC = b
1 � �cos2�

8�f (1 + � )cos�
ln

 
h
b

!

(1.4)

is de�ned, where the Burger's vector b and the angles� and � describe the dislocation

geometry. For a �lm of a thickness h � hC the �lm is fully strained ( � = f ) and for

h > h C the strain relaxation as a function of time t is described by

� (t) = f � � (1 � e� �t ) (1.5)

with � = f � b 1� �cos 2 �
8�h (t )(1+ � )cos� ln

�
h(t )

b

�
and � = 2Gb3 � (1+ � )cos�cos2 �D 0e� U= ( k B T )

(1� � )kB T ; G is the

shear modulus, � the number of dislocation lines per area, kB the Boltzmann constant,

D0e� U=(kB T ) the diffusion coef�cient of the dislocation with an activation energy U at a

temperature T.
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Another theoretical model based on Frank and van der Merwe's calculations and prob-

ably the most famous model for strain relaxation was introduced by Matthews and

Blakeslee in 1974 [96]. The force balance of the force exerted by the mis�t strain and

the tension in the dislocation line (i.e. crystallographic constraints keeping the disloca-

tion in place) is considered. As long as the force exerted by the mis�t strain is smaller,

the �lm is fully strained. If the forces are equal, the Matthews-Blakeslee criterion for

the critical thickness

hC =
b

2�f
�

1 � �cos

(1 + � )cos�

 

ln

 
hC

b

!

+ 1

!

(1.6)

is ful�lled, with the Burger's vector b and the angles
 and � describing the introduced

dislocation and � being the Poisson ratio of the �lm. Assuming equilibrium and the

absence of kinetic barriers to the nucleation or to the glide of dislocations, the �lm

relaxes above the critical thickness such that at each thicknessh the strain is equal to

the mis�t that would yield hC = h in equation 1.6. The thickness dependence of the

strain is given by

� (h) =
b

2�h
�

1 � �cos

(1 + � )cos�

 

ln

 
h
b

!

+ 1

!

(1.7)

In other words, every increase in thickness implies an increase in the total elastic en-

ergy, which immediately makes a further relaxation energetically favourable. As a con-

sequence, the total elastic energy will remain below a certain threshold during the

growth. This model is very similar to the Matthews, Mader and Light model for �t � 1,

which means that the migration of dislocation lines is not impeded [87, 88, 91]. The

Matthews and Blakeslee model for the critical thickness applies e.g. to the GexSi1� x /Si

system at high (900� C) temperatures [97]. At lower temperatures ( � 750� C), the criti-

cal thickness is larger than predicted by this equilibrium theory suggesting the presence

of an energy barrier that suppress the formation or migration of dislocation [98].

In general, there are many different types of dislocations. The models described here

often assume mis�t dislocations. Further, the interaction between dislocations, dislo-

cation multiplication and dislocation pinning plays a role [91], which can for example

slow down their mobility [88]. A model including a dislocation multiplication term in

the Mader and Light model was introduced by Dodson and Tsao [99] in 1987 and yields
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a differential equation for the strain relaxation. It applies to several experimental data

sets (e.g. the GexSi1� x /Si system [98]). The interaction between dislocations was stud-

ied with computational models [100] and transmission electron microscopy provided

experimental evidence of dislocations blocking each other's migration [101,102].

Freund (1990) introduced a theoretical model for strain relaxation taking into account

the interaction of dislocations, to be precise the interaction of a threading dislocation

and an interface mis�t dislocation [103]. Slightly modi�ed expressions of this model

for the strain relaxation show a good agreement with in situ stress or strain relaxation

measurements [104, 105]. These theoretical frameworks are in general referred to as

Freund's blocking criterion and the strain relaxation is described as

� (h) /
b
h

ln

 
�h
b

!

; (1.8)

where � represents the size of the dislocation core [103–105]. The value of� is gener-

ally unknown, for the Si 1� xGex system, values of0:7� 8 have been reported [104] with

a value of � � 1 as a more commonly used value [106]. The proportionality factor in

equation 1.8 contains geometrical parameters of speci�c dislocations and elastic con-

stants of the �lm.

In the models described so far (equations 5.2-1.8), the rate limiting step for strain

relaxation is the migration of the dislocations. An additional limitation of the models

is that a layer by layer growth (Frank-van der Merve growth mode, �gure 1.9) was

assumed which can only be expected in the case of small lattice mismatches (below

� 1%) and good wettability. For complete wetting of the substrate, the sum of the

surface energy of the epitaxial �lm and the interface energy must be smaller than the

substrate surface energy. The surface stress and energy of the �lm can also in�uence

the relaxation process, especially in thin �lms where the surface energy is not negligi-

ble [107–109]. For example, Cammarata et al. showed how the stress during the initial

stage of the growth can be much smaller or even have the opposite sign as compared

to the equilibrium stress [110] (e.g. by Matthews and Blakeslee [96]). Moreover, if the

crystallographic surface orientation of the �lm does not correspond to a crystal plane

characterized by low surface Gibbs free energy, a facetted surface may be favoured [91],

often associated with an island-like growth mode. The formation of islands (Stranski-
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Krastanov or Volmer-Weber growth mode, �gure 1.9) can also be driven by strain since

the roughening of the surface reduces the average �lm strain as islands are more free

to expand or contract than a �at surface in the layer-by-layer growth mode. A strained

island deforms the substrate lattice in its immediate surrounding which is why islands

are known/expected to repel each other [111–115].

Figure 1.9: Growth modes. The three growth mode categories are schematically
shown. The Frank-van der Merwe growth mode corresponds to a layer by layer (2D)
growth and the Volmer-Weber to an island (3D) growth. The Stranski-Krastanov growth
mode is a mixture of the 2D and 3D growth mode.

It has been observed that homogeneous nucleation of dislocations is far more unlikely

than the heterogeneous nucleation at the surface, interface or in the vicinity of an irreg-

ularity, such as a surface defect, a geometrical imperfection or a "concentration of stress"

between islands [87,88,91]. Consequently, the island growth mode aides the strain re-

laxation by facilitating the nucleation of dislocations. Edge dislocations can be injected

at the boundaries between growing islands when they �rst coalesce and these dislo-

cations can glide along the interface. If a dislocation line or half-loop nucleates, their

migration can relieve stress as discussed above (�gure 1.8). As a result, the Volmer-

Weber growth mode typically leads to a relatively large density of dislocations [91]. The

theoretical description of the strain relaxation becomes more complex through the for-

mation of islands. Beresford, Lynch, and Chason (2003) introduced a model for strain

relaxation where the rate limiting step for the relaxation is the nucleation of disloca-

tions (resulting from island formation), instead of the migration of dislocations [116].

For InGaAs/GaAs heteroepitaxy, for example, this model provides a better description

of the strain evolution than the model proposed by Dodson and Tsao [116]. More spe-

cialised models for strain relaxation have been proposed to predict the critical thickness

and describe the relaxation during the growth on vicinal surfaces, in graded layers or

in multilayers [91]. It was further found experimentally that the dislocation density

decreases inversely proportional to the �lm thickness. Once most of the strain has been

relieved, the threading dislocations can react with each other causing annihilation or
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coalescence [91, 101]. Dislocation lines can also move to the edge of the sample and

disappear, but this is only relevant for small areas [91]. For example, dislocation free

and completely relaxed Ge pillars of around5 �m width can be obtained by depositing

and post-annealing Ge on Si pillars separated by deep trenches [117].

1.4 Aim of the Work

The main aim is to attempt to clarify the in�uence of strain on the oxygen ion and pro-

ton conductivity using epitaxial thin �lms as model systems for single crystalline bulk.

By monitoring the stress evolution in situ during the growth, the strain generation,

evolution and relaxation is studied in the epitaxial oxide thin �lms. With knowledge

about the stress relaxation, samples are engineered which allow the distinction of inter-

face and strain effects. The strain relaxation observed in different materials throughout

this work is compared to theoretical models developed for semiconductor heteroepi-

taxy and to other studies on oxide heteroepitaxy. Further, the growth of multilayered

heterostructures and the growth on single crystalline substrates are compared.

The oxygen ion conductor15%Sm-doped ceria (SDC) is selected to study the in�uence

of strain on the oxygen ion conductivity. A double buffer layer of SrTiO3 and BaZrO3

on MgO is employed which was demonstrated to be an excellent platform for growing

SDC in tensile strain [21]. The in�uence of tensile strain on the proton conduction is

investigated here for the �rst time experimentally in 20BZY. Based on the experimental

feedback, Aris Marcolongo and Nicola Marzari of the Theory and Simulations of Mate-

rials Group at EPFL reinvestigate the simulation of proton conduction in BZY.

Since strain is basically an arti�cially introduced anisotropy, the brownmillerite Ba 2In2O5,

which is generally expected to show anisotropic oxygen ion and possibly anisotropic

proton conduction, is studied. The anisotropic ion conductivity is characterised in epi-

taxial thin �lms on substrates with different out-of-plane orientations.

In collaboration with the Electrochemical Materials Group of Jennifer Rupp at ETH

Zurich, the in�uence of the micro-morphology on the stability of free-standing YSZ

membranes for micro-SOFCs is investigated. In an earlier study it was shown that

changing the typically columnar micro-morphology of YSZ thin �lms to dense colum-

nar structures with zigzag shaped columns, the hardness of the substrate supported
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�lm decreased. This shows the potential of enhancing the mechanical stability of free-

standing membranes by engineering novel morphologies that increase the elasticity of

the electrolyte, assuming that a more elastic membrane is less likely to break.
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Chapter 2

Methods and Instrumentation

2.1 In situ stress or strain monitoring in oxide thin �lms

This section of the thesis is published as part of the invited book chapter "In situ strain measure-

ments of metal oxide thin �lms" by Aline Fluri, Christof Schneider and Daniele Pergolesi in "Metal

Oxide-based Thin Film Structures: Formation, Characterization and Application of Interface-based

Phenomena", edited by Nini Pryds and Vincenzo Eposito, Elsevier Science& Technology Books,

2017.

To unambiguously correlate physical properties for a speci�c material grown as thin

�lm to different strain values it is crucial that these �lms differ only with respect to

strain, but not in composition or morphology, as these parameters also in�uence the

lattice constant and hence the strain. Tuning the strain by using different growth con-

ditions is therefore not an option since small changes of growth conditions can signif-

icantly change the composition. For oxide thin �lm growth, this has been studied e.g.

for SrTiO3 thin �lms grown by molecular beam epitaxy (MBE) [118] and pulsed laser

deposition (PLD) [119] likewise for quite a range of different materials deposited by

PLD [120–123]. Keeping growth parameters constant, different strain values are ob-

tained by using substrates with different lattice constants. If the characterisation of the

material property in question restricts the substrate choice, e.g. concerning chemical in-

teraction, electrical or optical properties of the substrate, one can make use of different

degrees of strain relaxation of the �lm that may be achieved for different thicknesses.

In any case, the question of whether the observed effect on a material property arises
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from strain or interface effects has to be answered. Hence thein situ observation of

the stress generation and evolution during the �lm growth provides highly valuable

insights into these mechanisms that cannot be gained byex situanalysis.

2.1.1 Diffraction-based Techniques

X-ray Diffraction

X-ray diffraction (XRD) measurements are typically used to analyse thin �lm strain ex

situ [89,124,125]. For a crystal lattice, the distances between adjacent crystallographic

planes are in the range of few Angstroms, so X-rays are needed to see an interference

(diffraction) pattern. In a crystal, X-rays are re�ected at lattice planes which are la-

belled with Miller indices (hkl). The condition for constructive interference of beams

re�ected at an angle � hkl by lattice planes (hkl) that are dhkl apart is the Bragg equation

2dhkl sin(� hkl ) = �: (2.1)

with n being the order of diffraction. This is equivalent to the Laue equation, which

states that the difference between the incoming and outgoing wave vector~k of the X-ray

beam must be a reciprocal vector~G from one lattice point to another. ~G must therefore

be a linear combination of the vectors~g1;2;3; which span the crystal lattice

~kout � ~kin = ~G = h~g1 + k~g2 + l~g3 (2.2)

Looking at elastic scattering only, j~kin j = j~kout j, the reciprocal lattice points ~kout lie on a

sphere with radius k ~Gk (Ewald's sphere). Depending on the crystal symmetry, certain

re�ections may be forbidden and some re�ections may be more intense than others.

The most frequently employed geometry for thin �lm X-ray diffraction (XRD) is the

!= 2� -scan, detecting the diffraction from planes parallel to the sample surface (! = �

in �gure 2.1).

From the 2� value of a re�ection the out-of-plane lattice parameter, and thus the strain

of the �lm, is calculated with the Bragg equation. The out-of-plane strain is related

to the in-plane strain over the Poisson ratio � (equation 1.3). Particularly suited for

directly examining the in-plane lattice constant in epitaxial thin �lms is reciprocal space
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Figure 2.1: X-ray Diffraction.

mapping (RSM), where an asymmetric re�ection ( ! 6= ! ) is mapped by scanning a

certain range in ! and 2� in reciprocal space. From the exact! and 2� position of

the re�ection, the in and out-of-plane lattice parameters are determined. For ~G =

Qx~ex + Qy~ey + Qz~ez with unit vectors ~e1;2;3 and the X-ray beam in the xz-plane as in

�gure 2.1 ( Qy = 0),

Qx = j~kj[cos(� � ! ) � cos(� + ! )]

Qz = j~kj[sin(� � ! ) + sin(� + ! )]

with j~kj = 2�=� , � being the wavelength of the x-ray beam (e.g. for CuK � 1, � = 1:54056

Å). Further details can be found in literature [89,124–126].

The issue with in situ on-line XRD measurements during �lm growth is that the mea-

surements have to be fast enough to resolve the different growth stages. With a typical,

lab-based thin �lm diffractometer, measuring reciprocal space maps takes hours, a well

resolved != 2� -scan of a few nm thick �lm at least several minutes. Depending on the

deposition rates, in several minutes the �lm may grow by many nm. As a consequence

the thickness resolution of the strain evolution is low. To acquire fast enough measure-

ments for monitoring the strain in situ, high intensity X-ray synchrotron based set-ups

are needed [126]. This raises the challenge of setting up the deposition facility to allow

alignment of the sample with the beam. Further, the use of 1D or 2D detectors can re-

duce the measuring time. Depending on which type of XRD measurement is employed

and on the deposition rate, the growth may be interrupted for a few min for each mea-

surement [127, 128]. Technical details about setting up a PLD chamber to conductin

situ synchrotron characterisations can be found elsewhere [129,130].
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Re�ection High Energy Electron Diffraction

Re�ection High Energy Electron Diffraction (RHEED) is a well-established in situ mon-

itoring technique[82] to observe the crystallinity and morphology of the surface of a

growing �lm, allowing in particular to distinguish the three growth modes. As the

growth mode in�uences the �lm strain, RHEED is highly valuable in combination with

any other in situ strain monitoring technique.

RHEED is a surface sensitive grazing angle electron diffraction technique monitoring

in situ the electron diffraction pattern generated at the surface of the sample under

investigation. Like for XRD, the Laue equation describes the diffraction condition. Due

to the high energy of the beam, � 30keV, the radius of the Ewald sphere is much larger

than the distance between reciprocal lattice points. The diffraction pattern corresponds

to the intersection between the reciprocal lattice of the �lm and the Ewald sphere.

Figure 2.2: Working principle of RHEED . Intersection of the Ewald's Sphere with
lattice rods in reciprocal space (a). Resulting diffraction pattern in case of a �at (b) and
a rough surface (c). A part of the direct beam may be visible (star).

The atomically �at surface of a crystal is a two dimensional lattice and consequently,

the reciprocal lattice consists of rods extending out of the 2D plane of the crystal surface

in�nitely in the out-of-plane direction (�gure 2.2). In any practical case the electron

beam is not perfectly monochromatic and the variation in the electron energy broadens

the Ewald's Sphere shell, and the intersections with the lattice rods can be elongated

vertically (streaks instead of dots). In the case of an island growth mode, however, the

electron beam penetrates the islands and RHEED works in the so-called transmission

mode, resulting in the diffraction pattern of a 3D crystal (�gure 2.2c). This is the same
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diffraction pattern as would be observed in transmission electron microscopy. More

details can be found in textbooks dedicated to RHEED [131,132].

The diffraction pattern is made visible on a phosphors screen and is typically recorded

with a CCD camera. The distance between diffraction spots or streaks is proportional

to the in-plane reciprocal lattice parameter qin � plane . The conversion between relative

spot distance and lattice parameter can be calibrated using the diffraction pattern of

the substrate, whose lattice parameter is well-known. In a layer-by-layer growth mode,

the in-plane lattice parameter of the �lm can be evaluated by measuring the varia-

tion of the relative distance between the diffraction spot of the RHEED pattern of the

growing �lm. The prerequisite for the strain analysis by RHEED is the resolution of

the diffraction pattern which depends on the background pressure used during growth.

The higher the deposition pressure, the larger the electron scattering cross section with

the background gas leading to a broadening of the diffraction spots. The use of dif-

ferentially pumped RHEED systems can alleviate this to some extent. In studies where

RHEED was used to monitor the strainin situ in epitaxial metal oxide �lms, background

pressures in the range of10� 6 � 10� 5 mbar were employed [105,133–135], while typical

background pressures for PLD range between base pressure and10� 1 mbar [136,137].

2.1.2 Curvature-based Techniques

Instead of obtaining the lattice distortion directly from the in-plane lattice parameter,

the strain in a thin �lm can be characterised through the force the �lm exerts on the

substrate, i.e. through the stress (see 1.3.2). As sketched in �gure 2.3, a �lm under

tensile strain leads to a contraction of the substrate surface and the induced radius

of the curvature � is de�ned to be positive. For compressive strain the curvature is

opposite and � � 0. Consequently, the �lm stress can be characterisedvia the substrate

curvature.

In 1909 G. G. Stoney formulated the following equation, today known as the Stoney

formula [138], to correlate, under certain boundary conditions, the substrate curvature

to the stress in a thin �lm of thickness h:

1
�

=
6(1 � � )

h2
sY

h� (2.3)
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Figure 2.3: Curvature-based stress measurement. An epitaxially strained �lm (yel-
low) exerts a force on the substrate surface (green) which makes the substrate bend.
The radius of curvature and the lattice distortion in the �lm is exaggerated in this sketch
to make the effect visible.

where the thickness of the substratehs � h, with Y being the Young's modulus, and

� the Poisson ratio [90]. To compare the results from curvature-based and diffraction-

based techniques, the elastic modulusE of the thin �lm must be known for converting

strain to stress or vice versa(see 1.3.2). In some cases, strained thin �lms have elastic

properties different to unstrained bulk [139] which may complicate the comparison.

In other cases, the relation of strain measured by XRD to stress measured by curvature

based techniques works well with bulk elastic constants found in the literature [140].

For thin �lms growing on oxide substrates, the radii of curvatures induced by strain

are typically of the order of kilometres, therefore a very sensitive technique is required

to detect changes in � . To measure the change in curvaturein situ, monitoring the

variation of the de�ection of one or more laser beams from the surface of the substrate

yields the required sensitivity [90]. This technique is very sensitive to vibrations and re-

quires a vibration-isolated environment. Typical vibration sources are vacuum pumps,

or the target movement in the case of PLD [141]. Likewise small changes or �uctua-

tions in the substrate temperature causes drifts in the measurements and the thermal

expansion of the heater stage or the chamber are geometrical parameters which can

in�uence these curvature measurements greatly. Unlike conventional RHEED, the cur-

vature based stress monitoring is independent of the pressure of the background gas.

This kind of measurements requires �at substrate surfaces and chemically stable sub-

strate materials. A substrate like SrTiO3 is easy to reduce and loses oxygen at elevated

temperatures. As a consequence, the detected changes in curvature for bare SrTiO3:0

are determined by changes of the oxygen content in an oxygen de�cient SrTiO3� � layer
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with a different lattice constant than SrTiO 3:0. It was also found that in some cases, the

oxygen content of a thin �lm grown on SrTiO 3 can largely originate from the substrate

itself being the oxygen uptake from the substrate more effective than from the gaseous

environment or from the target [142]. Obviously in these cases the substrate curvature

cannot be related directly to the �lm stress. While SrTiO 3 is not suitable for MOSS mea-

surements, other oxide substrates like MgO, Al2O3, LaAlO3 or NdGaO3 are. In general,

the measurement sensitivity of the growth stress in a speci�c material increases when

using a more elastic substrate, since less energy is required to bend it.

The challenge when quantifying the strain with XRD or RHEED is to know the re-

laxed lattice constant. As mentioned earlier, small changes in the growth conditions

can lead to a different composition including the oxygen composition and therefore a

different lattice parameter. To ensure accuracy, either the �lm composition has to be

veri�ed or the relaxed lattice constant must be determined. A �lm is relaxed for cer-

tain if the in- and out-of-plane lattice constants are equal in RSMs, or if the in-plane

lattice constant de�nitively has become constant with increasing thickness in RHEED

measurements. The oxygen is more dif�cult to verify and is usually done ex situusing

ion probe techniques [143]. A possible in situ approach is ellipsometry by monitoring

the changes of the electronic states of the growing material. These changes in the elec-

tronic properties partly depend on the oxygen composition like in the case of SrTiO3 or

CaCoO2:5+ � [144–146].

Cantilever Technique

To measure the curvature, the substrate can be attached on one side only and viewed

as a cantilever. The de�ection of the cantilever can be measured with different meth-

ods [90]. Figure 2.4 describes two different approaches: the de�ection of a laser beam

by the sample surface and a capacitive measurement.

There is further the possibility to measure the de�ection force with a quartz microbal-

ance [147]. As one side of the cantilever substrate is �rmly �xed, clamping effects are

an issue for this technique, but they can be reduced by using cantilevers with large

length to width ratios [148]. For a cantilever of length l, the de�ection d is related

to the radius of curvature � = l2=(2d), assuming � � hs. Therefore, using Stoney's
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Figure 2.4: Cantilever technique. The substrate= cantilever is �xed by clamping on
one side; on the other it is free to bend (radius of curvature � ). The bending is exag-
gerated for clarity; the solid black line is the case for tensile strain, the dashed black
line for compressive strain and the grey dashed line for zero strain in (a). A change in
the substrate curvature causes a displacementD of the laser spot on the detector or a
change in capacitance (in relation to the grey bar) can be monitored. How the change
in curvature affects the change in beam positionD is sketched in (b).

equation, the stress is related tod as follows [149]:

d =
Dl
2L

(2.4)

The de�ection of the cantilever d can also be measured with capacitive methods [149].

Since capacitive methods are not particularly suited for curvature monitoring in con-

strained space (e.g. in a deposition chamber), they are rarely used forin situ measure-

ments during �lm growth [90].

Multi-beam Optical Stress Sensor

The multi-beam optical stress sensor (MOSS) uses an array of parallel laser beams to

map the changes in curvature of a surface in two dimensions. Instead of �xing the

substrate on one side as for the cantilever method, here the substrate is free to bend

thus avoiding clamping effects and restrictions to substrate size and shape. An example

is shown in �gure 2.5a, where a 10� 10 mm2 substrate is mounted on a sample holder

and a 3 � 3 array of parallel laser beams is visible onto the substrate surface.

The working principle is sketched in �gure 2.5b,c. For simplicity two parallel laser
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Figure 2.5: Working principle of MOSS. (a) shows a 10� 10 mm2 substrate mounted
free to bend. A 3 � 3 array of laser spots is visible on the surface. A laser beam is split
into parallel beams with an etalon (b); for obtaining an n � m array, two etalons are
used. For the sake of simplicity only two beams are shown here. The laser beams are
re�ected from the substrate surface toward a CCD camera that records their relative
position and monitors the change of the relative distance among the laser spots, the
distance between sample and CCD isL, the angle of incidence � . Depending on the
radius of curvature � , D becomes smaller (tensile, (b)) or larger (compressive, (c))
during the �lm growth.

beams are directed onto the substrate surface. As reference, the initial spacingD0

between the laser spots is determined. During the deposition the substrate curvature

will change and hence the distanceD between the re�ected spots.

From the mean differential spacing (D � D0)=D0, which is proportional to the curvature

1=� as de�ned by
1
�

= �
cos�
2L

�
D � D0

D0
; (2.5)

the �lm stress can be calculated using Stoney's equation (eq. 2.3) with � the angle

of incidence and L, the distance between sample and CCD camera (see �gure 2.5).

The array of laser beams is created using two etalons. The position of the re�ected

laser beams is recorded with a CCD camera to evaluate the mean beam distances in the

vertical and horizontal direction as a function of time. When using multiple beams, the

average over all mean differential spacing values, horizontal or vertical, is taken.

Optical techniques similar to MOSS scan one beam over the sample using a position

sensitive detector or a grid instead of an array of spots [90]. The advantage of the

MOSS with respect to other optical curvature measurement techniques is that one can

use almost any substrate, no position sensitive detector is required and the noise is

reduced by using multiple beams [90].
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Comparison of in situ strain or stress monitoring techniques

Without focussing on a speci�c class of materials, the presented techniques for the

in situ stress or strain characterisation are well established. Most case studies of the

epitaxial growth of metal oxides have been performed using diffraction based tech-

niques. The convenient aspect is the direct determination of the lattice distortion since

knowledge of the elastic constant is not required. However, the access to synchrotron

radiation is too rare to use it as an every-day in situ technique and RHEED is restricted

to lower background pressures than typically used for metal oxides. While so far rarely

used for studying the epitaxial growth of metal oxides, optical techniques for stress

measurements are therefore a good alternative; likely gaining wider use in the future.

2.2 Pulsed Laser Deposition

The working principle of pulsed laser deposition (PLD) is sketched in �gure 2.6. In

a vacuum chamber, a solid target is typically placed severalcm from a substrate. A

ns-pulsed excimer laser is focussed on a target and generates a plasma plume with

each laser pulse; the plume then expands towards the substrate and through many

consecutive pulses, a �lm is deposited.

Figure 2.6: Sketch of PLD Process.

PLD is very well suited for depositing ceramic thin �lms for research and morphologies

ranging from amorphous to single crystalline can be obtained. To obtain epitaxial thin

�lms, the substrate is typically heated to several 100� C [122, 136]. For this work, KrF

lasers from Lambda physics with a wavelength of248nm and a pulse length of 25 ns

are used to ablate sintered pellets. The composition of the �lms fabricated here is very

close to that of the ablated pellet, however this is not always the case in PLD [150].
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2.2.1 PLD Chamber for in situ Stress Measurements

A PLD chamber from Twente Solid State Technology is equipped with a MOSS and a

RHEED system by k-space Associates. For the MOSS measurements a3 � 3 array of

laser beams is employed and the RHEED system is operated at an accelerator voltage

of 30 kV and a �lament current of 1:5 A, yielding an emission current around 0:5 �A .

To allow the simultaneous alignment of the MOSS and the RHEED system, the sample

stage can be tilted along two axes and rotated around the the third, i.e. the substrate

normal. A sample holder as shown in �gure 2.5 is used where the substrate is only

held loosely by the corners to allow bending. Five disk targets can be mounted at once,

allowing the growth of multilayer structures. The PLD chamber has a base pressure in

the 10� 8 mbar range and a background gas pressure of O2 is controlled over a mass

�ow controller and a variable gate valve.

The sample is heated from the back with a radiative resistive heater and the substrate

temperature is read out with an optical pyrometer. Unless otherwise speci�ed, 10 �

10� 0:5 mm3 substrates from CrysTec GmbH were used. The substrates used for MOSS

measurements do not absorb the heater radiation suf�ciently; MgO for example has a

transmission wavelength range of0:2 � 8 �m . The backside of the substrates is sputter

coated with Pt (40 W at � 3 � 10� 2 mbar Ar for 4 min , � 200nm) which ensures heat

absorption and allows the temperature read-out over the pyrometer. The overall elastic

properties of the substrate are not affected by this thin Pt layer and it does not in�uence

the MOSS measurements.

The chamber is equipped with a load lock chamber which has a base pressure in the

10� 6 mbar range. A one-target sputtering system is installed in the load lock chamber,

which is controlled by electronics from AJA International and Ar or O2 can be inserted

as a background gas. The Pt back coating is deposited in this system.

Basically, different thermal expansion coef�cients of �lm may result in different in and

ex situstrain values. The linear expansion coef�cients for the oxide materials involved

in MOSS measurements are all around10� 5 K � 1 (NdGaO3 [151], MgO [152], LaAlO 3

[153], SDC [154], SrTiO 3 [153], BaZrO 3 [155]) and for doped BaZrO 3 similar values

are assumed. The expansion mismatch among the metal oxides used here is negligible

compared to the measurable strain values (for example0:003%for SDC grown at 700� C

on MgO).
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2.2.2 PLD Chamber for Oblique Angle Deposition

For thin �lm deposition techniques like sputtering or thermal or e-beam evaporation, it

is well known that the morphology of the �lm with columnar structure can be changed

by tilting the sample with respect to the incident particle �ux (�gure 2.7a). Convention-

ally, the incoming particle �ux is perpendicular to the substrate surface. This implies

Figure 2.7: Oblique Angle Deposition. By tilting the substrate by an angle � away
from the direction of the plume, a shadowing effect can be generated which results in
the growth of tilted columns.

� = 0 � in �gure 2.7 with � being the angle between the surface normal and the direc-

tion of the incoming particle �ux or the tilting angle, respectively. A non-perpendicular

angle of incidence can produce a shadowing effect, so that one side of a nucleated,

island-like grain is shaded from the particle �ux. Consequently, the grain grows faster

on the side facing the ablation plume and a columnar growth no longer yields perpen-

dicular but tilted columns.

By rotating the substrate at certain intervals (by angle � in �gure 2.7c), also the di-

rection of the fastest grain growth changes and zigzag or spiral shaped columns can

be obtained. Tilted grains appear typically only above a certain threshold angle (e.g.

above 45� [156]). In physical vapour deposition, � � 70� typically yields highly dense

�lms and � � 80� is used to produce porous micro-structures. A dense structure may

be promoted by high deposition temperatures or a high kinetic energy of the incoming

species [157, 158]. In PLD, this technique has for example been applied to fabricate

porous carbon �lms [159] and dense 8YSZ �lms [160].

For oblique angle PLD, a vacuum chamber equipped with a heater stage that allows the

tilting ( � , �gure 2.7) and 360� rotation ( � , �gure 2.7) of the substrate holder. The base

pressure is in the10� 8 mbar range.
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2.3 Structural and Compositional Characterisation

2.3.1 X-ray Diffraction

The concepts of XRD were described in the context ofin situ stress measurements

(section2.1). Ex situ XRD measurements are carried out with CuK� radiation with a

Siemens D500 and a Seifert triple-axis diffractometer. The Siemens diffractometer is

equipped with a Ge monochromator for using monochromatic CuK� 1 radiation and with

a 1D detector.

2.3.2 X-ray Re�ectometry

X-ray re�ectometry (XRR) is carried out with the Siemens D500 diffractometer. Interef-

erence patterns of the re�ections by substrate-�lm interface and the �lm surface allow

the determination of the �lm thickness. Typically, interference patterns for �lm thick-

nesses roughly in the range1 � 100nm can be observed in a symmetric!= 2� scan for

2� below a few degrees. The� 2 values of the minima depend linearly on n2 where n is

the order of diffraction. The thickness h is determined as follows

h =
�

2 �
q

� � 2=� n2
(2.6)

with wavelength � and � � 2=� n2 being the slope obtained from a linear �t of � 2 vs. n2.

2.3.3 Electron Microscopy

Scanning electron microscopy (SEM) in a Zeiss Supra VP 55 is used for the microstruc-

tural characterisation. Simply put, when electrons hit a solid, some are back-scattered

while others knock out electrons of the solid (secondary electrons). The amount of back

scattered and secondary electrons that is ejected from the spot where the electron beam

hits the sample depends on the inclination of the surface. The region where beam elec-

trons are interacting with the sample is roughly pear-shaped (�gure 2.8 if it is placed

on the side of a hill, more electrons can escape than if it is on a �at area. This gives the

morphological contrast visible in SEM images. Here, an acceleration voltage of5 � 20

kV and a working distance of 5 mm is used. The secondary electrons are detected in a
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in-lens detector. To image the cross-section, the samples were cleaved. Due to the low

electrical conductivity of the thin �lms fabricated in this work, a conducting � 10 nm

Cr layer is sputtered on the surface of interest to avoid charging using a Leica EM SDC

500 sputter coater.

a) b)

Figure 2.8: Scanning Electron Microscopy. Working principle (a) and conductive � 10
nm Cr layer on Al2O3 (b).

Transmission electron microscopy (TEM) gives a higher resolution than SEM and it is

possible to resolve crystalline defects like mis�t dislocations [161]. Further the mi-

crostructure of �lms of a few 10s of nm can be determined, which, as discussed ear-

lier, can signi�cantly in�uence the ionic conduction. Selected area electron diffraction

(SAED), where the diffraction pattern of the electron beam passing through the �lm

is observed, gives information on how well different grains are aligned, for example.

TEM and SAED of the cross section of selected samples were carried out by Dr. Vladimir

Roddatis at the University of Göttingen.

2.3.4 Compositional Analysis

Rutherford backscattering spectrometry (RBS) uses the scattering of high energy ions

to determine the composition. The high energy ions (projectiles) are scattered by the

atoms in the solid (target) and elastic scattering is assumed. The energy of the scattered

projectile is related to the energy of the incoming projectile over the masses of projectile

and target as well as the scattering angle From the energy of the scattered projectile

one can therefore determine the mass of the target. For a compositional analysis, also

the probability of a projectile being scattered to a certain angle needs to be taken into

account. It depends on the ion beam energy, the atomic numbers of projectile and

target and the angle. Since the projectile energy decreases the further it enters into the

solid before being scattered, the energy scale also corresponds to a thickness scale. As

a result signals of different elements may overlap and other techniques are needed to
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give further information. For example, to distinguish and quantify Y and Zr (atomic

number differs by 1), particle induced X-ray Emission (PIXE) is used. For this, the X-

rays emitted when a high energy ion beam hits a solid are analysed and compared to

the characteristic X-ray spectrum of elements, allowing the determination of the Y to Zr

ratio [143,162]. RBS and PIXE were performed by Dr Max Döbeli at ETH Zürich.

2.4 Electrical Characterisation

To characterise the conductivity, impedance spectroscopy is performed. From the de-

pendence of the conductivity on the temperature, the activation energy EA and the

pre-exponential factor � 0 are obtained by �tting the linearised Arrhenius equation (Eq.

1.1).

Ln (� ion T) = Ln (� 0) �
EA

kB T
(2.7)

For a thin �lm of thickness h with a conduction channel of length L, width W and

resistanceR, the conductivity is

� =
L

Wh
1
R

: (2.8)

The resistance is measured with impedance spectroscopy: An alternating voltageV(t)

of different frequencies ! is applied to the sample and the resistance is determined

from the response current I (t). Instead of considering sinusoidal functions complex

variables are used, e.g. V(t) = V0ei!t instead of V(t) = V0cos(!t ). The response is

now I (t) = I 0ei!t ei!� , with a phase shift � . Instead of the resistanceR, the complex

impedance Z = V0=I0 is now considered for which the same rules for serial and par-

allel combinations are valid. For the passive circuit elementsZ is the following: For a

pure resistor, Z = R, for a capacitor of capacitanceC, Z = 1
i!C and for an inductor of

inductance L, Z = i!L . An ion conductor can be seen as a capacitance parallel to a

resistance. An circuit equivalent to a thin �lm ion conductor on a substrate is shown in

2.9a). The contact resistanceRcontact summarises the resistance of the contacts, cables,

etc. Different parts of the �lm like the crystalline bulk or the grain boundaries are seen

as ion conductors in series. The substrate is in a parallel circuit with the �lm. To mea-

sure the resistance of thin �lms, the substrate resistance has to be negligible, i.e. much

larger than that of the �lm. For thin �lms, the substrate capacitance is so large, that the
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bulk and the grain boundary contributions cannot be separated. Consequently, a thin

�lm ion conductor is generally modelled with an RC circuit as shown in �gure 2.9b.

Figure 2.9: RC circuits for evaluating ion conductivity. a) separating the contribution
from the single crystalline bulk and the grain boundaries (GB) as used for pellets and
b) as used for thin �lms.

The results of an impedance spectroscopy measurement is typically shown as a complex

impedance plane plot. Thex-axis showsRe(Z ) and the y-axis Im (Z ); plotting Z of the

equivalent circuit in �gure 2.9b) for a range of frequencies (e.g. Hz � MHz ) results

in a semicircle, starting at (Rcontact ; 0). A typical unit used for the ion conductivity in

SOFC electrolytes isS=cm, with the unit Siemens being S = 1=
 .

If the ionic conduction in a ceramic pellet is measured, �gure 2.9a without the sub-

strate components applies. In this case, the bulk and grain boundary contributions can

be separated. For this work, mostly parallel electrodes were used. To measure very

low conductivity, interdigitated electrodes are used to decreaseL=W. As L >> t , the

electric �eld throughout the whole �lm thickness is uniform and no considerations as

in [46] have to be taken into account.
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Figure 2.10: Electrode Schematics . Sketch of parallel (a) and interdigitated (b) elec-
trodes.

The electrodes are deposited by magnetron sputtering at room temperature in the load-

lock chamber of the chamber equipped with MOSS and RHEED. Pt is sputtered at40W,

3� 10� 2 mbar for 2 min (100� 200nm) on a Ti sticking layer deposited at 20W, 7� 10� 2

mbar for 1:5 min (� 5 nm). The target to substrate distance is4 cm. The electrodes

are wired to the read-out electronics using Ag paste and Au wires. The impedance is

measured with a Solartron 1260 impedance/gain-phase analyser using a bias voltage

of 1 V in the frequency range 1 Hz � 1 MHz .
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Chapter 3

In situ stress observation in Sm-doped

ceria �lms and how tensile stress

in�uences oxygen ion conduction

This chapter is published as1

A. Fluri, D. Pergolesi, V. Roddatis2, A. Wokaun, T. Lippert, "In situ stress observation in oxide �lms

and how tensile stress in�uences oxygen ion conduction", Nature Communications, vol. 7, 2016.

DOI:10.1038/ncomms10692

Information presented earlier (chapter 1 and section 2.1.2) is omitted here

3.1 Introduction

This chapter describes to our knowledge the �rst study where the stress is monitored

in situ with a MOSS while simultaneously monitoring the growth mode with RHEED

during PLD. The oxygen ion conductor 15 at.% Sm-doped CeO2 (SDC) is chosen for this

study where in a �rst part, the stress evolution is studied during the growth on different

substrates. In a second part, the fundamental question of how strongly homogeneous

strain can affect the ionic conductivity in a single crystal is addressed.

To study the strain generation and evolution in SDC �lms MgO, NdGaO3 (NGO), and

1Published under a Creative Commons Attribution License 4.0. Under this license users are free
to share (copy, distribute and transmit) and remix (adapt) the contribution including for commercial
purposes, providing they attribute the contribution in the manner speci�ed by the author or licensor.

2Institute of Materials Physics, University of Göttingen, Germany.
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LaAlO3 (LAO) single crystal substrates were used; table 3.1 reports their crystallo-

graphic properties, the expected epitaxial relations, and the in-plane lattice mis�t with

15 at.% SDC (cubic �uorite structure with a lattice parameter of 5:43 Å). NGO and

LAO provide a lattice mismatch in a suitable range to expect epitaxial �lms of SDC in

tensile and compressive in-plane strain, respectively. On the contrary, the large lattice

mismatch between SDC and MgO may prevent any crystallographic matching leading

to a fully relaxed growth from the start.

Substrate Crystalline Structure Expected epitaxial relation f [ %]
NGO(110) Orthorhombic perovskite SDC(1-10)jjNGO(1-10) 0.64

a = 5:43 Å, c = 5:50 Å SDC(110)jjNGO(001) 0.39
SDC(001)jjNGO(110)

LAO(001) cubic perovskite SDC(110)jjLAO(100) -0.49
a = 3:82 Å SDC(1-10)jjLAO(010) -0.49

SDC(001)jjLAO(001)
MgO(001) face-centered cubic none � � 29%

a = 4:21 Å

Table 3.1: Characteristics of the single crystal substrates used for this study.
Expected epitaxial relations and lattice mismatch with 15 at.% Sm-doped CeO2 are
displayed. The lattice mismatch, given in percent, is calculated as(aSubstrate �
aSDC )=aSubstrate .

To allow a reliable in-plane electrical characterisation of thin ion conducting �lms, the

growth platform must add a negligible contribution to the total conductance of the

sample. Among the substrates used in this study, only MgO ful�ls this condition. As an

example, at around 600� C the resistance of an NGO substrate is similar to that of a10

nm thick SDC �lm with the same area [163]. However, while MgO is an ideal substrate

for conductivity measurements, it only allows the growth of fully relaxed SDC �lms.

In previous studies, SrTiO3 (STO) was used as a thin epitaxial buffer layer on MgO

to favour a highly ordered growth of ceria �lms on an insulating substrate [48, 164].

More recently, it was found that an additional thin inter-layer of BaZrO 3 (BZO) with

a thickness of 5 nm grown between MgO and STO improves the crystalline quality of

the STO layer [21]. Hereafter, we will refer to this template platform as MgO-BS. The

same sample design described in that reference was used here. The5 nm thin STO

seed layer does not signi�cantly affect the conductance of the sample while providing

a lattice mismatch of about 1:6% (for the fully relaxed structure) with respect to SDC,

which will induce an in-plane tensile strain in epitaxially grown SDC.
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3.2 Methods

Thin �lms were fabricated by PLD, ablating ceramic sintered pellets of BZO, STO, and

SDC. A spot size of the laser on the target of1:2 mm2, a �uence of 1:2 Jcm� 2, a fre-

quency of 4 Hz and a target to substrate distance of5 cm were used. The oxygen back

ground pressure was set to5 � 10� 2 mbar. The BZO and STO layers were deposited at

around 765� C. 20 and 83 nm thick SDC �lms on MgO-BS were deposited at650� C, the

same temperature was used for the �lms on MgO, NGO and LAO. To probe the effect of

temperature on the developed stress, a13 nm thick �lm was grown at the same tem-

perature used for BZO and STO.

The deposition rates have been accurately calibrated by XRR to be0:14 Å=pulse for

BZO, 0:09 Å=pulse for STO and 0:11 Å=pulse for SDC. The samples were well repro-

ducible, e.g. concerning crystallinity, stress state, conductive properties etc. The recip-

rocal space maps were recorded for the MgO(113) and the SDC(204) diffraction peak

separately with the integration time for the �lm peak being 20 times higher. The cen-

tre of the diffraction is determined by �tting individual rocking curves in the software

Diffract.EVA.

Cross-sectional TEM specimens were prepared by mechanical polishing and low-voltage

Ar+ ion milling for the �nal thinning. TEM and scanning transmission electron mi-

croscopy (STEM) investigations were performed on a Titan 80-300 (FEI, Netherlands)

Environmental Transmission Electron Microscope equipped with an imaging-side aber-

ration corrector. The experiments were conducted at an acceleration voltage of300

kV. Atomic-resolution Z contrast images were obtained by high-resolution high-angle

annular dark-�eld (HAADF) imaging in STEM. The inner and outer collection angles of

the detector were 70 and 200mrad, respectively. The TEM analysis was carried out by

Vladimir Roddatis at the University of Göttingen.

The impedance spectroscopy measurements were carried out under a �ow of O2. Rect-

angular parallel Pt electrodes were used, de�ned by stainless steel masks except for the

characterisation of the growth platform, where interdigitated electrodes were patterned

by UV photolithography. The photolithography was carried out at Empa Thun with the

help of Madoka Hasegawa. Data analysis was performed with EC-Lab (V10.31), where

the data was �t to the response of a RC parallel circuit.
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3.3 Results and Discussion

3.3.1 Strain generation and evolution on different substrates

Figure 3.1 compares the MOSSin situ stress characterisations with the XRDex situstrain

measurements of (001)-oriented SDC �lms on the different substrates. The MOSS mea-

surements are reported as the stress-thickness product (directly proportional to the cur-

vature, from the Stoney equation (eq. 2.3)) in function of thickness, a plot commonly

used in literature for wafer curvature measurements [165–171].
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Figure 3.1: MOSS and XRD analysis of SDC �lms grown on NGO and MgO and
LAO. (a) stress-thickness product, evaluated using the Stoney equation and the elastic
properties of the substrates [172–174], as a function of thickness. A positive (nega-
tive) stress value indicates an in-plane tensile (compressive) stress for the �lm. � is the
lattice mismatch (Table I). (b) != 2� scans.� indicates the substrate peak and x is an in-
strumental artefact (K � re�ection of substrate). (c) magni�cation of the region around
the (002) diffraction peak of SDC. The dashed line indicates the angular position for
the fully relaxed SDC structure. The peak shifts are in accordance with the sign of the
stress-thickness product.

As expected, during the growth on MgO, the stress-thickness product, i.e. the substrate

curvature, remains constant indicating that the �lm grows without exerting any force

on the substrate, i.e. stress-free. Correspondingly, the XRD analysis shows a fully re-

laxed crystalline structure. The large lattice mis�t is accommodated by a high density

of interfacial mis�t dislocations that fully release the stress as revealed by transmission

electron microscopy, discussed below. For the SDC �lm grown on NGO, the positive

curvature indicates that the �lm exerts a compressive force on the substrate surface
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CHAPTER 3. 3.3. RESULTS AND DISCUSSION

and bends it: The �lm is under in-plane tensile stress, which originates at the very be-

ginning of the growth. The constant slope of the stress-thickness product (�gure 3.1a)

shows that the stress is constant to a �lm thickness of 33 nm. An average stress of

about 3:3 GPa can be calculated. The tensile in-plane stress is in agreement with the

compressive out-of-plane strain of� 0:52%measuredex situby XRD. The XRD analysis

of the 33 nm thick SDC �lm on LAO reveals an average out-of-plane tensile strain of

0:37%. Comparing this value with the theoretical lattice mismatch of 0:49%between the

two materials, we conclude that about 25%of the theoretical lattice mismatch is lost,

most probably through interfacial mis�t dislocations. Accordingly, the in situ MOSS

measurement (Fig. 3.1a) shows in this case a constant compressive in-plane stress. In

accordance to the slightly smaller strain value measured out-of-plane on LAO compared

to NGO, the MOSS shows a smaller value (about3 GPa) of average residual and effec-

tive stress for the same total �lm thickness.

Experimentally, mismatch values up to around 1% can be expected to be fully accom-

modated [88], but with the materials and growth condition selected here for SDC,

0:4 � 0:5% strain was induced starting from a theoretical lattice mismatch of about

0:5 � 0:6%. One possible explanation for the stress relaxation could be the growth

mechanism (see section 1.3.3). During the SDC growth on all the three different sub-

strates, revealed a 3-dimensional growth mode. Such a growth mechanism along the

(001) crystallographic orientation of ceria �lms has been reported and explained [175].

3.3.2 Tensile Strained SDC �lms for Electrical Characterisation

Figure 3.2a shows the XRD analysis of three epitaxial SDC �lms,13, 20and 83nm thick,

grown on the (001)-oriented MgO-BS template platform. In spite of the small thickness

of the layer, the != 2� scans allow a rough estimation of the out-of-plane compressive

strain of the STO layer between0:1 and 0:5%, thus the mis�t between the growth plat-

form and SDC is expected to be in the range of1:7 � 2:1% in-plane.

The shift of the diffraction peak of these three �lms toward larger 2� angles indicates

different out-of-plane compressive strain values (�gure 3.2b). To quantify the strain

in-plane, reciprocal space maps (RSM) were recorded. As an example, the RSM ac-

quired along the (204) asymmetric diffraction of the 20 nm thick SDC �lm grown on
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Figure 3.2: XRD and MOSS and RHEED analysis of SDC on MgO + BZO + STO.
(a) != 2� scans. � and x indicate the substrate peak and an instrumental artefact (K�

re�ection of substrate), respectively. (b) magni�cation of the region around the (002)
diffraction peak of SDC. The stress-free �lm on MgO is included for comparison. (c)
RSM of the (204) re�ection of the 20nm SDC �lm. The (113) asymmetric diffraction of
the MgO substrate was used for alignment. The orange square indicates the unstrained
literature values and the blue square the centre of the SDC(204) re�ection. (d) rep-
resentative MOSS measurement of wafer curvature during the growth of a complete
heterostructure and (e) simultaneous RHEED measurement. For the RHEED diagnos-
tic, the electron beam is parallel to the (110) direction of the substrate, thus parallel
to (110) of BZO and STO, which show a cube-on-cube growth, but parallel to (100) -
equivalently (010) - direction of SDC due to the in-plane 45� rotation of the unit cell
of the ionic conductor with respect to the template platform. (f) MOSS measurements
during the growth of the SDC �lms with different stress states.

MgO-BS is reported in �gure 3.2c. The 20 nm thick �lm shows the largest in-plane

tensile strain, i.e. 0:35%. As expected, the crystalline structure relaxes with increasing
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CHAPTER 3. 3.3. RESULTS AND DISCUSSION

thickness: For the 83 nm �lm, an in-plane strain of 0:24% is found. The 13 nm thick

�lm grown at the higher temperature shows the smallest in-plane tensile strain value

of about 0:1%. This can be explained by the thermally activated motion of dislocation

lines, which promotes the relaxation (see 1.3.3 or [88]). Figure 3.2d and e show the

results of the in situ MOSS plus RHEED measurements performed during the growth

of the SDC �lms on the MgO-BS template platform. Figure 3.2d reports an example

of the wafer curvature measurements showing the capability of MOSS diagnostic to

probe in situ the in-plane stress of the different layers during the growth of a complex

heterostructures.

Due to the very good lattice matching between MgO and BZO, no signi�cant wafer

curvature (stress) can be observed during the growth of the5 nm thick BZO layer. On

the contrary, the lattice mismatch between BZO and STO (as large as7%) induces an

in-plane tensile stress to the STO �lm, as revealed by the positive wafer curvature mea-

sured by MOSS. It is worth highlighting that for such thin layers the MOSS allows the

stress state of the �lm to be unambiguously identi�ed in situ much more effectively than

by evaluating ex situ the angular position of the broad peaks in the != 2� scans. Within

this experiment, the MOSS diagnostic allows resolving the change of the substrate cur-

vature induced by the deposition of �lms with thicknesses in the � 1 nm range. Finally,

the substrate continues to bend in the same direction during the growth of the SDC �lm

on top of STO indicating an in-plane tensile strain of the oxygen ion conductor. The

simultaneous RHEED measurements are shown in �gure 3.2e. The RHEED patterns of

BZO and STO indicate an almost 2-dimensional growth. But, as previously discussed,

the RHEED pattern for SDC clearly shows a 3-dimensional growth mode from the very

beginning of the �lm nucleation.

Figure 3.2f shows thein situ MOSS measurements of the20 and 83 nm thick SDC �lms

grown on MgO-BS, as well as those of the SDC �lms grown on NGO and MgO for

comparison. The data for the 20 and the 83 nm �lm grown with the same deposition

parameters on MgO-BS are in good agreement. At a thickness of20 nm, the MOSS al-

lows estimating an average in-plane stress of about1:5 GPa for both �lms. The extent

of the average tensile stress retained in the SDC layer on MgO-BS was smaller than on

NGO (and on LAO in compressive stress). The much larger lattice mis�t and the pres-

ence of a larger density of crystalline defects in the double buffer layer as compared
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with a single crystal substrate can explain the larger stress relaxation.

The stress-thickness curve shows a constant slope up to about65 nm for increasing

�lm thickness until the curve becomes �at between 70 and 75 nm. A constant curva-

ture indicates that the total elastic energy in the �lm remains constant even though the

thickness increases. This can be related to theoretical models for epitaxial thin �lm re-

laxation [88,91,93] according to which above a critical thickness enough elastic energy

is accumulated that it becomes favourable for dislocation lines to move. The average

stress is then gradually reduced and the total elastic energy remains constant while the

�lm continues to grow. In other words, the MOSS measurements allow identifying in

situ the onset of stress relaxation in the �lm. The measured ratio of stress (MOSS) over

strain (RSM), equal to Y=(1 � � ), is the same for both the20and 83nm thick �lms and

in agreement with literature [176] showing that the MOSS indeed re�ects directly the

average stress of the �lm.

The morphology and microstructure can both in�uence the evolution of the strain and

the activation energy for oxygen ion conduction [56]. The local microstructure of the

samples selected for the electrical characterisation was investigated using transmission

electron microscopy (TEM). Figure 3.3a and b show representative examples of SDC

�lms grown on MgO and MgO-BS, respectively. Figure 3.3c shows a high-resolution

high-angle annular dark-�eld (HAADF) image of the cross-section of a SDC �lm grown

on MgO-BS. Selected area electron diffraction and fast Fourier transform analysis re-

veal very good crystallographic quality showing that the [001] zone axis of the SDC

�lm slightly precesses within only � 1� on the scales of the order of100nm.

The SDC �lm grown directly on the MgO (�gure 3.3d) demonstrates a cube-on-cube

growth in spite of the very large lattice mis�t as already reported in literature [177,

178]. Further the �lm shows the presence of local isolated domains rotated by 45�

around the substrate surface normal. These isolated defects are not present in the �lm

on MgO-BS. The very large lattice mismatch between SDC and MgO results in a lower

crystallographic quality of the SDC �lm which shows an average grain size of 40 nm

and the SDC/MgO interface characterised by an almost continuous line of mis�t dislo-
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Figure 3.3: TEM analysis of SDC on MgO-BS (left) and on MgO (right). Low
magni�cation cross-sectional HAADF-STEM image of (a)� 21 nm thick SDC �lm on
MgO-BS and (b) � 32 nm thick SDC �lm on MgO. Scale bars correspond to50 nm (a),
50 nm (b), 5 nm (c), 5 nm (d). Bright �eld high resolution STEM image of the SDC
�lm on MgO-BS (c) and on MgO (d). One of the local defects (tilted grains) is shown
in (d) together with the position, marked with arrowheads, of some interfacial mis�t
dislocation at the SDC/MgO interface. The TEM micrographs were acquired along
(010) plane of MgO. (TEM analysis by V. Roddatis)

cations that release the stress still preserving the epitaxial relation3 . The same kind

of interface was observed between Gd-doped ceria and MgO [179]. As reported in

reference [21], this difference in morphology does not in�uence the ionic conduction.

These measurements support the XRD and MOSS results that showed a fully relaxed

(001) oriented SDC structure for the thin �lm grown on MgO and the presence of a

measurable in-plane tensile strain for the �lms grown on MgO-BS.

3.3.3 In�uence of Tensile Strain on Oxygen Ion Conductivity in SDC

The complex impedance plane plots (�gure 3.4) show a clear polarisation of the Pt

electrodes at low frequencies, indicating that the dominant charge carriers are indeed

oxygen ions, as is well established for SDC under the selected experimental conditions.

3TEM analysis by V. Roddatis
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Figure 3.4: Complex Impedance plane plots of SDC �lm on MgO-BS template plat-
form: Three different temperatures are displayed, with a magni�cation of the low-
frequency part of the 464� C measurement. Selected points are labelled with the respec-
tive frequency.

Figure 3.5a shows the grain interior (bulk) ionic conductivity of three different Sm-

doped ceria samples from literature [22, 180] compared with the measured conduc-

tivity of the MgO-BS template platform which is more than two orders of magnitudes

smaller, i.e. negligible. Figure 3.5b shows the electrical characterisation of SDC �lms

with different strain values. Activation energy and conductivity values are in very good

agreement with reference data for SDC grain interior [22, 23, 180], showing that the

grain interior contribution dominates.

The activation energy, calculated by �tting the linearized Arrhenius equation (equation

1.1) to the data shows a clear trend with respect to the �lm strain, i.e. it decreases

with increasing tensile strain (�gure 3.5c). Interface effects (e.g. dislocations [70])

could also in�uence the activation energy, resulting in a thickness dependence of the

activation energy. This is not the case here (�gure 3.5d) suggesting that it is indeed the

strain that in�uences the activation energy. Further, the pre-exponential factor � 0 of the

Arrhenius equation varies little (�gure 3.5e), showing that the charge carrier density is

not affected by the strain.

The change of conductivity is negligible in the high temperature range, while for ex-

ample at 350� C (a temperature relevant for miniaturised SOFCs) the bulk ionic con-

ductivity is a factor of two larger compared to the unperturbed crystalline structure as
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Figure 3.5: Impedance spectroscopy measurements of SDC �lms with different
strain. (a) conductivity measurement of the MgO + BZO + STO (MgO-BS) template
platform compared with literature references of unstrained Sm-doped ceria bulk: 20
at.% Sm (20SDC(1) [22]) and 10 and 20 at.% Sm (10SDC(2) and 20SDC(2) [180]).
(b) comparison of conductivity measurements of the SDC �lms fabricated for this study
with different in-plane tensile strain values. (c) activation energy for ion migration as
a function of tensile strain. The error bar is determined form the standard deviation
of the �t and empirically by comparison of independent measurements. (d) activation
energy vs. SDC thickness and (e) Arrhenius pre-exponential factor of the SDC �lms
with different strain values.

a result of 0:35%tensile lattice strain, which lowers the activation energy by approxi-

mately 0:05 eV. The observed in�uence of the strain values on the activation energy

is very similar to that reported in a theoretical study on undoped ceria [52] . From

the experimental point of view literature reports on the effect of strain on conductivity

for epitaxial doped ceria �lms are scarce. In reference [50] for example, a very large

increase in conductivity with increasing tensile strain was reported. Here a surprisingly

large value of strain of 2% was estimated for 10 at.% Gd-doped ceria �lms as thick as
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250 nm. However, in this study larger strain results in higher ionic conductivity, but

also in an increased defect density, yielding a much higher activation energy. The same

material coupled with Er 2O3 was used for the fabrication of multi-layered microdots

(111)-oriented on sapphire [46]. The reported activation energy of the single doped-

ceria layer is in good agreement with the typical values reported for this material, even

though the total conductivity is surprisingly smaller than the typical bulk conductivity of

Gd-doped ceria [22, 23, 180] suggesting that conduction pathways other than through

the bulk dominate. However, the authors reported that a change of the compressive

in-plane strain of the ceria layers from about 0:1 to 1:1% results in an increase of the

activation energy by 0:2 eV. Assuming an almost linear trend of activation energy vs

strain for strain values within � 1%, the reported effect in reference [46] is in line with

our measurements.

Comparing the effect on SDC to a different oxygen ion conductor, i.e. yttria-stabilized

zirconia (YSZ), a similar increase in conductivity can be extrapolated for this particular

strain value (0:35%) from a theoretical study on the in�uence of strain in YSZ [51].

The result reported here is also in agreement with the approximately3:4 fold enhanced

conductivity measured for YSZ/Y2O3 0:8%strained multilayers with columnar morphol-

ogy [49]. Few papers report no effect at all, for example using CeO2/YSZ multi-layered

heterostructures [48] where the typical YSZ bulk conductivity was measured for all

samples. In that work the non-uniform strain along the layers revealed by HR-TEM and

RSM could not be quanti�ed and the residual and effective strain could be small. More-

over, only the temperature range above400� C was investigated, while in the present

work impedance measurements were acquired down to a minimum temperature of

280� C, and it is precisely at lower temperatures where the effect is more evident.

On the contrary, as already pointed out, many other papers report very large strain

effect on the ionic conductivity which are not in agreement with this nor the above

mentioned studies. Several examples can be found in reference [26]. Finally, the effect

of the local strain arising from buckling in free-standing polycrystalline membranes of

doped ceria [181], as eventually relevant for devices, is discussed elsewhere, as well

as the effect of strain in polycrystalline samples (sintered pellets or �lm crystallized by

post-annealing) where the origin of strain is the speci�c local micro-morphology [182],

which is completely different to the almost single crystalline samples in our study.
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CHAPTER 3. 3.4. CONCLUSION

3.3.4 Interface Effect

While the activation energy is independent of the thickness, there is an interface effect

for the pre-exponential factor. Since the pre-exponential factor does not correlate with

the strain, the two effects are separated here. As can be seen in �gure 3.6, the pre-

exponential factor decreases with decreasing �lm thickness.

Recalling the HRTEM analysis, this trend does not correlate with the disorder at the

interface, since the interface between SDC and MgO (green circle) is highly disordered

while the SDC-STO interfaces of the other samples exhibit similar order (see �gure

3.2). It is interesting that the highly defective interface does neither seem to result in a

very high pre-exponential factor (facilitated formation of oxygen vacancies at interfaces

[183,184]) nor in a particularly low one (dislocations in doped ceria slowing down the

ionic conduction [70]). Instead, the effect may be due to the segregation or depletion

of the dopant in the interface or surface region, but further investigations are needed

to clarify this.
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Figure 3.6: Interface Effect in SDC The SDC �lm on MgO (no buffer layer) is repre-
sented in green (same colour coding as in �gure 3.5 is used).

3.4 Conclusion

Our results on the role of strain on the ionic conductivity in Sm-doped ceria shows that,

as reported in many literature contributions, lower activation energies indeed result

from tensile lattice distortions in the direction of the migration of the charge carriers.

Our study was conducted on samples as closely resembling a uniformly strained single

crystal as it was experimentally possible showing the characteristic bulk conductivity of

the material under investigation.

It should be highlighted that the in-plane geometry of the electrical characterisation
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dictates stringent limitations to the choice of the substrate. As a consequence, a rela-

tively small value of residual and effective strain could be preserved. However, it was

shown that signi�cantly larger strain can be achieved. As an example, extrapolating the

observed effect of strain on the activation energy, around350� C a 0:5%tensile strained

ion conductor, as achieved for �lms grown on NGO, would show the same conductivity

as the unstrained conductor at around 450� C.

Beside the speci�c application to oxygen ion conductors, which supports the thesis of a

relatively small effect of strain on ionic conductivity, the most important result of our

study is that it has been clearly shown that the MOSS is a valuable tool for investigat-

ing in situ the mechanism of stress generation and evolution in complex multi-layered

oxide heterostructures. The stress states arising for different lattice mismatches as well

as the relaxation behaviour in the epitaxial oxide �lms grown by PLD could be clearly

monitored and were found to be in very good agreement with standard ex situ XRD

analysis. Moreover, the stress state of the �lm can be clearly identi�ed also for very

thin layers in the nm range, well below the limit of conventional XRD analysis. Finally,

the MOSS diagnostic of oxide materials has been coupled for the �rst time with RHEED

during PLD.

Strain-controllable ionic or mixed ionic/electronic conductivity can boost the devel-

opment of oxide heterostructures as active components for micro-electrochemical de-

vices [46] such as micro-SOFCs [9], electrochemical sensors, resistive switching memo-

ries [185], or as active catalytic surfaces. But the potential of the MOSS plus RHEED di-

agnostics for lattice strain engineering goes far beyond this, providing a tool for tuning

material properties for a broad range of applications (multiferroicity, catalysis, nano-

device fabrication) in many different disciplines opening unprecedented opportunities

in Materials Science.
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Chapter 4

Enhanced Proton Conductivity in

Y-doped BaZrO3 via Strain Engineering

This chapter is published as

Aline Fluri, Aris Marcolongo1, Vladimir Roddatis2 , Alexander Wokaun, Daniele Pergolesi, Nicola

Marzari2 and Thomas Lippert, "Enhanced Proton Conductivity in Y-doped BaZrO3 via Strain Engi-

neering", Advanced Science (accepted for publication in September 2017)

Information presented earlier (chapter 1, section 2.1.2) is omitted here.

4.1 Introduction

Over the last decade considerable efforts have been devoted to studying the effects of

strain on the oxygen ion conductivity in oxides [26,49,140,186], as also in the previous

chapter. The interest arose because tensile strain leads to higher conductivities at re-

duced temperatures for applications in solid-oxide fuel cells, electrolyzers, sensors, and

oxygen pumps [10,187–190]. Very few studies extended the investigation of the effect

of strain on the ionic conductivity to high-temperature proton conductors, a class of

ionic conductors equally important as oxygen ion conductors in applied electrochem-

istry [10, 24, 187–192]. For oxygen ion conductors, it was found that biaxial tensile

strain enhances the conductivity by decreasing EA , while compressive strain leads to the

opposite effect [26,49,140,186]. For proton conductors, only the effect of an isotropic

1Theory and Simulations of Materials (THEOS), and National Centre for Computational Design and
Discovery of Novel Materials (MARVEL), École Polytechnique Fédérale de Lausanne, Switzerland.

2Institute of Materials Physics, University of Göttingen, Germany.
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pressure, i.e. a reduced lattice spacing along all 3 spatial axes, applied to sintered pow-

ders of Y-doped BaZrO3 and BaCeO3 was investigated [71, 73, 193]. The extent of the

reported effect varies enormously, however all studies show a largerEA (lower � ion ) in

compressive stress compared to the relaxed structure. If this trend can be extrapolated,

a lower EA and thus higher � ion at low temperatures may be obtained under tensile

stress. Nevertheless, this has never been experimentally investigated. In contrast, com-

putational studies predicted the opposite effect, namely that the diffusion coef�cient

(D / � ion ) of BZY monotonically decreases from compressive to tensile strain under

isotropic pressure [74, 75]. Thus, higher conductivities should be found under com-

pressive stress. In the case of biaxial stress, i.e. a lattice distorted along 2 axes with

the third free to adapt, calculations predicted a parabolic trend of D as a function of

stress, with the maximum diffusivity occurring under compressive stress [74, 75]. The

discrepancy between theory and experiment would suggest that the simulation mod-

els may have overlooked some fundamental aspects of the conduction mechanism in

BZY. However, it should be remarked that the number of experimental studies is very

limited and that the magnitude of the effect differs enormously [71, 73] and changes

with the synthesis method [193]. In order to further improve our understanding of

proton migration in solids it is of utmost importance to clarify the effect of strain by

a) extending the experimental investigation to tensile strain, b) identifying what strain

state leads to the maximum conductivity, c) quantifying how much strain can affect

the charge transport, and d) developing a simulation model capable to rationalize the

experimental �ndings.

4.2 Methods

Here, the relation between proton conductivity and strain is investigated using highly

ordered epitaxial thin �lms with a nominal composition BaZr 0:8Y0:2O3 (20BZY) grown

by pulsed-laser deposition. We use (001)-oriented MgO substrates (a = 4:212 Å)

that provide an excellent platform for growing epitaxial 20BZY ( a = 4:223 Å) �lms

[32,35,194], having the same cubic symmetry and a small lattice mismatch of � 0:26%

(compressive). Furthermore, MgO is highly insulating, which is a prerequisite for in-

plane (parallel to the substrate surface) electrical characterisations of thin �lms. To
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relax the in-plane compressive strain that an ideal 20BZY epitaxial �lm would develop

on MgO, and to further push the lattice tensile strain, we grow a buffer layer of 40% Ce-

doped BaZrO3 (BZC) in situ between the substrate and the �lm, since below 800� C BZC

has an orthorhombic cell with a pseudocubic lattice parameter of about 4:3 Å [195],

thus larger than either MgO or 20BZY. BZC is also expected to be a good electrical in-

sulator in the gaseous environment (humidi�ed Ar) and temperature range ( < 600� C)

where proton conductivity is typically investigated.

Thin �lms were fabricated by ablating sintered pellets of 20 % Y-doped BaZrO3 and

40% Ce-doped BaZrO3. The laser spot size on the target was1:5 mm2 and a �uence of

2:8 J=cm2 and a repetition rate of 4 Hz were used. The MgO substrates were heated to

750� C. A background pressure of O2 was set to0:1 mbar. The deposition rate was cali-

brated by XRR to be0:052nm=s for BZY and 0:08 nm=s for BZC. RSMs were recorded

to quantify the in-plane lattice constants and strain. The (114) re�ection of the BZY

and BZC layers is mapped, as this re�ection is forbidden for the rock salt structure of

the MgO substrate but not for the perovskite structure of the �lms. The alignment was

carried out in reference to the (113) re�ection of the substrate. To determine the in-

plane lattice parameter, the �ts of the line pro�les were performed. From the �t, the

QX is determined with an error of about � 0:002 Å� 1, resulting in an error in strain of

about � 0:1%.

Cross-sectional specimens for transmission electron microscopy3 (TEM) were prepared

with a mechanical polishing followed by Ar + ion milling using a Gatan PIPS 691 with

a �nal milling step of 0:5 keV to reduce surface damage. High-resolution TEM and

high angle annular dark �eld scanning TEM images were acquired on a FEI Titan 80-

300 microscope operated at300 kV . The microscope is equipped with a corrector of

spherical aberration at image side, and a Gatan Quantum 965ER electron energy loss

spectrometer.

Electrical characterisations were performed by impedance spectroscopy in humidi�ed

Ar atmosphere applying an excitation voltage of 1 V in the frequency range between1

Hz and 1 MHz in the temperature range between180and 380� C. We used strip-shaped

electrodes patterned by shadow-mask, as well as interdigitated electrodes patterned by

3TEM analysis conducted by Vladimir Roddatis at the University of Göttingen, Germany.

57



4.3. RESULTS AND DISCUSSION CHAPTER 4.

UV-lithography. A Solartron 1260 gain-phase analyser was used together with the soft-

ware Zplot for the measurement. The software Zview was used to �t the complex

impedance plane plots with an RC parallel circuit.

Car-Parrinello molecular dynamics [196, 197], as implemented in the cp.x program

of the Quantum-ESPRESSO [198] distribution, is used to perform ef�cient density-

functional theory simulations using the PBE exchange-correlation functional4. Norm-

conserving pseudopotentials from the extensively tested SSSP [199, 200] library are

used, with a planewave cutoff of 70 Ryd. The �ctitious electronic mass is set to 340

a:m:u:, with an integration time step of 8 a:m:u:. To avoid an accumulation of numerical

errors, eventually causing a departure of the system from the Born-Oppenheimer sur-

face, we perform 5 conjugate-gradient steps every20 ps, an interval much longer than

the typical correlation time associated to proton diffusion in BaZrO3. Ionic temperature

is controlled by means of a single-chain Nose'-Hoover thermostat at a frequency of9

THz, much lower than the characteristic frequencies of protons in this material (see

Supporting Information). Equilibrium lattice parameters and the Poisson ratio are set

using the high-temperature experimental values [201] ( 4:22 Å and 0:237respectively).

Dopant incorporation requires the usage of charged cells to reproduce the correct chem-

istry; for example, in the case of the doped system with chemical formula HBa8Zr4Y4O24

where the sum of the nominal oxidation states equals� 3, three electrons were added

to the simulation cell.

4.3 Results and Discussion

4.3.1 Structural and Compositional Characterisation

For all �lms grown, XRD con�rmed the expected epitaxial in- and out-of-plane orien-

tations, as can be seen in �gure 4.1. Only the (002) re�ection of substrate and �lm

and the (001) re�ection of the �lm, which is forbidden for the rock salt structure of the

substrate, are visible in the out-of-plane measurement.

4Simulation study conducted Aris Marcolongo and Nicola Marzari at the EPFL in Lausanne, Switzer-
land.
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Figure 4.1: Out-of-plane 2�=! scans (a) and � scan of the (103) re�ection to probe
in-plane orientation (b). Examples of a BZY �lm on MgO and a tensile strained BZY
�lm on a BZC �lm are shown. � labels the substrate re�ections, MgO(002), the weaker
results from CuK� . The (001) re�ection is forbidden for MgO, but present, though
weak for BZY and BZC. The (002) re�ection of BZC is clearly visible, while the (002)
re�ection of BZY coincides with the substrate re�ection.

BZC has a larger lattice constant than BZY, therefore the BZC(002) re�ection is clearly

visible while the BZY(002) re�ection is only discernible as a shoulder of the MgO(002)

substrate re�ection. The asymmetric (103) re�ection of the �lm (forbidden for the sub-

strate) is found at intervals of 90� showing the cubic in-plane symmetry, aligned with

the substrate lattice.

The chemical composition of the �lms was analysed with Rutherford backscattering

(RBS) and Particle induced X-ray emission (PIXE). RBS yields the ratio of Ba:(Zr+Y):O;

the Y and Zr masses are too similar to be separated with this technique. PIXE is capable

of this, and it gives the Y:Zr ratio. Combining the two measurements results in a com-

position of Ba0:98Zr0:82Y0:21O2:85 with error in composition for Ba, Y, Zr are � 0:02 and

for O � 0:11. The composition is in good agreement with the target composition of 20%

Y-doped BaZrO3. Hereafter, this composition will be referred to as BZY.

High-resolution (scanning-)transmission-electron microscopy and electron-energy-loss

spectroscopy revealed the local structural/compositional properties: All �lm studied

showed a cube-on-cube epitaxial growth, with columnar morphology (�gure 4.2), where

continuous lines of low-angle grain boundaries originating from the BZC/MgO inter-

face propagate across the BZY/BZC interface. Electron diffraction (�gure 4.2b) did not

reveal the presence of secondary phases or strongly tilted grains, and the analysis of
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Figure 4.2: High Resolution Transmission Electron Microscopy. (a) High angle an-
nular dark �eld scanning transmission electron microscopy image of a BZY/BZC bilayer
on MgO(001). The scale bar is50 nm. (b) Selected area electron diffraction pattern
and energy electron loss spectroscopy maps. (c) High resolution transmission electron
microscopy image of BZY/MgO interface showing an antiphase boundary (APB) defect.
The scale bar is2 nm.

the chemical pro�le demonstrated the absence of chemical inter-diffusion at both in-

terfaces. As an example, �gure 4.2c shows a sharp BZY/MgO interface and a typical

defect (vertical antiphase boundary).

The stress generation and evolution is monitored in situ with a multi-beam optical

stress sensor (MOSS). During the growth of BZY �lms on MgO, a negative curvature

was observed (�gure 4.3a). This indicates an in-plane compressive stress of the �lms,

consistent with the lattice mismatch. As expected, also the BZC �lms on MgO grow

with an in-plane compressive stress (�gure 4.3b) but during the successive growth of

BZY on BZC-buffered MgO, the substrate bends in the opposite direction. Figure 4.3c

shows, as an example, the time evolution of the curvature during growth, under tensile

in-plane strain of a BZY �lm on a BZC-buffered MgO. The total thickness of the �lm is

about 120nm and the onset of relaxation (i.e. the constant curvature regime) is found

at around 85 nm.

Figure 4.3c shows that thin BZY �lms with different strains can be fabricated by select-

ing different stages of relaxation corresponding to different thickness. However, in that

case a strain-dependent conductivity is not distinguishable from a thickness-dependent

conductivity. The latter can originate from interface or surface effects, where the �lm

may have different conductive properties (e.g. due to a compositional gradient). For
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Figure 4.3: Examples of in situ curvature measurements. The evolution of the cur-
vature with time before, during and after the �lm growth on MgO is shown in (a) for
BZY and in (b) for BZY on BZC. The growth of a� 120nm thick BZY layer on BZC is
shown in (c) and (d) shows the growth of a � 50 nm thick BZC �lm on MgO.

this work, we engineered a set of samples where strain and thickness do not correlate

by selecting different stages of relaxation of the buffer layer. To quantify the strain, re-

ciprocal space mapping (RSM) is used. Based on MOSS and RSM measurements, two

thicknesses of15 and 30 nm were selected for the BZC buffer layer in order to provide

a lattice mismatch with the relaxed BZY structure of about 0:3 and 0:9%, respectively.

On the 15 nm BZC buffer layer, BZY �lms of 15, 22, and 87 nm were grown. The �rst

shows in-plane strain � � 0:2%, while �lms of a thickness greater than � 20nm show a

relaxed structure. On the 30nm buffer layer, BZY �lms were grown with thicknesses of

15, 22, and 43nm, all showing an in-plane strain � � 0:7%. The earlier relaxation onset

of BZY on the thinner buffer layer could be due to more pronounced surface roughness

during the early-growth stage, whereas a better interfacial smoothness may be achieved

during the further growth of the BZC layer. In situ high-temperature atomic-force mi-

croscopy would be needed to clarify this point.

Samples under compressive strain are added to the above described set of tensile

strained or relaxed samples by growing BZY �lms on MgO. These �lms show a strain

� � � 0:3% indicating that the lattice mismatch of the two materials is preserved. In
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Figure 4.4: Reciprocal Space Mapping for Strain Characterisation. Examples for a
BZY �lm on MgO (a), a tensile strained BZY �lm on a 30nm BZC �lm (b) and a relaxed
BZY �lm on a 15 nm BZC �lm (c) are shown. The solid line indicates where in- and
out-of-plane lattice constants are equal. The origins of the line pro�les ( � QZ = 0:01
1=Å) shown in the top part are indicated with arrows. The dashed line indicates the
centre of the re�ection as determined from �tting the line pro�le. Based on the error of
�tting the line pro�les, the error in strain is about � 0:1%. The strain values measured
by RSM for all samples are listed.

general, the BZY �lms grown on the buffer layers showed a residual in-plane strain

smaller than their respective lattice mismatches. The more favourable stress relaxation

for �lms grown on buffer layers is probably due to the crystalline defects described

before (�gure 4.2). Figure 4.4 shows the RSMs for 22 nm BZY �lms grown either on

MgO or on the 15and 30nm BZC buffer layers. The strain values and thicknesses of all

fabricated samples are summarised in the table in �gure 4.4.

4.3.2 Electrical Characterisation

The proton conductivity of the samples studied and listed in �gure 4.4 is then measured

by impedance spectroscopy in humidi�ed Ar atmosphere. The complex impedance

plane plots (�gure 4.5) consist of semicircles with a tail corresponding to the polarisa-

tion of the electrodes. The clear observation of the electrode polarisation hints at the

ionic nature of the charge carriers, since the Pt electrodes are blocking ions but not

electrons.
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Figure 4.5: Example of complex impedance plane plots. The plots are shown for
three different temperatures and selected frequencies are indicated.

Deuteron conductivity is measured to con�rm that protons are the main charge car-

riers under the selected experimental conditions [16, 202]. In agreement with liter-

ature [203], the isotope effect is observed as a difference inEA of 0:04 eV between

proton and deuteron conductivity (4.6).

Figure 4.6: Isotope Effect. The proton and deuteron conductivity is compared for a
BZY �lm grown on a BZC-buffered MgO substrate.

The conductivity of strain-free �lms agrees well with that of the 20BZY grain interior,

as reported in literature [24,34] (�gure 4.7a). As expected, BZC shows a very low con-

ductivity compared to BZY making its contribution to the total conductivity negligible.

Figure 4.7b shows the conductivities of two BZY �lms with the same thickness of about
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Figure 4.7: Electrical characterization. The proton conductivity was measured in
humidi�ed Ar. A relaxed BZY �lm on BZC is compared to the grain interior conductivity
of reported in literature [24, 34] and to the conductivity of the BZC buffer layer (a).
In (b) the conductivity of two 22 nm thick �lms are compared. The different buffer
layer thicknesses15 and 30 nm induced different tensile strain values in BZY, namely
0% and 0:7% respectively. In (c)-(f), the triangles represent tensile strained BZY �lms
on BZC buffer layers while the circle represents the compressive strained BZY �lm on
MgO. Correlations between the EA and the strain (c) as well as between � 0 and the
thickness (f) are found. In contrast, there is no correlation of EA and thickness (d) or
� 0 and strain (e). The indicated error bars result from the �t of the linearised Arrhenius
equation. The error for the strain is estimated as � 0:1% (�gure 4.4), corresponding
about to the width of the symbols.

22 nm, grown on 15 and 30 nm thick BZC buffer layers. The �lm on the thinner buffer

layer is fully relaxed, while that on the thicker buffer layer has a 0:7% in-plane tensile

strain. The conductivity is found to increase as a result of this tensile distortion. At

about 200� C the conductivity almost doubles as a consequence of a0:7%tensile strain,

compared to the relaxed case. To our knowledge, this is the �rst experimental evidence

of the effects of tensile strain on the proton conductivity in oxides.

Figure 4.7c shows the effect of strain onEA for proton migration in BZY �lms for strains

going from � 0:3 to 0:7%. An effective EA of about 0:44 eV is obtained for the case of

the relaxed structure. The EA increases to0:47 eV for compressive strain, while it de-

creases to0:42� 0:39 eV with increasing tensile strain. Figure 4.7d clearly shows that
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EA does not correlate with the thickness of the BZY �lm. Fitting the data to the lin-

earised Arrhenius equation (1.1) shows that � 0 does not depend on strain (�gure 4.7e)

while it decreases for thicknesses< 50 nm when reducing the �lm thickness (�gure

4.7f). This �nding suggests the presence of an interface and/or surface layer a few

nm thick that does not contribute to the conduction. In fact, the presence of a 3 � 4

nm thick, proton-rich layer with altered composition and low proton mobility has been

recently reported for In-doped BaZrO3 thin �lms [204]; also, theoretical simulations

predicted the formation of a sub-surface layer with low proton mobility in BZY [205].

The effect of strain on EA EA is qualitatively consistent with an extrapolation of the

experimental data of hydrostatically compressed powders [71,73,193] to tensile strain

(up to at least 0:7%) while contradicting theoretical predictions [74, 75]. This sug-

gests that the way proton conduction is treated in theoretical simulations needs to be

reinvestigated.

4.3.3 First-Principles Molecular Dynamic Simulations

Aris Marcolongo and Nicola Marzari of from the EPFL in Lausanne performed several

�rst-principles molecular dynamic (FPMD) simulations of the diffusion coef�cient (pro-

portional to � ion ) D(�; T ) = D0e� EA (� )=kB T , where EA (� ) indicates the strain-dependent

activation energy. This methodology inherently accounts for the proton trapping, strain

and dynamical effects, even if reaching size and time convergence in FPMD simulations

is often a challenging task. Two model systems, either doped or undoped, are used to

simulate the different local environments explored by a diffusing proton. The doped

system consists of 41-atom supercell alternating YO6 and ZrO6 octahedra, while the

undoped system of this sample size contains only ZrO6 octahedra. Carrier-carrier cor-

relations are expected to be not signi�cant and are therefore wiped out by monitoring

the motion of one single carrier for at least 500ps. Strain effects are tackled performing

all simulations at �ve different strain levels: no strain, � 0:5, and � 3%. These values

were chosen in order to detect signi�cant variations of D, since lower strains led to

variations within the statistical error bars. Nevertheless, from the simulation point of

view the strains imposed remain small. Typically, simulation details such as the equilib-

rium cell size or the charge carrier concentration affect much more the calculation of
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the attempt jump frequencies than activation energies [37,74]. Thus, for the same cell

size, with the carrier concentration being set by the dopant concentration, the absolute

values of D are comparable only when considering the same doping content.

First, we consider unstrained lattices for validation purposes. For the undoped system,

our simulations predict EA = (0 :18 � 0:02) eV, in agreement with previous simula-

tions [37,206] and with the experimental EA for trap-free migration [40]. Instead, for

the doped system it was impossible to obtain a good linear �t in the temperature range

studied (�gure 4.8). This is due to the presence of proton trapping which gradually

increases the effectiveEA below 700� C. At higher temperatures trap-free behaviour is

recovered since the kinetic energy overtakes the proton-dopant association energy [40].

To our knowledge, this is the �rst time that numerical computations are able to detect

qualitatively such a subtle effect.

Figure 4.8: Isotropic diffusion coef�cients for the undoped and doped systems. In
the latter case we observe a change of activation energy due to the transition from a
trap-dominated to a trap-free regime.

We consider now the � 0:5 and � 3% strained lattices. Figure 4.9a and 4.9b show the

temperature and strain dependence of the planar (2-dimensional, along planes parallel

to the substrate surface) and isotropic (3-dimensional) diffusivity for the doped system.

Figure 4.10a and 4.10b show the corresponding computations for the undoped system.

In all cases the diffusivity under � 0:5 and � 3% strain is lower than that of the relaxed

structure and decreases with increasing the strain in both directions. This implies that,

at constant temperature, D(� ) has a maximum between� 1:5%.
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Figure 4.9: FPMD simulation of the diffusion coef�cients. (a) In the doped system
and for different strain directions the isotropic, in-plane and out-of-plane diffusion co-
ef�cients are reported. (b) The isotropic diffusion coef�cients are compared for the
doped and undoped cell. In the doped cell, tensile strain is favoured. The opposite
effect is observed in the undoped system.

This qualitative behavior is reported in literature also for biaxially strained BZY [74]

and yttria-stabilized zirconia (oxygen ion conductor) [51]. Considering a strain-independent

D0, as our experiments suggest, the highestD corresponds to the lowestEA . According

to the present experiments this is obtained through tensile strain. The �t of the calcu-

lated diffusivities (�gures 4.9a,b and 4.10a,b) indicates that the maxima of D is situated

in the region of tensile strain only for the case of isotropic diffusion in the doped system.

Therefore, a planar diffusion process does not appropriately describe the experimental

results. Instead a 3-dimensional model that takes into account also out-of-plane hop-

ping (across lattice planes parallel to the applied strain) may be better suited to describe

the measured behavior of the in-plane proton conductivity. Furthermore, tensile strain

improves the proton conductivity only in the trap-dominated regime, i.e. in presence of

the dopant. We can suggest some microscopic scenarios to understand the favouring of
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Figure 4.10: FPMD simulation of the diffusion coef�cients. (a) In the doped sys-
tem and for different strain directions the isotropic, in-plane and out-of-plane diffusion
coef�cients are reported. (b) The isotropic diffusion coef�cients are compared for the
doped and undoped cell. In the doped cell, tensile strain is favoured. The opposite
effect is observed in the undoped system.

tensile over compressive strain in the doped system by looking at the behaviour of the

planar, out-of-plane, and isotropic diffusion coef�cients for � = � 3% (�gure 4.9c and

d). We observe a planar diffusion coef�cient that is smaller for tensile than for compres-

sive strain, which could be explained by the increase of the oxygen-oxygen distances

along the direction of tensile strain [75]. Instead, the out-of-plane diffusivity is much

higher than the planar one in tensile strain (�gure 4.9d), while it is strongly depressed

in compressive (�gure 4.9c). Simulations therefore suggest a strong 2-dimensional con-

�nement of the charge transport under compressive strain and a boost of out-of-plane

jumps under tensile strain. As a net effect, the isotropic diffusivity in the latter case is

larger.

For the undoped system, conversely, compressive strain results in the maximumD for

both planar and isotropic diffusion (�gure 4.10a,b). We speculate therefore that in
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the trap-free regime the shorter oxygen-oxygen distances (compressive strain) favour

the proton migration [24, 75]. Instead, in the trap-dominated regime it is a relatively

small tensile strain that enhances the proton migration as the net result of two oppos-

ing mechanisms: the larger oxygen-oxygen distances hinder the proton transfer but the

larger oxygen-dopant distances in the YO6 octahedron reduce the proton-dopant asso-

ciation making it easier for the proton to escape the trap. The enhanced out-of-plane

diffusivity calculated in tensile strain suggests that the most favorable way to escape the

trap is via out-of-plane hopping through an adjacent ZrO6 octahedron where the out-

of-plane diffusivity is enhanced due to the compressive strain in this direction. As far as

the in-plane electrical characterization is concerned, it is irrelevant whether the proton

jumps between oxygen ions along planar or out-of-plane zigzag pathways. Hence, a

fast out-of-plane diffusion can indeed boost the conductivity measured in-plane. The

suggested microscopic scenario is also well in agreement with the experimental result

that strain only in�uences the activation energy but not the pre-exponential factor.

4.4 Conclusion

To conclude, the present work shows that lattice distortions can tune the effectiveEA

for bulk proton migration, whose value decreases by � 0:07 eV when changing the

strain from � 0:3% (compressive) to 0:7% (tensile). We show here that for proton con-

duction in BZY the extent of the effect of strain is smaller, but yet certainly not negli-

gible, considering that around 200� C a 0:7% tensile strain doubles the conductivity of

the relaxed structure. A microscopic explanation is proposed where proton migration is

described as a three-dimensional process largely ruled by proton trapping at the dopant

sites. Within this framework, the in-plane conductivity is enhanced under tensile stress

thanks to a weaker proton-dopant association and more frequent hopping processes

involving across-plane diffusion.
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Chapter 5

Strain Evolution in Epitaxial Oxides

This chapter will be published as

A. Fluri, Daniele Pergolesi, Thomas Lippert, "In situ measurements of the stress relaxation in oxide

heteroepitaxy and theoretical models - a comparative study"

Information presented earlier (chapter 1, section 2.1.2) is omitted here

5.1 Introduction

Besides the ionic conduction, many physical properties of oxides can be changed by

inducing lattice distortions in the crystal through heteroepitaxial growth for which it

is crucial to understand the strain generation and evolution. In spite of the exten-

sive literature on the effect of strain on material properties, few studies investigate

the strain relaxation during the epitaxial growth of oxides [127, 133, 134, 207, 208].

In comparison, the strain relaxation in semiconductor epitaxy is very well understood

and many models have been developed and compared to experimental observations

[97, 99, 103, 116, 209–212]. The general concept of most models is that with increas-

ing �lm thickness, the total elastic energy of the �lm increases. At the "critical thick-

ness", it becomes energetically favourable to introduce crystalline defects which reduce

the strain. From the critical thickness onwards, the average �lm strain will decrease

with increasing thickness through the introduction of more and more crystalline de-

fects [87,88,91,213].

The purpose of this work is to discuss for several �lm - buffer layer - substrate combi-

nations how theoretical models developed for semiconductor epitaxy can describe the
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relaxation behaviour of epitaxial metal oxide �lms. The stress evolution, with strain � ,

and stress� being related as � = E� over the elastic modulus E, is monitored in situ

during pulsed laser deposition whereupon the acquired data is �tted with theoretical

models. The models chosen to �t or discuss the stress evolution data are the Matthews

and Blakeslee equilibrium model ("MB model") [96], the Matthews Mader and Light

kinetic model ("MML model") [95], and a more recently proposed model by Beresford,

Lynch and Chason ("BLC model") [116]. The models were introduced in detail in chap-

ter 1 and in the following they are summarised brie�y.

The MB model [96] is based on calculations by Frank and van der Merwe [94]. A

dislocation line that continues from the substrate into the �lm is considered. If the dis-

location line in the �lm migrates, parallel to the interface through the �lm, additional

interface dislocations are created that reduce the strain. The calculations evaluate the

force balance between forces corresponding to the strain and forces in the dislocation

line (i.e. crystallographic constraints keeping the dislocation from moving). As long as

the force from strain is smaller, the interface remains defect free. At the critical thick-

nesshc, the strain force becomes dominant and it is favourable to introduce interface

dislocations by the bowing and elongating of existing threading dislocations. Assuming

a perfect epitaxial growth, the strain � is equal to the lattice mis�t f between �lm and

substrate up to the critical thickenss ("coherent interface"). Since the stress� = E� with

the elastic modulus E, let F := Ef . So, according to the MB model the stress remains

constant, equal to F up to hC . To reduce the number of �tting parameters and because

different values for the elastic moduli of �lm materials can be found in literature (see

chapter 3), F is assumed to be the largest measured stress value before the �lm relaxes.

Above hc, the strain will relax. Assuming that the system is always at equilibrium, i.e.

that at each point of the growth, the exact amount of interface dislocations is present

to keep the forces equal, the stress as a function of thicknessh abovehc is described as

� MB = c1
b
h

(Ln
h
b

+ 1) ; (5.1)
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For comparing the MB model to the stress data, the elastic constants and the variables

describing the dislocation geometry are summarised in the �tting variable c1.

c1 = E
1 � �cos2


2� (1 + � )cos�
;

with the Poisson ration � , and � and � describing the geometry of the dislocation

line [96]. The Burger's vector b is the second �tting variable; in oxides, values of

� 1 � 10 Å are reported [105,214,215].

The MML model [95] is also based on Frank and van der Merwe's work [94]. This

model differs from the MB model by not assuming equilibrium, i.e. the system is not

necessarily at its energetic minimum during the �lm growth. Instead, there is an acti-

vation energy that has to be overcome for a dislocation line to move. Since the crystal

lattice is a periodic system, a dislocation line cannot move by an in�nitesimal amount,

but has to hop from one position to another. This means that the relaxation is not only

governed by the lattice mismatch and the type of dislocation but also, for example, by

temperature T. The strain relaxation in SrTiO3 grown on MgO, for example, depends

on T [135]. The MML model describes the time t dependent strain; with t / h, above

hc the stress depends on thicknessh as

� MML = F � (F � c2
b
h

Ln
h
b

)(1 � e� ah): (5.2)

For this model,

c2 = E �
1 � �cos2�

8� (1 + � )cos�
;

a =
t
h

�
2Gb3� (1 + � )cos�cos2�D 0e� U=kB T

(1 � � )kB T
;

where � and � describe the dislocation geometry, � is the number of dislocation lines

per area, G the shear modulus,kB the Boltzmann constant. D0e� U=kB T is the diffusion

coef�cient of the dislocation core with an activation energy U. For ah >> 1 the for-

mula expresses equilibrium and is forh >> b equal to � MB . It is noted that the stress

evolution, in particular the parameter a, depends on the deposition rateh=t.

In two models above, very speci�c dislocation geometries are assumed even though

more than one kind of dislocation may exist and the possibility of dislocation interac-
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tion is not taken into account [87, 88, 91, 213]. They further assume a coherent layer

by layer growth. The growth mode in�uences the effective strain in a thin �lm since

the formation of islands partially relieves the average strain as islands are more free

to expand or contract [208, 216, 217]. Additionally, the nucleation of dislocations and

thereby the strain relaxation is facilitated at the points between islands. Larger lattice

mis�t values lead to a higher nucleation probability for dislocations [88,91].

Beresford Lynch and Chason introduced a kinetic model where the rate limiting step

for the relaxation is not the migration of dislocation lines but the nucleation of dislo-

cations as they can e.g. arise from an island growth mode. The reduction in strain is

set to f � � = b=(2 � average dislocation spacing), the factor 2 arises form the assumed

dislocation geometry. Based on the nucleation rate and the number of potential nucle-

ation sites per surface area, a differential equation and an approximate solution for the

strain relaxation above hc is deduced (Appendix A.3).

Other factors that can in�uence the stress evolution are the surface stress and energy

which are taken into account in a modi�ed MB model proposed by Cammarata, Sier-

adzki and Spaepen for a semicoherent interface into account ("CSS model") [107,110,

218]. Based on Gibbs' formalism [219], the surface energy is de�ned as the reversible

work per unit area to create a new surface in a solid and the surface stress is de�ned as

the reversible work per unit area needed to elastically stretch an existing surface. In the

CSS model, the inclusion of surface effects leads to the term(surface energy� surface

stress)=h = d=h being added to the MB expression of stress (equation 5.1):

� CSS = � MB +
d
h

: (5.3)

In �gure 5.1, the general shape of the MB, the MML and the Cammarata et al. model

are shown. For very largea, MML approaches roughly the shape of the MB model. For

smaller a, the relaxation becomes slower.

5.2 Methods

The stress evolution is monitored for 6 different cases of epitaxial oxide growth. Table

5.1 shows the expected epitaxial relations and the lattice mismatch between the �lm
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Figure 5.1: MB and MML models for strain relaxation. The strain relaxation accord-
ing to the MB, the MML and the CSS model is shown at arbitrary scales. The MML and
the CSS model are shown for different values of the parametersa and d, respectively.

and the substrate or the top buffer layer, respectively. In the �rst and second cases,

Substrate Film Expected epitaxial relation f [ %]
1 NGO STO In-plane STO(100)jjNGO(1-10), -1.28

STO(010)jjNGO(001) -1.04
Out-of-plane STO(001)jjNGO(110)

2 NGO SDC In-plane SDC(1-10)jjNGO(1-10), 0.64
SDC(110)jjNGO(001) 0.39

Out-of-plane SDC(001)jjNGO(110)
3 SB-MgO SDC In-plane SDC(110)jjSTO(100) 1.52 (1.5-2)

Out-of-plane SDC(001)jjSTO(001)
4 BZC-MgO BZY In-plane BZY(100)jjBZC(100), -1.45 (0.9)

BZY(010)jjBZC(010)
5 BZY-MgO BZC In-plane BZC(100)jjBZY(100), -1.47 (-1.5)

BZC(010)jjBZY(010)
Out-of-plane BZC(001)jjBZY(001)

6 MgO BZC In-plane BZC(100)jjMgO(100), -1.70
BZC(010)jjMgO(010)

Out-of-plane BZC(001)jjMgO(001)

Table 5.1: Expected epitaxial relations and lattice mismatch. The lattice mismatch
is calculated from the literature value of the unstrained �lm material and that of ei-
ther the substrate or the topmost buffer layer. Depending on the degree of relaxation
of the buffer layer, the effective lattice mismatch is different (indicated in brackets,
determined by XRD).

the growth of SrTiO3 (STO) and SDC, respectively, on NdGaO3 (NGO) single crystal

substrates is studied. Cases 3, 4 and 6 are reproduced data sets from previous chapters

(4 and 3 [140]). Case 5 inverts buffer layer and �lm materials of case 4.

To evaluate the �lm stress (Stoney equation, eq. 2.3), values for the Young's modulusY

and the Poisson ratio� of the substrates are taken from literature. For NGO substrates,
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Y = 239 GPa and � = 0:29 [173], while for MgO substrates Y = 215 GPa and � = 0:26

[174]. STO on NGO is grown at a temperature of 650 � C with a target to substrate

distance of 5 cm, a repetition rate of 4 Hz and a laser �uence of 1:2 J=cm2 in a oxygen

partial pressure of 5 � 10� 2 mbar. For the BZY, BZC, and SDC �lms and for the STO and

BZO buffer layers the same conditions as in chapters 3 and 4 [140]) are used.

5.3 Results and Discussion

5.3.1 Stress Evolution of Different Epitaxial Metal Oxide Thin Films

The �lms are in- and out-of-plane epitaxially oriented, as discussed in pervious studies

for the growth of SDC, BZY and BZC (chapters 4 and 3 [140]). != 2� scans are shown

in �gure 2.1a for all �lms.

Figure 5.2: XRD and RHEED analysis of crystallographic orientation. The != 2�
scans (a) show that the �lms are out-of-plane epitaxial oriented (with a very mi-
nor (110) phase for BZC on BZY-MgO). The samples are numbered as in table
5.1. � and � indicate the substrate re�ections of NGO and MgO and S and B the
buffer layer re�ections for SB-MgO. After our XRD setup was changed, the CuK� of
MgO at � 38� and background peaks � disappeared. The RSM in (b) shows the
(224) re�ection of SDC and the (334) re�ection of NGO ( QX kNGO(001)kSDC(110)
and QZ kNGO(110)kSDC(001)). The RSM in (c) shows the STO(103) re�ection
and the NGO (332) re�ection the STO �lm on NGO ( QX kNGO(001)kSTO(100) and
QZ kNGO(110)kSTO(001)).

For the BZC on BZY-MgO �lm, the (011) re�ection is also visible with roughly the same
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intensity as the (001) re�ection. Since powder diffraction studies showed that the

(011) re�ection in BZC is � 2000times more intense than the (001) re�ection [195],

this means that the (011) re�ection is truly minor. It likely results from the sample

edge and will be ignored for the discussion here. Reciprocal space maps (RSMs) of an

asymmetric �lm re�ection are shown for the growth of SDC on NGO and STO on NGO,

which was not discussed previously (�gure 5.2b,c). The STO re�ection on NGO shows

a double peak (�gure 5.2a) since the �lm is not uniformly strained as visible in the

RSM (�gure 5.2b). The other �lms are uniformly strained, like the �lm of SDC on NGO

(RSM in �gure 5.2c).

It is well known that the morphology also in�uences the strain in a thin �lm [32,

54]. In previous studies, high resolution transmission electron microscopy revealed a

semicoherent interface and the absence of high angle grain boundaries for the cases

3,4 and 6 (chapters 4 and 3 [140]). RHEED showed that all �lms grew in the island

growth mode from the start, except STO on NGO. STO on NGO starts to grow layer by

layer but islands emerge and in the end the surface is 3-dimensional.

The MOSS measurements during the growth of the epitaxial oxide thin �lms on single

crystalline oxide substrates listed in table 5.1 are shown in �gure 5.3. For each material,

the curvature (�gure 5.3a) was monitored in situ until it became constant, at which

point the growth was stopped. After the growth was stopped, the curvature remained

constant which means that there is no indication of further relaxation.

The stress (�gure 5.3b) is calculated using Stoney's equation (eq. 2.3). In all cases

the sign of the stress is consistent with the lattice mismatch between �lm and growth

platform. Tensile lattice distortions imply a positive curvature and a positive stress

value and vice versa for compressive lattice distortions (see section 1.3.2 and 2.1).

5.3.2 Discussion of MOSS Measurements using Theoretical Models

Initial Stage of Growth

To start discussing the stress evolution, �rst the initial stage of the growth is considered.

All the stress evolution curves have in common that for thicknesses approaching zero,

the stress approaches zero. While this is in disagreement with the MB and MML model,

where the stress would be constant, i.e. up to the critical thickness� MB = F , it can be
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Figure 5.3: Curvature Measurements and Stress. The curvature evolution with time
(a) and the stress evolution with thickness (b) is shown for growth of different oxide
materials (table 5.1). A vertical line indicates in (a) where the growth was stopped.
Films of BZC, STO and SDC were grown on single crystalline substrates. Films of BZC,
BZY and SDC were grown on epitaxial buffer layers.

explained with the CSS model. For the purpose of further discussion,hmax is de�ned as

the thickness above whichj� j decreases. Forh < h max the data is �t with the CSS model

(equation 5.3), assuming that this is below the critical thickness, i.e. � CSS = F + d=h

(�gure 5.4). Among the 6 cases, the growth of SDC on NGO agrees the most with the

MB model as seen in �gure 5.4b. For BZC on BZY-MgO,hmax is so small that this feature

is not well visible but for the other 4 cases the deviation from the MB and MML models

at small thicknesses is more prominent. The fact that the CSS model can describe the

behaviour below hmax suggests that surface effects dominate the initial stage of the

growth. The values obtained for d are on the order of GPa � nm, which happens to be

on the same scale as was predicted for metals [107].

Stress Relaxation

The data where the stress is decreasing (h > h max ) is �tted with the theoretical models

for strain relaxation. The results of �tting the MB and MML models in comparison with

the MOSS data is shown in �gure 5.4. For the growth of BZC on MgO and SDC on NGO

(�g. 5.4a,b), the MB and MML models are capable of �tting the stress data above hmax .

For the growth of STO on NGO the MB and MML models do not quite �t while for the

�lms that are grown on the buffer layers, they are far off. The BLC model [116] con-

sists of a differential equation for the strain as a function of thickness. An approximate
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Figure 5.4: Comparison of Stress Measurement and Models: The models (eqations
5.1, 5.2 and 5.3) are �t to the stress data shown in �gure 5.3. The MB and MML models
are �t for h > h max , i.e. to the part of the data where the stress relaxes, belowhmax ,
the stress would be constant according to theses models. The Cammarata model is �t
for h < h max . The values used ashmax are indicated for each case. Fitting parameters
are listed in the Appendix A.3.

solution was presented [116], which can model all 6 stress evolution curves abovehmax

within the accuracy of the measurement noise. However, this may simply be due to the

fact that there 4 �tting parameters are used. A polynomial with the same number of

�tting parameters (i.e. 3 rd order) can actually �t the data as well as the BLC model

(Appendix A.3).

The MB and MML model produce basically equivalent �ts which can be taken as an

indication that the elastic energy and the formation energy for dislocations are always

at equilibrium. This hypothesis is supported by the constant curvature after the termi-

nation of the growth (�gure 5.3). Such a behaviour is also known for semiconductors

and is in disagreement with kinetic models where the strain is time dependent (MML

or also the model by Dodson and Tsao [99]) [116,220], so the MML model is excluded

from further discussion. It is possible though, that on longer time scales such as during

cooling, the strain relaxes further to some extent. The general correlation of the in

situ, real-time observation of the growth stress and ex situ strain measurements after

cooling, however, would be a subject for a future investigation.
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To start discussing the separate stress relaxation scenarios, �rst only the �lms deposited

directly on the substrates are considered. Even though the MB model was set up under

the assumption of a layer-by-layer growth, it still seems to works for the SDC on NGO

and the BZC on MgO growth (�gure 5.4a,b). The curvature (�gure 5.3b) increases with

a roughly constant slope (i.e. constant stress, see equation 2.3). Afterwards the curva-

ture becomes gradually constant while the stress decreases. A constant curvature with

increasing thickness means that the total elastic energy of the �lm remains constant

which corresponds to the onset of relaxation in the MB model. Every increase in elastic

energy, that the increasing thickness would cause, is immediately compensated by the

introduction of more dislocations. However, the �tted values of the burgers vector b

are about a factor of 10� 100larger than typically reported for oxides [105,214,215].

Assuming b = 5 Å , � (hc) = F , and hc = hmax in the MB model, the stress would relax

much faster and, a few nm abovehmax , be much smaller than the measured values.

Looking at equation 5.1, b is basically scaling the thickness or time axis, meaning that

a overly large value of b can imply that the relaxation process is occuring slower than

according to the MB model. A reason for such a delay is that the movement of thread-

ing dislocations can be blocked or hindered by interactions among them or by other

crystalline defects [88, 91]. For example, Freund's blocking criterion [103, 104] was

used to explain the strain relaxation of MgO grown on Fe [105].

The SDC �lm on NGO has by far the largesthmax while the lattice mismatch is the small-

est, which is perfectly in line with the MB model. Also, in thin �lms ( 30 nm << h max ),

the strain was very close to the lattice mismatch [140] (chapter 3). Likely, a few in-

terface dislocations nucleated at the interface due to the island growth mode allowing

the average strain to be reduced. Within the framework of the BLC model, the is-

land growth mode could produce a steady dislocation nucleation rate so that the �lm

gradually relaxes. A likely reason why this does not happen is that the island growth

mode is not necessarily driven by the strain alone, but results from the (111) faces

of SDC having a lower surface energy than the (001) face [175]. Taking this into ac-

count and considering the small mismatch, the strain concentrated along the regions

where two islands merge must be small so that the likelihood of dislocation nucleation

is reduced [88, 91, 116]. As suggested previously (chapters 4), the strain in BZC on
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MgO is further away from the lattice mismatch because the probability of dislocations

nucleation between islands is increased by the larger lattice mismatch (table 5.1).

Relaxation Onset in STO Correlating with Change in Growth Mode

The third example of �lm growth directly on a substrate (STO on NGO, �gure 5.4c)

differs from all the other cases. Firstly, STO initially grows in a layer by layer growth

mode with a transition to an island growth mode after � 26 nm (�gure 5.5c) which

becomes more pronounced as the growth continues.

Figure 5.5: Correlation of MOSS and RHEED results for the STO growth on NGO.
The stress and curvature evolution measured by MOSS (a) (the initial stage of the
growth magni�ed in (b)) is shown with the reciprocal space map (c) and the RHEED
pattern(d). The indicated thickness in nm is calculated from the growth rate deter-
mined from a � 40 nm STO �lm and the indicated number of monolayers (ML) is the
thickness divided by the lattice constant of STO (� 3:9 Å). The reciprocal space map
shows the NGO(332) and the STO(103) re�ections. QX kNGO(001)kSTO(100) and
QZ kNGO(110)kSTO(001). The point when the RHEED pattern starts to change from a
layer by layer growth mode to an island growth mode (indicated with a *), the stress
relaxation begins.

This change in growth mode coincides with the onset of stress relaxation, i.e. the re-

duction of the compressive stress afterhmax � 28nm (�gure 5.4, 5.5a). The BLC model
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describes exactly this kind of coupling between the relaxation and the growth mode.

Further, this change in growth mode can now explain the non-homogeneous strain dis-

tribution found by XRD (�gure 2.1c). When islands start to form, the nucleation rate for

dislocations increases and as a result, the part of the �lm below hmax remains strained

while the rest relaxes.

Secondly, the curvature during the growth of the �rst few nm does not change mono-

tonically with the expected sign, but the substrate bends �rst in the opposite direction

during a number of laser pulses that correspond on average to� 1 monolayer (�gure

5.5b). Calculating the stress from the curvature data (eq. 2.3) yields a very large ten-

sile strain during the �rst 1-2 monolayers which can be modelled by the CSS model.

The same feature was observed for the growth of STO on (001)Pd single crystals [141]

and was suggested to result from the bonds in an incomplete unit cell being different

from those in the bulk. Consequently, a different lattice mismatch (and therefore strain

state) arises.

Different Relaxation Behaviour with and without Buffer Layer

Comparing the �lms grown on the substrates with those grown on buffer layers (5.3d-f)

it can be seen that the stress evolution is fundamentally different. During the growth

on a buffer layer, the slope of the curvature changes at aroundhmax , which is re�ected

by a steep drop in the stress right abovehmax . The curvature data of �lms on a sub-

strate has more or less a constant slope in the beginning. This can be seen well in �gure

5.3a when comparing BZC-BZY-MgO (red) with STO-NGO (blue) or when comparing

SDC-SB-MgO (green) with SDC-NGO (orange).

The buffer layers likely contain more crystalline defects than a single crystalline sub-

strate and defects imply sites for dislocation nucleation. So within the framework of

the BLC model, we hypothesise that this leads to the fast relaxation at the beginning

of the growth which is not present in the �lms grown directly on substrates. Unlike

for the �lms grown directly on the substrate, the hmax does not coincide with the point

where the curvature becomes constant. Instead, the curvature becomes constant far

above hmax . As a consequence we suggest that abovehmax the stress relaxation is �rst

dominated by the nucleation of dislocations (the steep drop). The larger density of

defects as compared to the �lms directly on substrates is likely outgrown gradually and
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the slope of the curvature becomes approximately constant (�gure 5.3a). Later, when

the curvature becomes constant, the stress relaxation through the migration of disloca-

tion lines is likely becoming dominant as this feature corresponds to the predictions of

the MB model. The part where the curvature is constant in �gure 5.3a corresponds to

a slightly faster stress relaxation in �gure 5.3b because the curvature is proportional to

� � h (Stoney equation, eq. 2.3). For example, for BZY on BZC-MgO, this happens at

� 90 nm (�gure 5.4d).

Finally, it is interesting to compare the cases 4-6 in table 5.1, that involve different

combinations of BZY and BZC �lms. BZY and MgO have very similar lattice parame-

ters and the strain was shown to correspond to the� � 0:3% lattice mismatch. BZC,

however, grows on MgO with � � 1%stress and the in-plane lattice parameter is closer

to that of BZY and MgO than that of fully relaxed BZC (chapter 4). As a �rst conse-

quence, the lattice mismatch between the BZY buffer layer and BZC (case 5) is larger

than that of the BZC buffer layer and relaxed BZY (case 4). This results in a larger

stress being developed in case 5, as seen in �gure 5.3. As a second consequence, the

lattice mismatch of BZC with MgO and of BZC with the BZY buffer layer is almost the

same. Nevertheless, the stress in BZC grown on MgO is clearly smaller. We suggest

that the growth of a perovskite on a perovskite (BZC on BZY) leads to less interfacial

defects, i.e. more strain, than the growth of a perovskite on a rock-salt structure (BZC

on MgO), even though in the �rst case BZC grows on a buffer layer while in the second

case directly on a single crystalline substrate.

5.4 Conclusion

The stress relaxation was monitoredin situ for several cases of metal oxide epitaxy. The

initial stage of the growth seems to be governed by surface effects as the CSS model

is applicable. For the �lms grown directly on single crystals, the stress evolution data

is explained with theoretical models and shows features that have been reported in

previous studies on epitaxial oxide growth. For example, the stress is preserved up to

a larger thickness if the lattice mismatch is smaller or the onset of relaxation correlates

with the transition from layer-by-layer to an island growth mode. The stress in �lms
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grown on buffer layers likely relaxes through two different mechanisms: We suggest

that the initially steep decrease in stress is dominated by the nucleation of dislocations

(BLC model) while at a larger thickness the migration of dislocation lines begins, caus-

ing a further reduction of the stress (MB model). The different relaxation behaviour

of a �lm on a buffer layer and a �lm on a single crystalline substrate are important

to consider in multilayer heteroepitaxy, which is often employed to investigate strain

effects.
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Chapter 6

Anisotropic Proton and Oxygen Ion

Conductivity in Epitaxial Ba 2In2O5 Thin

Films

This chapter published as

Aline Fluri, Elisa Gilardi, Maths Karlsson1 , Vladimir Roddatis2, Marco Bettinelli3 , Ivano E.

Castelli4 , Thomas Lippert, Daniele Pergolesi, "Anisotropic proton and oxygen ion conductivity in

epitaxial Ba2In2O5 thin �lms", The Journal of Physical Chemistry C, vol 121 (40), pp 21797-

21805, 2017.

Information presented earlier (chapter 1) is omitted here

6.1 Introduction

As discussed in previous chapters, distorting oxygen ion or proton conductors can

change the conductive properties depending on the sign of the strain. Biaxial strain

essentially transforms a cubic to a tetragonal symmetry where the conductivity will

depend on the direction (in-plane vs. out-of-plane). However, in a crystal the conduc-

tion properties can generally depend on the crystallographic direction. Changing the

crystallographic direction of the �lm may hence allow for the systematic tuning of the

1Department of Physics, Chalmers University of Technology, 412 96 Gothenburg, Sweden
2Institute of Materials Physics, University of Göttingen, Germany.
3Luminescent Materials Laboratory, University of Verona, 37134 Verona, Italy
4Department of Chemistry, University of Copenhagen, DK-2100 Copenhagen, Denmark
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material's ion conduction properties [61]. Some SOFC materials show a (defective)

perovskite-related crystal structure, for example layered perovskite cathodes [221]

or acceptor-doped proton conducting electrolytes [10], where oxygen vacancies are

needed either to allow oxygen ion migration or proton uptake from a humid atmo-

sphere. Ba2In2O5 (BIO) shows predominant oxygen ion or proton conductivity, de-

pending on the gaseous environment and temperature range [222–226]. The structure

of BIO is related to a perovskite, but due to the charge of Ba2+ and In3+ cations, not all

oxygen sites of a perovskite can be occupied. Instead, BIO exhibits the brownmillerite

structure (a = 6:0864 Å, b = 16:7903 Å, c = 5:9697 Å [227]) where the cation sub-

lattice is that of the perovskite structure but the oxygen sublattice can be described as

alternating layers of InO6 octahedra and InO4 tetrahedra [226–228]. The points which

would complete the tetrahedron to an octahedron, i.e. the sites where an oxygen ion

would sit in the related perovskite structure, are considered as oxygen vacancies. These

lattice sites are ordered in 1-dimensional chains along the (001) direction in the InO4

planes parallel to the [010] plane of BIO [227–229]. In other words, the BIO lattice

presents parallel oxygen vacancy planes where the vacancies are ordered in oriented

1-dimensional vacancy channels.

The proton uptake occurs by dissociative water vapour absorption with the OH� ions

�lling the oxygen vacancies and the proton bonding to an oxygen ion of the brown-

millerite crystal structure. The oxygen ion conduction occurs via hopping between

adjacent oxygen vacancies, and the proton conductionvia a Grotthuss-type mechanism

where the proton is transferred between oxygen ions or rotates around the oxygen ion,

reorientating its position between two InO 6 octahedra or InO4 tetrahedra [230].

A number of theoretical, X-ray or neutron diffraction, and nuclear magnetic resonance

studies focus on the structural and charge transport properties of BIO, and on the estab-

lishment of an ordered sublattice of both charge carriers, oxygen ions [229, 231–234]

or protons [235–239]. The presence of an ordered charge carrier sublattice would in

principle impose severe restrictions to the charge transport properties and/or induce a

signi�cant anisotropic behaviour of the conductivity of BIO. The latter topic has never

been investigated experimentally so far [221].

Anisotropic oxygen ion conduction occurs in layered perovskite-structured materials,

such as mixed ionic electronic conducting Ruddlesden-Popper phases and brownmil-
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lerites [221,240], and has also been observed in purely oxygen ion conducting mellite

or apatite type single crystals [32, 241–244] and the cubic perovskite SrTiO3 [245].

In lanthanum polyphosphate [246], in hydroxyapatite [247], and in langatate [248]

anisotropic proton conduction was found. The �rst two materials show a tetrahedral

chain-like structure, the latter contains tetrahedral layers and a layered cation sublat-

tice. Thus, these crystal structures are very different from the hydrated brownmillerite

structure of BIO, which exhibits almost a cubic perovskite structure. Further, for Ga-

based oxides with anisotropic oxygen ion conduction, isotropic proton conduction over

the Grotthuss-type mechanism in wet atmosphere has been suggested [242]. The hy-

drated compound of BIO, Ba2In2O6H2, is described by alternating layers of different

types of InO6 octahedra [235,238]. The hydrated material can be dehydrated by a heat

treatment under dry conditions. Of speci�c concern for this work is that the dehydra-

tion process upon heating is a two-stage mechanism. The dehydration starts at around

275� 300� C and is characterised by a homogeneous release of protons over the entire

oxide lattice up to ca. 370� C, whereas upon further temperature increase there is a pref-

erential desorption of protons originating in the nominally tetrahedral layers [239]. At

around 370� C, approximately 50%of the protons have left the structure and at 600� C

the material is essentially dehydrated [239]. Such a non-simple dehydration behaviour

is consistent with different types of proton sites, which were also predicted theoreti-

cally in relation to an order among protons in BIO [235]. Like the order among oxygen

ions, an order among protons suggests potentially different proton transport properties

along different crystallographic directions in the BIO matrix [239].

In response to the signi�cant number of studies that calculate or measure planar order-

ing of oxygen ions and (more recently) protons, the ionic conduction in BIO is char-

acterised here along different crystallographic directions. For this purpose, epitaxial

thin �lms of BIO are grown on differently oriented single crystalline substrates and the

ionic conductivity is measured in-plane. Different gaseous atmospheres result in either

predominant oxygen ion of proton conduction, enabling the investigation of both types

of conduction in a single sample. Any anisotropic behaviour is expected to be differ-

ent for the two charge carrier types since the mechanism of charge transport differs

fundamentally. An anisotropic ion conductivity may allow the systematic tuning of the

conduction properties in a fashion analogous to that attainable via epitaxial strain or
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through changes of crystallinity and/or morphology [221].

It is further noted that BIO exhibits the brownmillerite structure only up to 900� C. For

higher temperature, BIO undergoes a phase transition from orthorhombic to tetragonal

around 925� C and to cubic around 1040� C [227]. In the lower temperature phases of

BIO (below 1000� C) with ordered oxygen vacancies, the intrinsic oxygen ion conduc-

tivity is relatively low, because the ion conductivity not only depends on the availability

of charge carriers, but also on the availability of free, equivalent sites for the charge

carriers to move into. Above 1000� C, the tetragonal to cubic phase transition is also an

order-disorder phase transition since in the high temperature cubic phase vacant and

occupied oxygen sites are equivalent. Therefore, above the phase transition the oxygen

ion conductivity increases by one to two orders of magnitude [223,226]. The disorder

of the oxygen vacancies can be preserved for low temperatures by doping, which leads

to higher conductivities below 900� C [224,226,249].

This study reports the �rst investigation of the anisotropic oxygen ion and proton con-

ductivities of epitaxial BIO �lms. The oxygen ion conductivity is investigated also in

the temperature region across the order-disorder phase transition.

6.2 Methods

The epitaxial thin �lms were grown by pulsed laser deposition (PLD) on single crys-

talline MgO substrates. Differently oriented MgO substrates were employed:10� 5� 0:5

mm3 (001)MgO and (011)MgO and 5 � 5 � 0:5 mm3 (111)MgO. The disc-shaped BIO

pellet, used as target for PLD, was fabricated by solid state synthesis, using starting

reactants of BaCO3 (99:999%) and In 2O3 (99:99%), with two heat treatments at 1300� C

for 24 h, followed by spark plasma sintering at 1050� C, at 75 MPa, for 5 min 5 . A

spot size of the laser on the target of1:9 mm2, a �uence of 1:9 J=cm2, a frequency of

5 Hz and a target to substrate distance of8 cm were used. The system reaches a base

pressure of10� 8 mbar and the ablation was carried out in an O2 atmosphere of 10� 3

mbar. A deposition temperature of 710� C (measured with a pyrometer at the substrate

surface) was applied. With the selected deposition parameters the deposition rate of

BIO was found to be 0:10 nm=s, as determined by X-ray re�ectometry. The thin �lms

5Target provided by M. Bettinelli.
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studied here were 45 � 60 nm thick. The �lms were analysed with X-ray diffraction.

!= 2� scans showing the crystallographic out-of-plane orientation and X-ray re�ectom-

etry yielding the �lm thickness were performed using a D500 Siemens diffractometer.

Reciprocal space maps were recorded in a Seifert diffractometer equipped with a 1D

detector. The chemical composition was probed with Rutherford backscattering using

a 4 MeV He beam. The conductivity of orthorhombic BIO was investigated here along

different crystallographic directions in dry Ar, dry O 2 and in wet atmospheres using

H2O/Ar and D 2O/Ar. Comparing the proton to the deuteron conductivity, it can be

determined whether protons are the main charge carriers [16, 202]. For the electrical

characterisation, electrodes were deposited by magnetron sputtering at room temper-

ature. Rectangular, parallel electrodes form a conduction channel of1 mm length and

4 mm width. The conductivity was measured by impedance spectroscopy with an in-

house made set-up in a tube furnace under a gas �ow (Ar, O2, H2O/Ar, D 2O/Ar). A

Solartron 1260 Impedance gain phase analyser was used with a bias voltage of1 V

in the frequency range between 1 Hz and 1 MHz with integration times of 1 � 5 s.

For measuring the proton or deuteron conductivity, the samples were �rst dehydrated

in dry Ar atmosphere at a temperature of 600� C, then cooled to 400� C. At this tem-

perature, the gas was switched to Ar bubbled through deionised water or D2O (99:9%,

Merck KGaA) and the temperature was decreased with100� C=h to hydrate the sam-

ples. To maximize the degree of hydration, the samples were kept overnight under a

�ow of wet Ar at 250� C. For the conductivity measurements the temperature was not

increased above the growth temperature of 710� C so that the growth-induced order

of the �lm remained unchanged. The lower temperature limit was determined by the

maximal resistance measurable with the set-up (� 500M 
 ). For one sample the tem-

perature range for the conductivity measurements in Ar atmosphere was extended up

to 1000� C after all other measurements were concluded to probe the conductivity in

the temperature range around the orthorhombic to cubic phase transition of BIO.
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6.3 Results and Discussion

6.3.1 Structure and Composition

MgO single crystals are used as substrates for the growth of epitaxial BIO thin �lms.

The cubic perovskite phase of BIO (a = 4:274 Å[227]) exhibits a good lattice matching

for epitaxy with the rock-salt structure of MgO ( aMgO = 4:212 Å). Moreover, MgO is

a highly insulating material (electronic and ionic) and therefore well suited as a sub-

strate for measuring the ion conductivity in thin �lms at high temperatures in-plane, i.e.

along the direction of the substrate surface. Also the orthorhombic perovskite phase of

BIO exhibits good lattice matching with MgO assuming a cube-on-cube growth of the

pseudocubic unit cell of the orthorhombic BIO phase on the cubic unit cell of MgO. In

�gure 6.1 the expected epitaxial orientations and the crystal structure are sketched for

the growth of BIO on (001), (011) and (111) out-of-plane oriented MgO substrates.

The surface lattice of a (001)MgO substrate consists of squares and the double of aMgO

�ts to the (10-1) diagonal of the orthorhombic unit cell of BIO, so that BIO should grow

(101) out-of-plane oriented on (001)MgO (�gure 6.1a,e). Domains will form which

are 90� rotated with respect to each other because the surface lattice of (001) MgO has

a 90� rotation symmetry.

The surface lattice of (011)MgO is rectangular, and the diagonal of the MgO unit cell

�ts best to the lattice parameter c of BIO, while four times aMgO matchesb. As a con-

sequence, an epitaxial �lm of BIO on (011)MgO is expected to be (100) out-of-plane

oriented (�gure 6.1b,f). The surface lattice of (011)MgO only shows a 180� rotation

symmetry, which would allows selecting the direction of the conductivity measurement

to be either parallel (along the (01-1)MgO in-plane direction) or perpendicular (along

the (100)MgO in-plane direction) to the InO 4 planes in BIO. Either ways the orientation

of the vacancy channels would be perpendicular to the direction of conduction (�gure

6.1f).

The surface lattice of (111)MgO is hexagonal. Again assuming the cube-on-cube match-

ing of the pseudocubic BIO unit cell with the MgO unit cell, the BIO �lm on (111)MgO is

expected to exhibit the (240) out-of-plane orientation with three types of domains, cor-

responding to the 120� rotation symmetry of the hexagonal surface lattice of (111)MgO,

as sketched in �gure 6.1c,g.
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Figure 6.1: Crystal Structure and Expected Epitaxial Orientation. The expected
epitaxial orientations of BIO on (001), (011) and (111) MgO substrates are sketched.
a-c) show the atomistic structure of the orthorhombic BIO unit cell (Ba green, In grey
and O red), and the pseudocubic unit cell is indicated (sketched separately also in d).
The planes in the orthorhombic unit cell [101], [100] and [240] are parallel to the
[001], [011] and [111] planes of the pseudocubic unit cell. The positions of the InO 4

tetrahedra planes are indicated with pink lines. The black grids in e-g) show the lattice
of the MgO surface, i.e. the cut of the MgO unit cells parallel to the substrate surface.
The complete unit cell of MgO is shown on the right side of the grids. Assuming the
cube-on-cube growth of the pseudocubic BIO unit cell on MgO, the orientation of the
BIO unit cell with respect to the substrate surface is sketched in e-g) in blue. The InO4

tetrahedra planes (the oxygen vacancy planes) are indicated in pink, the arrows show
the orientation of the 1-dimensional vacancy channels. Due to the rotation symmetry
within the substrate surface lattice (black), the epitaxial order is preserved when the
BIO unit cell is rotated with respect to the MgO substrate normal by e) 90� , f) 180� and
g) 120� . The structures in (a-c) were drawn by I. E. Castelli.
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In the temperature range of the orthorhombic phase, epitaxial BIO �lms were suc-

cessfully deposited by pulsed laser deposition on MgO substrates with (001), (011)

and (111) out-of-plane orientation as shown by the X-ray diffraction analysis of the

thin �lms in �gure 6.2. Rutherford backscattering yielded a Ba:In cation ratio of 0:95

Figure 6.2: XRD Analysis. (a) shows != 2� scans of the epitaxial BIO �lms grown on
(001), (011), and (111) oriented MgO substrates and (b) relevant range of diffrac-
tograms at higher resolution. Substrate peaks are labelled in with asterisks and BIO
re�ection positions based on a powder diffraction pattern [227] are shown as a refer-
ence. (c) shows the reciprocal space map of the BIO(204)/(402) re�ection in the BIO
�lm on MgO(011), once aligned for the expected epitaxial order, i.e. x-rays kMgO(0-11)
and once,90� rotated, with the x-rayskMgO(100).

with an error of 1%, showing a slight Ba de�ciency. The != 2� scans (�gure 6.2a) of
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the BIO �lms only show the re�ections that were expected for the epitaxial growth on

the respective substrates (�gure 6.1), though there is indication for twinning on the

MgO(011) substrate. The epitaxial orientation is further con�rmed by reciprocal space

mapping where in all cases assymetric re�ections were found in the expected angular

range. On the (001)MgO substrate, the (202) re�ection of orthorhombic BIO is visible

as a shoulder of the substrate peak (�gure 6.2b) while the (101) and (303) re�ections

are not visible due to their small relative intensity [227]. The reciprocal space map of

the assymetric (343) and (363) re�ections of BIO is shown in Fig. 6.3a.

On the (011)MgO substrate, the (200)/(002) BIO re�ections are clearly visible while

the (400)/(004) re�ections coincide with the substrate re�ection. Figure 6.2c shows

higher resolution measurements of relevant �lm re�ections. Due to the similarity of the

lattice parameters a and c of BIO the twining is clearly visible, though the (200) re�ec-

tion seems to be shifted to lower 2� values. While c is very close to the diagonal of the

MgO cube,a is larger, so that this shift corresponds to the resulting compressive strain.

To con�rm that there is indeed no 90� rotation symmetry in the BIO �lms on (011) ori-

ented MgO substrates, the asymmetric (240)/(042) re�ection of BIO is mapped with

the X-rays parallel to MgO(0-11) and, rotating the substrate by 90� , with the X-rays

parallel to MgO(100). The latter con�guration showed no diffraction peak, as shown

in �gure 6.2d.

On (111)MgO, the (042) re�ection of the BIO �lm is very close to the substrate re�ec-

tion. The BIO(042) re�ection has a 50 times smaller relative intensity than for example

the BIO(200)/(002) re�ections [227] and would therefore be close to the noise level.

Even using higher resolution and longer integration times (�gure 6.2e), the (042) re-

�ection is barely distinguishable from the noise. As twinning occurs on the MgO(011)

substrate, it may also occur here. However, the (240) re�ection is not stronger than

(042) and coincides directly with the substrate re�ection. Figure 6.3b shows the re-

ciprocal space map of the assymetric (033)(330) re�ection, con�rming the expected

epitaxial relationship.

In summary, though the twinning precludes the characterisation along the 1D vacancy

channels, epitaxial BIO thin �lms were fabricated so that the conduction can be mea-

sured along different crystallographic directions, e.g. parallel or perpendicular to the

oxygen vacancy planes.
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Figure 6.3: RSM of asymmetric BIO re�ections on MgO(001) and on MgO(111).
BIO (343) and (363) on MgO(001) (a) and (033)/(330) on MgO(111) (b) are mapped.

6.3.2 Oxygen ion and proton conductivity of epitaxial BIO �lms

Based on the orientation of the electrodes (�gure 6.4) we have measured the conduc-

tivity � ion along different crystallographic directions in BIO, namely along the (121),

the (100)/(001), the (010) and the (1-20)/(0 21) direction or equivalent, taking into

account the rotation symmetry (�gure 6.1). The (010) direction crosses the oxygen

vacancy planes of the InO4 tetrahedra (pink in �gure 6.1) at 90� .

Figure 6.4: Direction of charge transport. The direction of charge transport lies in
the planes parallel to the MgO substrate surface (black grid), that is, in the BIO[101],
[100]/[001] or in the [240]/[042] planes. The blue area shows the cut of the unit
cell of BIO which is parallel to the substrate surface, as seen in �gure 6.1. The arrows
denote the direction of the charge carriers based on the position of the parallel patch
electrodes.

The (100) and (001) directions are parallel to these planes, but due to the twinning,

the vacancy channels will in some domains be parallel and in others perpendicular to

the direction of conduction. The (121) and (0-21) directions cross the InO 4 tetrahedra

planes at angles of45� and around 75� , respectively. On the MgO(001) substrate, the
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BIO(121) is selected, so that the angle between the tetrahedral planes and the direction

of conduction is the same in both types of domains (which are90� rotated with respect

to each other).

Figure 6.5 reports the conductivity measurements in different gaseous environments.

Conductivity data reported in literature for dry and wet atmospheres are shown in

�gure 6.5a. The measurements were conducted on polycrystalline sintered ceramic

pellets and mostly the bulk conductivity is reported [224–226]. The proton conduc-

tivity in wet atmosphere below 300� is about two orders of magnitude higher than in

dry Ar and dry N2 where BIO shows predominant oxygen ion conductivity. At higher

temperatures (� 600� C), the curve for wet atmospheres merges with those measured

in dry environments due to the dehydration of the sample. The large change in conduc-

tivity at the order-disorder transition of the oxygen vacancy sub-lattice is clearly visible

above 900� C. It is noted that the proton conductivity of BIO has also been reported in

H2-containing gas using nanocrystalline samples (40 nm grain size) [222] where the

conductivity was 4 orders of magnitude higher than measured in water vapour. The

proton uptake from H 2 gas also introduces additional electrons, which along with grain

size effects [222] might explain the higher conductivityIt is noted that the material is

chemically unstable in H2 containing atmospheres above450� C [222].

For the oxygen ion conduction measured in dry Ar, the epitaxial BIO thin �lms show

a conduction behaviour very close to other literature reports [221, 230] of the bulk

conductivity (�gure 6.5b). For the proton conduction measured in wet Ar, the con-

ductivity of the epitaxial BIO �lms lies about two orders of magnitude above the data

reported in literature for the sintered ceramic pellets measured in H2O/air [223, 225]

(�gure 6.5c). For comparison, the conductivity measured for instance along the (121)

crystallographic direction of BIO at 300� C is a factor of � 6 smaller than the bulk con-

ductivity of the well-known proton conducting SOFC electrolyte 20%Y-doped BaZrO3

at the same temperature [34].

The green dashed line in �gure 6.5c reports the total conductivity of BIO polycrystalline

samples [223]. We may thus assume that the much lower conductivity arises from

poorly conducting grain boundary regions, as it is the case for other proton conducting
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Figure 6.5: Oxygen Ion and Proton Conductivity The conductivity in different atmo-
spheres is compared to literature data, (1) [226], (2) [224], (3) [223], (4) [225], for
the conductivity of polycrystalline BIO in dry (solid lines) and water vapour containing
atmospheres (dashed lines) in the temperature range1100� 200� C (a). The temper-
ature ranges investigated for this study in dry and wet atmospheres are indicated by
the areas given by dotted and dashed lines, respectively. The conductivity of the BIO
epitaxial �lms along different crystallographic directions in dry Ar (b) and in wet Ar
(H2O/Ar) (c) are shown. Error bars from the �t of the impedance spectra are indicated
for the points with low conductivity as long as the error bar is larger than the respective
symbol.

oxides [32]. The conductivity of the BIO pellets also depends on sample history [223].

Using polycrystalline pellets, the highest proton conductivity was obtained when the

sample was hydrated for 1000h at 250� C and the conductivity was measured increas-

ing the temperature stepwise [223]. This is similar to our hydration process, except

that thin �lms need much shorter equilibration times. In contrast, hydrating the sam-

ple for 48 h at 600� C and measuring the conductivity during cooling led to the lowest
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proton conductivity [223]. This may explain the low bulk proton conductivity and the

much smaller activation energy measured using sintered ceramic pellets upon cooling

down the sample from a maximum temperature of 1000� C [225] (purple dashed line

in �gure 6.5c). In this last case, proton uptake may still be ongoing during cooling.

The large difference among the reported results certainly demands further investiga-

tion of the grain interior conductivity of BIO. However, we suggest that the conduc-

tivity measured using highly ordered epitaxial thin �lms may be closer to the intrin-

sic grain interior conductivity of fully hydrated BIO. This statement is supported by

the high grain interior proton conduction measured for epitaxial thin �lms of Y-doped

BaZrO3 [32] in the same temperature range used in the present study.

Above 300� C the conductivity no longer increased due to dehydration. Decreasing

again the temperature, the previous conductivity values were recovered with time. The

onset of the dehydration in the epitaxial thin �lms is similar to that reported for poly-

crystalline pellets [223,225].

Figure 6.6: Conductivity in dry O 2 Electrical characterisation in dry O2 compared
to literature data, (1) [226], (2) [224], (3) [223], (4) [225], for the conductivity
of polycrystalline BIO in dry (solid lines) and water vapour containing atmospheres
(dashed lines). Error bars are indicated where it is discernible from the data point.

In dry O2 (see �gure 6.6), the conductivities of the BIO �lms are higher than in dry

Ar which is in agreement with the in�uence of the oxygen partial pressure on the BIO

conductivity in dry environments. It has been argued that the incorporation of ex-

cess oxygen results in p-type electronic conduction [226, 228]. In typical oxygen ion

conductors like doped CeO2 or Y-stabilised zirconia, the conductivity is constant down

to oxygen partial pressures of � 10� 7 mbar around 600� 800� C [250, 251]. In the
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same temperature range, the conductivity of typical proton conductors like Y-doped

BaZrO3 signi�cantly increases for oxygen partial pressures above� 102 mbar (oxygen

partial pressure in dry Ar) [252,253]. This is due to the progressively increased p-type

electronic contribution arising from the incorporation of oxygen ions into the vacan-

cies [253]. In this respect, BIO resembles more closely a typical proton conductor than

a typical oxygen ion conductor.

Comparing the conductivity in H 2O/Ar and D 2O/Ar, the isotope effect is observed for

all three out-of-plane orientations (�gure 6.7). Within the experimental uncertainty,

the effect is the same for the three samples, as should be expected. A difference in ac-

tivation energy of � 0:03(1) eV and a pre-exponential factor ratio ( � 0(H + )=� 0(D + )) of

� 1:00(3) was measured. These values are in the range reported for the bulk properties

of other proton conducting oxides [16, 202]. The fact that � 0 is basically unchanged

shows that the vibrations of the oxygen sublattice determine the attempt frequency for

proton transport rather than the vibrations of the proton-oxygen bond, as expected for

typical perovskite proton conductors [28]. The observation of the isotope effect con-

�rms, as expected from previous reports, that protons are the dominant charge carriers

in a humidi�ed environment.

Figure 6.7: Isotope effect in BIO. The conductivity measured in D2O/Ar (open sym-
bols) and in H2O/Ar (�lled symbols) is compared.

The order-disorder phase transition in BIO is known to occur around 900� 1000� C

[223, 225–227]. This is above the deposition temperature of 700� C, therefore the BIO

�lm may undergo structural changes apart from the structural transition. The �lms may

for example lose the epitaxial ordering in this temperature range. To complete this in-
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vestigation, one sample (conduction along (0-21)) was measured in dry Ar atmosphere

up to 1100� C (�gure 6.8) after all other measurements in dry and wet atmospheres

were completed. Below the deposition temperature of700� C, the conductivity is in line

with the �rst electrical characterisation in the same gaseous environment (light blue

dots in �gure 6.8). This also shows that the measurements in O2, H2O/Ar and D 2O/Ar

did not alter the sample. Raising the temperature above700� C, we did not observe a

sharp transition, as reported in the literature for pellets, but rather a gradual increase

of the slope of the conductivity curve. The slope decreased again reaching a constant

value above about960� C.

Figure 6.8: Phase transition in epitaxial BIO �lms. The conductivity measurement of
the BIO �lm on MgO(111) where the phase transition was probed in dry Ar. The con-
ductivity recorded during heating and cooling is indicated in red and blue, respectively.
The previous measurement with a maximal temperature of 700� C (�gure 6.5c) are
shown in comparison with literature data, (1) [226], (2) [224], (3) [223], (4) [225].
The arrows indicate data recorded during heating and cooling, respectively.

Upon cooling, the conductivity reaches again the same value at� 960� C as during

heating, after that it drops and then approaches the low temperature data, exhibiting a

similar slope as the initial measurement (blue in �gure 6.5b). During cooling, there is

no reason for the �lm to change anymore, so this drop in the conductivity corresponds

to the order-disorder transition. It appears that for thin �lms the transition is not as

sharp as that reported in literature for sintered ceramic pellets [223, 225, 226]. This

different behaviour originates probably from epitaxial constraints through the substrate

or less volumetric constraints out-of-plane.
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6.3.3 Anisotropic Ion Conductivity

As shown in �gure 6.5 the oxygen ion and the proton transport depend on the crystal-

lographic plane along which the conductivity is measured. As an example, the oxygen

ion conductivity at 560� C varies within a factor of � 1:7 among the different crystal-

lographic directions investigated in this study. This effect is far smaller than the effect

of anisotropy reported for example for Pr2NiO4+ � or Nd2NiO4+ � [240]. The structure of

these materials consists of alternating perovskite and rock-salt layers and the conduc-

tivity across the layers is3 � 2 orders of magnitude lower than that along the layers at

around 600� C [240].

For BIO, the activation energy EA and the pre-exponential factor � 0, which determine

the conductivity according to the Arrhenius equation, are compared in �gure 6.9 along

different crystallographic directions for the oxygen ion and proton conductivities. The

data shows that a signi�cant anisotropy can be observed also for the oxygen ion con-

ductivity in BIO. By comparing the conductivity in dry Ar along the (121) and (010)

directions of BIO � 0 decreases by about a factor of� 500and EA by about 0:5 eV.

Figure 6.9: Anisotropy of pre-exponential factor and activation energy. The pre-
exponential factor (a) and the activation energy (b) along different crystallographic
directions (or equivalent, see �gures 6.1 and 6.4) in wet and dry Ar along different
BIO orientations are shown. The angle between the direction of conduction and the
oxygen vacancy planes is indicated on the top x-axis. The in-plane directions (121),
(100) and (0-21) of BIO correspond to BIO(101) kMgO(001), BIO(001) kMgO(011) and
BIO(042)MgO(111), respectively.

As discussed above, the brownmillerite structure of BIO can be visualized as a layered
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structure of alternating layers of InO6 octahedra, where all oxygen ion sites are occu-

pied, and of InO4 tetrahedra where the lattice sites which would complete the tetra-

hedra to octahedra can be considered as oxygen vacancies. The data in �gure 6.9 is

ordered with respect to the angle between the direction of conduction and the oxygen

vacancy planes (see �gure 6.1) along the InO4 layers. Figure 6.9 shows that bothEA

and � 0 have a minimum for conductivity measurements along the (010) direction of

BIO which is perpendicular to the InO6-InO4 layers. This indicates that even though

the potential well to be overcome for hopping along this crystallographic direction is

relatively small (smaller EA ), the probability of hopping is also small (small value of

� 0 which is proportional to the number of free sites an ion can hop into). We conclude

that it is unlikely for an oxygen ion to hop into the InO 6 octahedra layers since, due to

the absence of oxygen vacancies, this would correspond to a correlated jump of another

oxygen ion that simultaneously leaves the layer.

The 1-dimensional vacancy channels along the [101] planes of BIO discussed above

are expected to result in a highly anisotropic behavior of the oxygen ion conductivity

since such vacancy channels should provide preferential conduction pathways [221].

For instance � 0 along BIO(100) was expected to be relatively small since this direction

of conduction is along the vacancy planes of the InO4 tetrahedra (as shown in �gure

6.1f and indicated in �gure 6.9) but perpendicular to the direction of the vacancy chan-

nels. Here, however, the twinning on MgO(011) and the domain formation due to the

substrate symmetry on MgO(001) unfortunately precludes the direct characterization

of the conductivity along the vacancy channels.

The (101) out-of-plane oriented BIO �lm is the case where the 1-dimensional vacancy

channels have the largest vector component parallel to the substrate surface. The angle

between the vacancy channels and the (121) in-plane direction of conduction is45� as

reported in �gure 6.9 in both possible domains of BIO, which are rotated by 90� with

respect to each other (see �gure 6.1 and 6.4). Assuming an overall zigzag migration

path following the vacancy channels through adjacent domains, this is most likely the

reason why � 0 is the largest for the conduction along the (121) direction. For the oxy-

gen ion conduction, the activation energy changes by0:48eV comparing BIO(121) and

BIO(010). A similar change of activation energy along different crystallographic direc-

tions was observed for Pr2NiO4+ � while the activation energy in Nd 2NiO4+ � only varies
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by 0:01 eV [240]. In other examples of anisotropic oxygen ion conduction, the activa-

tion energy differs by 0 � 0:14eV [241,243]. Since � 0 is proportional to the number of

free sites, it was possible to discuss the anisotropy of� 0 based on the order of oxygen

ions. But to gain more insight in the variation in EA between different crystallographic

directions, theoretical simulations should be employed in the future.

The proton conduction is also anisotropic, though to a lesser degree than the oxygen

ion conduction. In wet Ar atmospheres it is observed that � 0 varies by up to a factor

of 5 while EA lays always around 0:6 eV and changes by0:07 � 0:02 eV, i.e. remains

almost constant along the different crystallographic directions (�gure 6.9). Picturing

the Grotthuss-type charge transport in the fully hydrated BIO, which closely resembles

a cubic perovskite, it seems indeed reasonable that similar energy barriers have to be

overcome for jumps along different directions. The fact that the proton conduction is

anisotropic in terms of � 0 is attributed to an ordering of protons discussed in litera-

ture [238,239]. Like the order among oxygen ions, this may restrict the number of free

sites available for jumps in a certain direction.

A similarly anisotropic behaviour as in BIO was found in other experimental studies on

anisotropic proton conduction. In langanate, the activation energy is unchanged while

the conductivity varies by a factor of 1:5 [248]. The non-hydrated langanate also has an

oxygen sublattice of tetrahedral and octahedral layers like the brownmillerite, but the

cation lattice is layered. In polyphosphate materials, which have a structure resembling

chains of tetrahedra, the conductivity also varied by a factor of 5, while the activation

energy changed by0:05 eV [246].

In these two examples the anisotropic behaviour of the proton conductivity arises from

the presence of preferential conduction pathways offered by the host lattice. In BIO

instead, the hydrated structure closely resembles a cubic perovskite and the anisotropic

proton conduction most likely arises from the theoretically predicted proton ordering.

6.4 Conclusion

The anisotropic oxygen ion and proton conduction in Ba2In2O5 is characterized here by

using epitaxial thin �lms and thereby also the �rst investigation of the conductive prop-

erties of epitaxial BIO thin �lms is presented. We �nd that the pre-exponential factor is
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strongly anisotropic for the oxygen ion conduction. Reasons for the anisotropic oxygen

ion conduction are suggested in relation to the order of the oxygen vacancies in the

brownmillerite structure. Combined with the anisotropy of the activation energy, how-

ever, the conductivity in the temperature range under investigation does not strongly

vary along different crystallographic directions. Due to twinning of (100)/(001)BIO

grown on (011)MgO resulting from the similarity of the lattice parameters a and c of or-

thorhombic BIO, the conductivity cannot be probed selectively along the 1-dimensional

oxygen vacancy channels. We do not see at present how to overcome this problem

using epitaxial thin �lms, but it would be possible by growing a single crystal of BIO.

The proton conduction is anisotropic as well which is attributed to an ordering among

protons reported in earlier studies. Nevertheless, a similar degree of anisotropy of the

proton conduction was observed along different crystallographic directions in materials

where proton ordering is not present but where protons �nd preferential conduction

pathways through chain-like or layered structures.
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Chapter 7

In�uence of Micro-Morphology on the

Mechanical Stability of 8YSZ

Electrolyte Membranes in SOFCs

This chapter will be published as part the following publication1

Yanuo Shi2, Aline Fluri, Inigo Garbayo2, J. Jakob Schwiedrzik3, Johann Michler3, Daniele Pergolesi,

Thomas Lippert, Jennifer L.M. Rupp2;4 , "Title do be decided on"

Information presented earlier (chapter 1, section 2.2.2) is omitted here

7.1 Introduction

In previous chapters, ways of tuning the ionic conductivity of SOFC electrolytes were

investigated, but there are other properties that also play a crucial role for the perfor-

mance of an SOFC. Enhancing the properties of solid state ionic conducting thin �lms

plays in general a signi�cant role in the performance optimization of next generation

of energy conversion and information storage devices, as they are a core element in

e.g. solid oxide fuel cells (SOFC) [9, 181, 254], micro batteries [255, 256] or resistive

switching memoristors [257–259]. Especially in micro-SOFCs, where the electrolyte is

a free-standing membrane (see chapter 1), the mechanical stability of the electrolyte is

1This publication is also part of the PhD Thesis by Yanuo Shi
2Electrochemical Materials, Department of Materials, ETH Zurich, Switzerland
3Laboratory for Mechanics of Materials and Nanostructures EMPA Thun, Switzerland
4Department of Materials Science and Engineering, Massachusetts Institute of Technology, USA
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very important. It may depend on the speci�c micro-morphology in terms of the aver-

age grain size, the kind and extent of the grain boundary regions, the low-index surface

Gibbs free energy that determines the shape and facets of the grains and the stress state

of the layer. All these aspects are to some extent related and may be strongly affected

by the processing choice.

Here the possibility of improving the mechanical stability by modifying the thin �lm

growth method is explored. Different micro-morphologies are induced using pulsed

laser deposition (PLD) at an oblique angle � (see section 2.2.2). 8YSZ �lms with dif-

ferent micro-morphologies are deposited on the amorphous surface of sacri�cial Si3N4

layers in the search of morphological features which lead to improved mechanical prop-

erties of the free-standing electrolyte membrane. 8YSZ is chosen for this investigation

since a considerable amount of studies focussed on its use in low- or intermediate-

temperature micro-SOFC in last decade [26,179].

For YSZ, the conventional PLD geometry (� = 0 � ) often results in a straight and colum-

nar micromorphology [260]. Nanoindentation measurements yielded an elastic mod-

ulus of around 278 GPa for such �lms [260]. Recently, Stender et al. demonstrated

that the elasticity of YSZ thin �lms grown on Al 2O3 can be successfully modi�ed by em-

ploying PLD at an oblique angle. Thus, the typically columnar morphology of YSZ thin

�lms on Al 2O3 substrates was modi�ed to zigzag shaped columns (grains inclined by

36� for � � 45� ) which formed a dense �lm. Such �lms were shown to be signi�cantly

more elastic in the out-of-plane direction (resulting in an elastic modulus of around

250GPa) as compared to �lms with the typical straight columns perpendicular to the

substrate[34]. That various zigzag-related micro-morphologies are more elastic than

their straight columnar counterparts has also been demonstrated for other materials

including porous chromium or TiO 2 deposited by sputtering or PLD under glancing an-

gles [261, 262]. The zigzag- or spiral-like winding of the grains can be visualized as

forming "micro-springs", making the material more elastic [263].

Zigzag-like micro-morphologies promise to reduce the brittleness of substrate-supported

oxygen ion conductive �lms, which, we hypothesize, will improve the mechanical sta-

bility in free-standing membranes. It also needs to be clari�ed, how the change in

micro-morphology affects: i. the integration as free-standing membranes for micro-

energy conversion devices and ii. the oxygen ion transfer across a free-standing mem-
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brane. To investigate these points we fabricate and study micro-energy conversion

thin �lm membranes of 8YSZ with three types of micro-morphologies, changing the

grain shape from straight to zigzag and spiral-like through oblique angle deposition

(� = 60� ). The elastic properties are studied with nanointendation. Finally, the ion

conduction properties of membranes were characterized across-plane to study the in�u-

ence of the change in micro-morphology on the ionic transport. The possibility to tune

the elastic properties of ion conducting free-standing membrane has a high potential of

becoming an important building block for the design and fabrication of micro-energy

converters.

7.2 Methods

To microfabricate the free-standing membranes of YSZ, substrates of380 �m thick, 4

in (100) silicon wafers were used which were coated on both sides with 200 nm thick

low-stress Si3N4 layers by low pressure-chemical vapor deposition (LP-CVD, Ceramics

Laboratory, EPFL). In a �rst step, the membrane areas are de�ned on the backside of

the wafer through photolithography (photoresist ma-N1420, micro resist technology

GmbH, Germany) and reactive ion etching (RIE, Oxford Instruments RIE 80+) of the

Si3N4. Subsequent wet etching in a KOH solution (30 mass%) at 90� C for 7 � 8 h re-

moved the Si in the de�ned areas, leaving free-standing Si3N4 membranes of360� 360

�m 5. One such substrate contains an array6 � 6 free-standing Si3N4 membranes. The

survival rate of one sample is de�ned as the percentage of membranes that is intact

after a certain processing step.

240nm thick YSZ thin �lms were deposited by pulsed laser deposition (PLD) on such

substrates in the PLD chamber that allows oblique angle deposition, see section 2.2.2.

A repetition rate of 5 Hz, a spot size on the target of 1:4 mm2 a target to substrate

distance TS of 4 and 5 cm and a �uence of 3 J=cm2 were used. The deposition was

generally carried out in an oxygen partial pressure of 10� 2 mbar at a substrate tem-

perature of 600� C. For an angle of incidence of the incoming particle �ux of 0� , the

substrate faced the target and for60� , the sample holder was tilted. The sample holder

was rotated around the substrate normal to fabricate the zigzag (1� 180� rotated) and

5By Yanuo Shi at ETH Zurich
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the spiral structures (3� 90� rotated). The Si3N4 layers underneath the 8YSZ �lms were

removed by RIE from the back side after the Pt microelectrodes on the front side (cath-

ode) were deposited through shadow masks2. Finally the Pt electrode were deposited

in the backside (anode) as well. Pt microelectrodes were100 nm thick and were de-

posited by electron beam evaporation (physical vapor deposition, Evaporation Plassys

II).

For the characterisation by nanoindentation, � 700nm thick 8YSZ �lms were deposited

(TS = 4 cm) on Al 2O3 substrates, keeping the same rotation intervals as for the240m

thick �lms. Nanoindentation measurements were carried out 6 using a Berkovich tip.

30 experiments were performed on each sample using a Hysitron Ubi (Hysitron Inc.,

USA) in load control up to 3 mN of maximum force, with 10 s loading, hold and

unloading time. This protocol allowed to probe depths smaller than 10% of the �lm

thickness, which eliminates signi�cant substrate effects. After the experiments were

done, curves with unusual shapes indicating unsuccessful experiments were removed

from the dataset. The tip area function was calibrated by indentation in a fused silica

reference sample to different depths and indentation modulus as well as hardness were

measured following the method of Oliver and Pharr [60].

For the electrical characterization7, a custom-made microprobe station was used (Elec-

trochemical Materials Group, ETH Zurich, Switzerland and Everbeing Taiwan), in which

electrically shielded micro-manipulators were equipped for electrochemical impedance

spectroscopy measurement. The temperature can be controlled up to550� C by a hot-

plate with a thermocouple. Besides that, in situ microscopy was integrated for ob-

serving the sample. The AC electrochemical impedance spectroscopy measurements

measurement (equipment by Gamry Instruments, USA) were performed between the

same pins of the electrode pattern, and the bottom electrode in a cross-plane arrange-

ment. The software Z-plot was used to �t the equivalent circuit. The analysis of the

impedance spectroscopy data was carried out as described in [264] the temperature

range 200� C to 400� C was selected for analysis.

6By J. Jakob Schwiedrzik at EMPA Thun
7By Yanuo Shi at ETH Zurich
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7.3 Results

7.3.1 Structural Characterisation

The scanninc electron microscopy images of the cross sections of the 8YSZ �lms fabri-

cated by oblique angle deposition on on Si3N4 coated Si substrates are shown in �gure

7.1. For � = 0 � , a typical, columnar �lm morphology ("straight") is obtained consist-

ing of parallel adjacent pillars oriented perpendicularly to the substrate surface. With

� = 60� , the columns are inclined by 35� with respect to the substrate surface normal

and �lms show the zigzag and spiral-type thin �lm micro-morphology.

Figure 7.1: SEM and Optical Microscopy of Micro-Morphology Types. SEM images
of the cross section of substrate supported �lms and optical microscopy images of the
free-standing membranes with electrodes on top are shown for the straight (a), zigzag
(b) and spiral micro-morphology.

For all three types of micro-morphology, the width of the columns visible in the SEM

images is around10� 20 nm in average. In an earlier study it was shown that there is

no grain boundary at the point where the grains are bent [160]. These 8YSZ �lms are

used for the microfabrication of free-standing membranes. We con�rm that indepen-

dently on the inclination of the grains free-standing membranes of around 240nm in

thickness can be released. The optical microscopy view of the free-standing membranes

with Pt electrodes on top are shown in �gure 7.1b.

X-Ray diffraction (XRD) was used to analyse the crystal structure of the thin �lms.

Because the free-standing membranes are smaller than the X-ray beam of typical thin

�lm diffractometers (as used here) the substrate supported YSZ �lm (i.e. on the Si 3N4

coated Si wafer) dominates the signal, see �gure 7.2a. Analysing the diffraction pat-
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terns of the straight, zigzag and spiral type 8YSZ �lms on substrate, the re�ections

can be assigned to the (111), (200), (220), (311) and (222) re�ections of the cubic

phase [265], but they overlap with the diffraction pattern of the tetragonal crystal

structure.

Figure 7.2: X-ray Diffraction of Substrate Supported Films. (a) XRD diffractograms
of straight, zigzag and spiral-type 8YSZ �lms on Si/Si3N4 substrates (TS = 5 cm). The
reference of cubic YSZ thin �lm from [265] is also added for comparison. Si substrate
re�ections indicated with an asterisk. (b) Relation between strain and the morphology
of the substrate-supported YSZ thin �lms; the error in strain lies around � 0:1%.

The (111) re�ections are stronger for � = 60� , which can be explained as follows: Look-

ing at the Wulff construction of Zirconia [175], the growth will be the slowest along

(111). Interestingly, the angle between the (011) and the (111) direction is � 35� , like

the angle of inclination of the columns under � = 60� . So for tilted grains growing

along (011), the (111) points out-of-plane, as seen in �gure 7.2a. Since 35� > � (011) ,

the expected (011) direction along the tilted grains cannot be probed by XRD since the

re�ected beam hits the substrate.

The positions of the (111), (220) and (311) re�ections are shifted to larger 2� values,

when the micro-morphology of thin �lm is changed from the straight columnar to the

zigzag and to the spiral type (See Supplementary Information S1). ForTS = 4 cm,

the pattern looks very similar and is not shown here. The out-of-plane strain values

in the substrate supported 8YSZ �lms are determined from the 2� value of the (111)

re�ection and shown in �gure 7.2b. The strain is compressive and appears to decrease

from the straight to the zigzag to the spiral-type morphology.
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The in-plane strain which would arise from the thermal expansion mismatch of 8YSZ

[266] and Si [267] during cooling would be tensile, namely 0:4% (assuming the sub-

strate determines the effective expansion). The thermal in-plane strain arising in 8YSZ

on the free-standing Si3N4 [268] membranes would be also tensile, but since the 8YSZ

and the Si3N4 �lms are of comparable thickness, the value would be between 0% and

the thermal expansion mismatch of around 0:6%. Consequently, the compressive strain

in-plane deducted from XRD is most likely induced through the growth mechanism,

e.g. by atomic-peening [166].

7.3.2 Nanointendation

To determine the in�uence of the microstructure on the elastic modulus, nanoindenta-

tion was performed on YSZ �lms deposited on Al2O3 substrates. It can be seen in �gure

7.3 that the hardness of the thin �lm is decreased from 18:6 � 1:9 GPa to 9:0 � 0:2

GPa when the microstructure was changed from straight to zigzag shaped columns of

8YSZ �lm. A further decrease of the hardness to 5:9 � 0:2 GPa is measurable when

the microstructure is changed to the spiral-type con�guration. The elastic modulus E

is changed by up to44%from 302:3� 14:4 GPa to 204:5� 3:7 GPa and 168:5� 4:3 GPa

for a change in micro-morphology from straight to zigzag and to spiral, respectively.

Figure 7.3: Elastic Properties. Hardness and elastic modulus for straight, zigzag and
spiral-type morphologies of 8YSZ �lms on Al2O3 substrate (TS = 4 cm).

The results for the straight and the zigzag morphology are in excellent agreement with

a previous study [160]. The fact that the hardness, a measure for the resistance of

the material against permanent deformation, was reduced, is probably due to the fact
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that in the zigzag and spiral microstructures columnar grain boundaries were more

favourably oriented with respect to the direction of maximum shear stress. This enabled

the sliding along columnar grain boundaries to contribute to the overall deformation

more strongly when compared to the straight columnar micro-morphology.

7.3.3 Stability of Free-Standing 8YSZ Membranes

Surviving the Deposition

Using the deposition parameters of the earlier study (TS = 4 cm, 600� C) [160], no

membranes with the straight morphology survived RIE. Therefore also other deposi-

tion parameters were tested as shown in �gure 7.4a and the parameters where most

membranes survived the electrolyte deposition (TS = 5 cm, 600� C) were found to lead

Figure 7.4: Membrane Stability during Electrolyte Deposition and RIE. (a) The
survival rate of the free-standing membranes is compared between different deposition
conditions. The average survival rate for TS = 5 cm, 600� over different batches is
shown, too. (b) Microfabrication survival rates of the free-standing 8YSZ membranes.

to a decent survival rate of RIE and used henceforth. Looking at the error bar of the

average survival rate for TS = 5 cm, 600� , the difference between the different depo-

sition conditions may not be signi�cant. It is noted that the overall objective of this

study is not to optimise the deposition conditions, therefore this was not investigated

further. It appears, however, that the spiral morphology gives the best and the straight

morphology the lowest survival rate.
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Surviving the Reactive Ion Etching

In �gure 7.4b it is evident that the spiral and zigzag-type micromophologies resulted

in a signi�cantly higher survival rate of around 80% in contrast to a survival rate of

the straight morphology of 20%for TS = 5 cm or of 0% for TS = 4 cm. This trend is

the same as observed for the survival rate of the electrolyte deposition. We conclude,

that the change of the morphology from straight to zigzag to spiral shaped columns

is signi�cantly improving the mechanical stability of the free-standing YSZ electrolyte

membranes. This is attributed to the change in the elastic modulus (�gure 7.3) and

possibly a reduction in strain (�gure 7.2).

7.3.4 Electrical Characterisation

For the increase in stability during the microfabrication to be useful for applications, it

is crucial that the ionic transport is not impeded by the change in micro-morphology.

The oxygen ion conductivity was measured by impedance spectroscopy across-plane,

in the direction of the ion transport in micro energy converting devices on a chip. The

conductivity for all three micro-morphology types is roughly in line with the cross-plane

conductivity reported in a previous study of 8YSZ free-standing membranes [264].

Figure 7.5: Cross-Plane Electrical Characterisation The total ionic conductivity for
the straight, zigzag and spiral shaped column structured free-standing membranes is
shown, as well as literature data for the grain interior of 9.5YSZ [20], for a free-
standing 8YSZ membrane [264] and for a substrate supported 8YSZ �lm fabricated by
PLD measured across-plane [269] (both �lms with a straight columnar morphology).
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This conductivity is by a factor of � 2 larger than the grain interior conductivity re-

ported for 9.5YSZ polycrystalline pellets [20] or the conductivity measured in columnar

(straight) 8YSZ thin �lms across-plane [269].

This difference was not discussed in [264] and at this point one cannot fully exclude

an electronic contribution, but the difference may also be due to different conductive

properties in a free-standing, buckled membrane as compared to a substrate-supported

�lm [181]. Grain interior-like activation energies of around 1:1 eV are determined

from �tting the linearised Arrhenius equation for all membrane structures, in agree-

ment with literature [20,264]. Differences in the conductivity of the 8YSZ membranes

become most apparent in the low temperature area (200� 265� C) and it appears that the

spiral structured membrane exhibits the largest cross-plane conductivity while with the

straight micro-morphology shows the lowest. The error in the conductivity measured

by cross-plane impedance spectroscopy is up to� 10% while for the pre-exponential

factor of the Arrhenius equation (eq. 1.1) it is � 2%, so that these differences may be

considered to be within the error of the measurement.

Grain boundaries in YSZ exhibit a signi�cantly lower ionic conductivity [54]. It may

be speculated that the ionic transport occurs along the grain interior as was also con-

cluded in a study of the cross-plane conductivity of substrate supported 8YSZ thin �lms

with different morphologies [269]. In that case, the conduction path would be longer

for the zigzag and spiral-shaped grains as compared to straight grains by a factor of1:2

(based on the35� tilt of the grains). Since this difference appears to be within the error

of the measurements, it makes sense that no signi�cant difference in the conductive

properties of the three micro-morphologies is detected.

7.4 Conclusion

In conclusion, we designed and fabricated 8YSZ thin �lms with straight columnar,

zigzag and spiral-type micro-morphologies. The variation of morphology from the typ-

ically straight, columnar to the spiral-type results in nearly a 44% reduction of the

elastic modulus. The study on the survival rate during the micro-fabrication of mem-

branes con�rmed the hypothesized increase in mechanical stability in correlation with

the reduced brittleness. Impedance spectroscopy demonstrated that the improved me-
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chanical stability has no negative effect on the ionic transport properties. This opens a

new promising prospect of improving the fabrication yield of free-standing membranes

with high mechanical stability for energy conversion devices like micro solid oxide fuel

cells. In the future, the micro-morphological design of thin �lms has a great potential

to become an important way of tuning the elastic properties of functional oxides in the

application for real micro-energy conversion membranes.
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Chapter 8

Summary and Outlook

8.1 Summary

Tuning the Ion Conduction

When this project started, the magnitude of the strain effect on the oxygen ion conduc-

tion in SOFC electrolytes was discussed widely. The interest in the effect was sparked

by studies that attributed an increase in the oxygen ion conduction by several orders of

magnitude to strain which promised a signi�cant reduction in the operating tempera-

ture of SOFCs. Various reports since then did not clarify the extent of the strain effect

on the ion conductivity, which may be attributed to different experimental approaches

resulting in different side effects. To answer the fundamental question of how much

tensile strain in�uences the oxygen ion conduction in a single crystal, that is to min-

imise potential side effects, epitaxial thin �lms are employed here as model systems

for the single crystalline bulk. Sm-doped ceria (SDC), a typical SOFC electrolyte, was

grown on a double buffer layer of STO and BZO on MgO substrates which provided

an appropriate tensile lattice mismatch while having a negligible contribution to the

electrical characterisation of SDC �lms of severalnm or thicker.

It was found that 0:35%tensile strain improves the oxygen ion conduction in SDC along

the direction of tensile strain by decreasing the activation energy by0:05 eV. Factors

that may produce this effect apart from the strain were ruled out by engineering a set of

samples where interface effects could be separated from strain effects. The morphology

did not signi�cantly differ and the unstrained reference samples showed the conduc-
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tive behaviour of an SDC single crystal. This study on SDC and other relatively recent

experimental reports and theoretical calculations agree on an increase by factors2� 10,

depending on the temperature and the applied strain. This extent of the strain-induced

effect may not result in the grand improvement of the ion conduction by several orders

of magnitude once hoped for, but a doubling of the ion conductivity in SDC implies a

twofold device ef�ciency or a reduction in operating temperature by around 100� C in

the 350� C range.

A similar reduction in operating temperature could in principle be achieved by using

a proton conducting electrolyte like Y-doped BaZrO3 (BZY). For example, the conduc-

tivity of SDC at 400� C is equal to that of BZY at � 300� C. While proton conductors

are a promising alternative as SOFC electrolytes, the in�uence of strain on the proton

conduction has received little attention, unlike for oxygen ion conductors. Compressive

pressure applied to polycrystalline powders was reported to reduce the proton conduc-

tion by increasing the activation energy. Theoretical calculations, however, predict an

increase in proton conduction due to compressive strain, while tensile strain would

reduce it. As a consequence it is highly interesting to study the strain effect in single

crystalline thin �lms and extending the investigation to tensile strain. The question is

whether compressing powders is an appropriate approach to investigate the effect of

lattice distortions on the single crystalline bulk, or whether the theoretical modelling

needs to be modi�ed. The latter is of particular importance for the understanding of

the proton conduction mechanism.

For this purpose, BZY was grown epitaxially in compressive strain on MgO substrates

and in tensile strain on BZC buffer layers on MgO substrates. Two growth platforms

with a negligible contribution to the electrical characterisation, but providing different

tensile lattice mismatches with respect to BZY, were engineered employing the relax-

ation behaviour of the buffer layer. That way, strain and thickness effects on the ion

conduction were separated. The morphology of all samples was comparable, and the

electrical characterisation of the unstrained reference sample showed single crystalline

bulk conductivity. So, like for SDC, the approach of using epitaxial thin �lms as model

systems for single crystals is justi�ed. Importantly, the �nding that tensile strain im-

proves the proton conduction in BZY disagreed with previous calculations while the
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effect of compressive stress observed here agrees with a previous experimental study

on compressed powders. This motivated the reinvestigation of the theoretical simula-

tion of proton conduction in BZY by Aris Marcolongo and Nicola Marzari at EPFL. It was

found that, as reasoned earlier, the proton jumps in the direction of the tensile strain

are impeded. However, when enforcing the effect of proton trapping at the Y dopant,

the out-of-plane hopping was facilitated which increased the overall proton conduction

along the direction of tensile strain.

The investigation of the effect of strain on the proton conduction has proven to be

of a fundamental interest regarding the conduction mechanism. The magnitude of the

strain effect is on a similar scale as in oxygen ion conductors and, in both cases, the

strain only modi�ed the activation energy but not the pre-exponential factor in the

Arrhenius equation. This implies that strain does not modify e.g. the charge carrier

density or the attempt frequencies for ion hopping. In contrast, a reduction of the �lm

thickness reduced the pre-exponential factor, independently of the strain, in both SDC

and BZY.

In SDC, the thickness effect does not correlate with the disorder at the interface, though

a recent theoretical study predicted that dislocations can reduce the ionic conduction

in ceria. Considering that the dislocations are located only immediately at the interface

their effect may not be seen here because the thinnest SDC �lm was13 nm thick. In-

stead, the effect may be related to a local compositional gradient (dopant segregation,

depletion) at the interface or surface. The thickness effect in BZY could be analogous to

that reported for 50%In-doped BaZrO3 where a proton enriched surface layer of� 4 nm

was found, which likely decreases the proton conduction due to the interaction among

the charge carriers.

Neither lattice distortions nor interface effects were found to greatly enhance the oxy-

gen ion or proton conduction. A further option to tune the ionic conduction arises when

a material shows strongly anisotropic ion conduction. As a case study, Ba2In2O5 (BIO)

is investigated, where anisotropic oxygen ion is generally expected but was never char-

acterised. BIO is well known for an order-disorder transition of the oxygen sublattice

occuring at � 900� C from a brownmillerite structure at low temperatures to a cubic
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perovskite. Depending on the gaseous environment, BIO is an oxygen ion or proton

conductor, so that the in�uence of the crystallographic direction on the charge trans-

port can be probed in the same sample for both types of charge carriers.

By growing epitaxial thin �lms of BIO with different crystallographic orientations, the

oxygen ion conduction was found to be strongly anisotropic, with the pre-exponential

factor varying by up to a factor of � 500along different crystallographic direction. This

is attributed to the way oxygen vacancies are ordered in planes, in particular in 1D

chains. While a strongly anisotropic oxygen ion conduction was generally expected,

the anisotropic proton conduction found here was not. We attribute the latter to an or-

der among protons which was suggested in recent reports. The oxygen ion and proton

conduction of BIO were characterised here for the �rst time in epitaxial thin �lms.

The investigation of the anisotropic ion conduction in BIO shows, like the effect of ten-

sile strain, that epitaxial thin �lms are good model systems for single crystals and that

such fundamental investigations are not only interesting regarding ways to tune the

ionic conduction but also to improve or con�rm the understanding of ion conduction

mechanisms.

Strain Relaxation in Epitaxial Oxides

Lattice distortions are not only of interest as a means to manipulate the ionic conduc-

tion but also several other material properties (e.g. multiferoicity). Understanding

the strain state in epitaxial oxide �lms is of high importance for strain engineering, as

shown in the two studies on SDC and BZY. Thein situ stress monitoring with the multi-

beam optical stress sensor, coupled with the analysis of the growth mode by RHEED

was found to be a highly valuable tool for this purpose.

Compared to semiconductor epitaxy, relatively few reports on the mechanism of strain

relaxation in epitaxial metal oxide exist. With this work, several case studies are per-

formed. The strain relaxation of oxide �lms grown on single crystalline substrates was

found to generally agree with previous reports on the strain relaxation in oxides and

established theoretical models for semiconductor heteroepitaxy. Surface stress and sur-

face energy effects on the stress evolution reported for semiconductors or metals are

found to govern the initial stage of the �lm growth also for oxide materials. Epitaxial

�lms grown on epitaxial buffer layers showed a different relaxation behaviour: A faster
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strain relaxation is seen in the initial stage while the later stage resembles the relax-

ation behaviour observed for �lms grown on single crystals. This effect was observed

for the �rst time during this study and may be of crucial importance when studying

strain effects in multilayer heterostructures.

Mechanical Stability of Electrolyte Membrane in SOFCs

The strain and the crystallographic orientation of thin �lm SOFC electrolytes were

shown to in�uence the ionic conduction. Additionally the mechanical properties of

thin �lms can be manipulated through the thin �lm deposition method. Using pulsed

laser deposition at an oblique angle, this was explored as a way to improve the the

mechanical stability of SOFC electrolyte membranes. The mechanical stability is a cru-

cial factor for the application and is more of a challenge for free-standing electrolyte

membrane as in micro-SOFCs, which target the application in themW range, e.g. for

mobile applications.

Since a previous study on 8YSZ showed that a change in the columnar membrane mor-

phology can reduce the brittleness of 8YSZ thin �lms, its in�uence on the mechanical

stability of free-standing 8YSZ membranes is investigated here. Employing oblique an-

gle pulsed laser deposition, the typical columnar morphology was changed so that the

columns are no longer straight along the substrate normal but zigzag or spiral shaped.

In collaboration with Yanuo Shi and Jennifer Rupp at ETH, this is found to increase the

survival rate of the free-standing electrolyte membranes during the micro-fabrication.

The change in the morphology did not signi�cantly in�uence the ion conduction across

the membranes. A spiral-type membrane morphology fabricated by oblique angle de-

position therefore promises to improve the fabrication yield of devices.

8.2 Outlook

Strain effects on the oxygen ion conduction appear to not ful�l the hopes of �nding

"colossal" ion conductivities and studies are converging towards the magnitude of the

effect also determined in this work, with theory and experiment in good agreement for

typical electrolyte materials like YSZ and doped ceria. Hence, the question of by which

magnitude strain can in�uence the oxygen ion conduction seems almost resolved.
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The effect of strain on the proton conduction has a similar order of magnitude as on the

oxygen ion conduction, and its investigation contributes to the development of a theo-

retical model to describe the proton migration in oxides. Recalling that it was crucial

to take the proton trapping effect into account to see the same effect in theoretical cal-

culations as in the experiment, it would be very interesting to study the strain effect in

BaZrO3 doped for example with Sc instead of Y, where the proton trapping is predicted

to affect the proton conduction more severely [38]. Employing a similar principle as in

this work, it could be studied whether the strain effect depends on the magnitude of

the proton trapping effect.

Additionally, the onset of dehydration in BZY observed here in �lms of a few nm occurs

several hundred degrees below the temperature range of the measurement reported on

� 800nm thick BZY �lms [35]. This looks like the onset of dehydration depends on the

�lm thickness, which could be investigated further.

Concerning the thickness dependency of the SDC oxygen ion conductivity, further in-

vestigations would be needed to clarify the reason for the effect, since it does not seem

to be related to the crystalline quality of the interface. Different thicknesses of SDC

could be grown on MgO and on the STO-BZO buffer layer and thickness dependent

compositional analysis would reveal if there is a segregation of e.g. Sm at the interface

or surface.

In regard to the MOSS measurements, it would be intriguing to see if the fast relax-

ation in the initial stage in a �lm grown on a buffer layer also occurs if the buffer layer

has a layer-by-layer growth mode and to extend the investigation to a larger number

of case studies. In all examples here, the buffer layer showed an island growth mode

and the fast relaxation may result from a facilitated nucleation of dislocations on a

three-dimensional surface. As pointed out earlier, the difference in the relaxation be-

haviour during the growth on a single crystalline substrate or on an epitaxial �lm is

important to consider in the growth of multilayer heterostructures. Hence, it would be

very interesting to observe the stress evolutionin situ during the consecutive growth of

alternating layers of two oxides. Will the stress in each bi-layer behave similarly or are

for example the top layers less stressed? The understanding of the behaviour could be

aided by a comparison with literature on the strain relaxation in multilayer heteroepi-

taxy of semiconductors.
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The three topics above address fundamental questions about ways of tuning the ion

conduction and the strain in oxides. Looking towards applications, the implementa-

tion of the zigzag and spiral-type SOFC electrolyte morphologies in a real device and

the characterisation thereof is the obvious outlook of this study. Also the in�uence of

the morphology on the stability during thermal cycling and on the SOFC power output

would be worth studying and the investigation could be extended to other materials.
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Appendix

A.1 Ionic Diffusion in Solids

Fick's �rst law considers the �ux J of particles in one dimension (x). The �ux is related

to a change in concenterationC:

J = � D
@C
@x

D according to random walk theory is:

D = ga2� 0e� EA =(kB T )

with a geometrical factor depending on the crystal structure g, lattice parameter a and

attempt frquency for jumping � 0. The jump rate is � 0e� EA =(kB T ) . For ionic conduction,

D is related to the conductivity � ion as

D =
� ion kB T

Nq2

with the Boltzman constant kB , the number density of charge carriersN and the elec-

trical charge per ion q.

The Arrhenius equation for the diffusivity is

D = D0e� EA =(kB T )

and for the conductivity

� ion =
�
T 0

e� EA =(kB T ) ;
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so that within the framework above,

� 0 =
ga2� 0Nq2

kB
:

The diffusivity is further related to the mean square displacement hr 2i through the

Einstein relation

hr 2i = fDt

with time t and the number of degrees of freedomf (for 3D motion, f = 6).

The above and other concepts for describing the diffusion and further details can be

found in [15].
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A.2 Theory of Elasticity

Stress and Strain Tensor

The stress tensor� is related to the force ~F per area A applied to a plane with normal

vector ~n:

� jk nk = Fj =A

A volume element at rest does not experience a torque, therefore� jk = � kj , i.e. the

stress tensor is symmetric [89].

Stress leads to deformation:~u(~x) describes the displacement of a point~x. Performing a

Taylor expansion of ~u(~x0 + � ~x) around a small � ~x up to �rst order results in

ui ( ~x0 + � ~x) = ui (~x0) + ~r (ui ) � ~x; i = 1; 2; 3:

e = ( @ui
@xj

) i;j =1 ;2;3 is a 3 � 3 tensor. It can be split into a symmetric (� := 1
2(eij � eji )) and

an asymmetric part (e � � ). The symmetric part � is de�ned as the strain tensor. The

asymmetric part results in a pure rotation and is therefore not considered further.

In the one-dimensional case, the situation is much simpler: along a lengthL the overall

deformation is � L , consequently

� =
@u
@x

:

Elastic Constants

For purely elastic deformations, the relationship of stress to strain is linear

� = E � �;

E being the material speci�c Elasticity Module, a constant in 1D and a tensor of 4th

order in 3D. This is Hooke's law in generalised form.

SinceE is symmetric, the notation can be simpli�ed using so-called Voigt indices. Due

to crystal symmetry, certain components of E are constrained to be zero. If the material

is cubic and elastically isotropic, only two independent components ofE remain, called
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Lame-constants:� and � . In this case Hooke's law is

� ik = �� ik

X

i =1

= � ii + 2�� ik

Further Hooke's law can also be inverted (i.e. �nd E � 1. E � 1 has again two independent

components, namely the Young's modulusY and the Poisson ratio� . The components

are related as

� =
�

2(� + � )
; Y =

� (2� + 3� )
� + �

:

From � = E � 1 � � for cubic, not necessarily isotropic crystals, assuming thex and y

directions are equivalent, one obtains

� = �
d�xx

d�zz
= �

d�yy

d�zz
:

In the case of a cubic crystal

� =

0

B
B
B
B
B
B
B
B
B
B
B
B
B
B
B
@

C11 C12 C12

C12 C11 C12

C12 C12 C11

C44

C44

C44

1

C
C
C
C
C
C
C
C
C
C
C
C
C
C
C
A

� �;

with C11 = (1� � )Y
(1� 2� )(1+ � ) , C12 = �Y

(1� 2� )(1+ � ) and C44 = 1
2(C11 � C12) = 1

2Y 1
1+ � . Consequently,

� xx = Y
1� � .

It is noted that, considering a cubic crystal and choosing the coordinate system par-

allel to the crystallographic axes, shear components of strain and stress must be zero.

Therefore the crystallographic axes are equal to the principal axes of the stress and

strain tensors.

The above and further details can be found in [89,108].
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A.3 Fitting Parameters for Chapter 5

Matthews and Blakeslee Model [96]

� MB = c1
b
h

(Ln
h
b

+ 1)

Sample c1 [ GPa] b [ nm] F [ GPa] hmax

SDC on NGO 2.70 28.80 1.7 � 100
STO on NGO -8.5 16.64 -7.4 � 28
BZC on MgO -2.12 7.31 -1.1 � 31
BZY on BZC-MgO 2.52 11.97 2.6 � 7
BZC on BZY-MgO -6.03 6.67 -5.1 � 2
SDC on SB-MgO 1.35 10.56 1.5 � 7

Table A.1: Fit Parameters for Matthews and Blakeslee Model. Additionally, the maximal
stress valueF and the thicknesstmax after which the stress decreases are listed.

Matthews, Mader and Light Model [95]

� MML = F � (F � c2
b
h

Ln
h
b

)(1 � e� (ah)

Sample c2 [ GPa] b [ nm] a [ 1=nm] F [ GPa] hmax

SDC on NGO 6.31 13.64 >> 100 1.7 � 100
STO on NGO -23.11 6.12 0.945 -7.4 � 28
BZC on MgO -5.76 2.69 >> 100 -1.1 � 31
BZY on BZC-MgO 6.52 4.85 0.129 2.6 � 7
BZC on BZY-MgO 16.40 2.49 >> 100 -5.1 � 2
SDC on SB-MgO 3.56 4.13 0.193 1.5 � 7

Table A.2: Fit Parameters for Matthews and Blakeslee Model. Additionally, the maximal
stress valueF and the thicknesstmax after which the stress decreases are listed.

Cammarata Sieradzki and Spaepen Model [110]

� CSS = F +
d
h
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Sample F [ GPa] d [ GPa � nm]
SDC on NGO 1.7 0.8
STO on NGO -7.4 4.8
BZC on MgO -1.1 1.7
BZY on BZC-MgO 2.6 0.7
BZC on BZY-MgO -5.1 0.1
SDC on SB-MgO 1.5 0.6

Table A.3: Fit Parameters for Matthews and Blakeslee Model. Additionally, the maximal
stress valueF and the thicknesstmax after which the stress decreases are listed.

Beresford, Lynch and Chason Model [116]

The reduction in strain is set to f � � = b=(2 � average dislocation spacing), the factor

2 arises form the dislocation geometry. � norm := �=f . The model yields for thickness

h >> h c

� norm = f � � �
0;norm + 2f � (

�
b

(h � h0) � �b(
ns0

b
�

�
b

)(1 � e� (h� h0 )=(�b ))g� 1=�

where h0 is the thickness where the relaxation starts and � 0;norm = � norm (h0). The

meaning of parameters � , � , � and ns0 can be found in reference [116], the purpose

here is to rewrite the expression above to obtain� (h): � = E� = Ef � norm and setting

F = Ef � 0;norm and h0 = hmax as in relation to the stress measurements, and rede�ning

unknown variables as � 0 = �b, � 0 = 2E � � f 1� � ��=b , n = 2E � � f 1� � ��b (ns0=b� �=b), it

follows that

� = F f 1 + F � (� 0(h � hmax ) � n(1 � e� (h� hmax )=(� 0)))g� 1=� :

This equation was �t to the stress data h > h max . For a resulting set of �tting parame-

ters, 3-4 digits after the comma may be necessary for the �t to look accurate. Slightly

different starting values for the �tting parameter result in a different set of �tting pa-

rameters, but of similar magnitude and looking as accurate. For obtaining the �tting

parameters below, starting values of� = 1, � 0 = 0:1, n = 100 and � 0 = 1000 are used.
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Sample a � 0 n � 0 F [ GPa]
STO on NGO 1.415 0.056 113.183 2031.1 -7.4
BZY on BZC-MgO 7.203 0.125 208.398 1665.3 2.6
BZC on BZY-MgO 5.741 0.004 8.867 2240.7 -5.1
SDC on SB-MgO 3.160 0.807 1201.34 1559.9 1.5

Table A.4: Fit Parameters for the Beresford Lynch and Chason Model.

Fitting the stress data for BZY-BZC-MgO for example with the polynomial a + bx +

cx2 + dx3, i.e. with the same number of �tting parameters as the BLC model, yields

a = 3:14743GPa, b = � 0:0707664GPa, c = 0:000938759GPa, d = � 4:28076� 10� 6

GPa. The BLC model and the polynomial �t are compared for this example in �gure

A.1.

Figure A.1: BLC model and 3 rd order polynomial �t. The BLC model does not give a
a better �t than a polynomial with the same number of variables (orange).
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List of Abbreviations and Symbols

Remark on Notation: The information on the dopant concentration can be included

in the abbreviation, so that for example 8% Y-stabilised zirconia is referred to as 8YSZ

or 20%Y-doped BZY as 20BZY.

BIO Barium indium oxide (Ba2In2O5)
BLC model Beresford Lynch and Chason model
BZC 40%cerium doped barium zirconate (BaZr0:6Ce0:4O3)
BZO Barium zirconate (BaZrO3)
BZY Yttrium doped barium zirconate (e.g. 20BZY, BaZr0:8Y0:2O3� � )
CSS model Cammarata Sieradzki and Spaepen model
D Diffusion coef�cient
E Elastic modulus
EA Activation energy
� Strain
f Lattice mismatch
GDC Gadolinium doped ceria (e.g. 10GDC, Ce0:9Gd0:1O2� � )
h Film thickness
hC Critical thickness
HAADF High angular annular dark �eld
HRTEM High resolution TEM
kB Boltzmann constant
LAO Lanthanum aluminate (LaAlO3)
MB model Matthews and Blakeslee model
MBE Molecular beam epitaxy
MgO-BS Growth platform of strontium titanate grown on barium zirconate

grown on an MgO substrate
ML Mono-layer
MML model Matthews Mader and Light model
MOSS Multi-beam optical stress sensor
NGO Neodymium gallate (NdGaO3)
� Poisson ratio
! Angle between incident X-rays and substrate surface
PIXE Particle induced X-ray emission
PLD Pulsed laser deposition
QX In-plane component of reciprocal lattice vector
QZ Out-of-plane component of reciprocal lattice vector
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RBS Rutherford backscattering
RHEED Re�ection high energy electron diffraction
RSM Reciprocal space map(-ping)
SAED Selected area electron diffraction
SDC Samarium doped ceria (e.g. 15SDC, Ce0:85Sm0:15O2� � )
SEM Scanning electron microscopy
� Stress
� 0 Pre-exponential factor in Arrhenius equation
� ion Ion conductivity
SOFC Solid oxide fuel cell
STO Strontium titanate (SrTiO3)
T Temperature
TEM Transmission electron microscopy
2� Double of the angle between diffraction plane and scattered X-

rays
XRD X-ray diffraction
XRR X-ray re�ectometry
Y Young's modulus
YSZ Yttria stabilised zirconia (e.g. 8YSZ, Zr0:84Y0:16O2� � )
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