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Abstract

Titanium aluminides gained a lot of interest over the last decades due to a

potential weight reduction and increased performance of high temperature

components. Further increasing their performance at high temperatures is a

crucial factor to compete with the heavier Ni-base superalloys. Processing this

class of structural intermetallics using additive manufacturing is also of great

interest to produce novel parts with unprecedented complexity. In this work

an oxide dispersion strengthened (ODS) titanium aluminide alloy is developed

taking into account the non-equilibrium conditions during beam-based additive

manufacturing. In order to understand the influence of cooling rate and

composition on microstructure formation, rapid solidification experiments on

binary Ti-Al and ternary Ti-Al-Nb and Ti-Al-Mo alloys are performed using a

novel experimental liquid droplet quenching technique. In combination with in

situ X-ray diffraction experiments at a synchrotron light source, the observed

behavior of Ti-Al-(Nb, Mo) is mapped and compared to thermodynamic

simulations based on the CALPHAD approach taking into account the non-

equilibrium nature of the process. Based on this fundamental study, a matrix

alloy is selected for production of ODS titanium aluminide by mechanical

alloying. Consolidation tests using spark plasma sintering, selective laser

melting and direct metal deposition show the influence of the processing route

on the formed microstructure and the resulting dispersoid size. Apart from

the effects of alloy composition and ODS particle addition on microstructure

and processing also the influence on mechanical performance and degradation

behavior is studied. Compared to the dispersoid-free alloy, the ODS variant is

superior in terms of yield stress and ultimate tensile strength at 293 to 1073 K

as well as more oxidation resistant. Finally it is demonstrated that complex

lattice structures can be produced from the ODS alloy by selective laser

melting. Additionally, the beneficial effect of adapted re-scanning strategies

on the occurrence of cracking is discussed.
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Zusammenfassung

Seit rund drei Jahrzehnten sind Titanaluminide sind im Fokus der Forschung,

da ihr Einsatz Gewichtseinsparungen und bessere Eigenschaften in Hochtem-

peraturkomponenten verspricht. Eine kontinuierliche Verbesserung dieser

Eigenschaften ist ein entscheidender Punkt um eine Konkurrenz zu den deut-

lich dichteren Ni-Basis Superlegierungen zu schaffen. Die additive Fertigung

dieser Klasse von intermetallischen Strukturwerkstoffen ist zudem seit kurzem

von grossem Interesse um Komponenten mit bisher unerreichter Komplexität

zu produzieren. Im Rahmen dieser Arbeit wurde eine oxid-dispersionsverstärkte

(ODS) TiAl Legierung entwickelt, wobei die Nichtgleichgewichtsbedingun-

gen während der strahlbasierten additiven Fertigung miteinbezogen wurden.

Eine neuartige Methode, basierend auf abgeschreckten Metalltropfen, erlaubt

den Einfluss der Kühlrate als auch der Legierungszusammensetzung auf die

ausgebildete Mikrostruktur in Ti-Al, Ti-Al-Nb und Ti-Al-Mo zu untersuchen.

In Kombination mit in situ Röntgenbeugungs-Experimenten an einer Syn-

chrotronquelle wurde das Verhalten der Ti-Al-(Nb,Mo) Systeme bestimmt

und unter Berücksichtigung der Nichtgleichgewichtsbedingungen der Prozesse

mit thermodynamischen Berechnungen verglichen. Basierend auf dieser Un-

tersuchung wurde eine Zusammensetzung für die Produktion einer ODS

Legierung durch mechanisches Legieren ausgewählt. Konsolidierungstests

mittels Spark Plasma Sintern, Selektivem Laserschweissen und Laserauftrags-

schweissen zeigen den Einfluss des Prozesses auf die Mikrostrukturbildung

und die resultierende Partikelgrösse. Zusätzlich wurde auch der Einfluss der

Oxidpartikel auf die mechanische Festigkeit und Oxidationsbeständigkeit bes-

timmt. Die verstärkte Variante zeigt eine höhere Dehn- und Streck-Grenze

sowie Oxidationsbeständigkeit verglichen mit der unverstärkten Variante. Am

Ende der Arbeit wird die Herstellung von komplexen Gitterstrukturen mittels

Selektiven Laserschweissen demonstriert. Der positive Einfluss von diversen

Wiederaufschmelz-Strategien auf die Rissbildung wird ebenfalls diskutiert.
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1 Introduction

Titanium aluminides and other structural intermetallics have gained a lot

of interest over the last decades due to a potential weight reduction and

increased performance of high temperature components. In the intermetallic

structure combining two light elements, Ti and Al, high mechanical strength

and good creep resistance is paired with a low density. Consequently, titanium

aluminides can compete with established Ni-base alloys in terms of specific or

density-normalized properties (Figure 1.1). These advantages are of special

interest in weight-critical applications as for jet propulsion engines for military

and civil applications. The aerospace industry is thus the strongest force

pushing for novel alloys and commercialization due to the large market volume.

Starting with GE and its GEnx engine family in the past years also Snecma

and MTU recently announced to use titanium aluminides in their next engine
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Figure 1.1: Schematic graph of the specific density and oxidation resistance of
high temperature capable materials considered in weight-critical applications
(Figure adapted from [1]).
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1 Introduction

generation [2, 3]. Starting from binary alloys the state-of-the art alloys are

complex higher-order alloy systems with tailored properties for processing

and use in critical components. While the primary alloy development was

directed towards higher room temperature ductility, recent developments were

driven by demands for higher strength and improved castability or formability.

Modern alloys, such as the Ti-Al-Nb based TNB and Ti-Al-Nb-Mo based

TNM alloy families [4–7] or the recently in jet engines applied GE alloys [2, 8]

are representatives of such castable alloys. The alloys developed so far are

optimized for consolidation by casting or powder metallurgical processing.

These processes involve considerably low cooling rates which are typically

below 100 K/s. Subsequent heat treatments may involve quenching steps

with cooling rates in the order of 400 K/s by water quenching. The emerging

and advancing field of additive manufacturing, however, requires alloys which

are suitable for rapid solidification and subsequent cooling at small melt

pool dimensions and multiple reheating and cooling cycles. While a vast

body of data regarding the phase evolution during high temperature heat

treatments and subsequent quenching is available, only little is known about

rapid solidification at realistic cooling rates for additive manufacturing. The

development of alloys specifically designed for additive manufacturing taking

into account the special requirements for this processes is still an open field.

It has become clear in the recent past that additive manufacturing is not

only a solid free-form production technique, it is also an enabling technology

to produce novel materials which cannot be produced using conventional

processing. This opens a completely new space for material scientists to

create novel materials to fulfill the needs of the modern world for economically,

ecologically and socially sustainable solutions of current and future technical

challenges.The dynamic and fast nature of beam-based additive manufacturing

allows preserving non-equilibrium phases and microstructures throughout the

process. In this way time-dependent material changes can be avoided and for

example heat sensitive diamonds can be preserved to form metal-diamond-

composites [9]. In the case of oxide dispersion strengthened (ODS) alloys the

distribution of oxide particles in the range of tens of nanometers throughout

the alloy matrix needs to be preserved. Entering the liquid state, rapid growth,

2



agglomeration and slagg-off of these particles occurs, typically limiting their

processing to the solid state, for example by extrusion. Recently, additive

manufacturing with its short lifetime of the melt pool and high cooling rates

has been proven to be a novel processing route for Fe-based ODS alloys

[10]. While ODS alloys are well known since decades for their good high

temperature properties, machining of such strengthened alloys is naturally

difficult. Combined with the fact that the solid state extrusion and sintering

techniques can only provide a very limited degree of complexity, ODS alloys

were only applied if there was no alternative. But with a technique at

hand which can provide exceptionally high freedom in geometrical complexity

combined with the beneficial properties of ODS alloys, this old class of alloys

might be right at the threshold of revival.

Conventionally, ODS alloys are typically Fe- or Ni-based due to the widespread

use of their non-strengthened variants as high temperature alloys. With struc-

tural intermetallics starting to compete with established alloys, optimizing

their properties as strength retention and creep resistance at high temperature

becomes an important field of research. While other intermetallic systems have

been studied as ODS variants as ODS FeAl and ODS NiAl, only little is known

on the effects and properties of ODS titanium aluminides. Together with the

emerging processing technology this creates a novel field of research for the

development of ODS titanium aluminides for and by additive manufacturing.
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2 State of the art

In this chapter an insight is given into the current state of knowledge regarding

titanium aluminides. First the constitution of the binary Ti-Al phase diagram

and the phases of interest are discussed followed by the important phase

transformations, the related microstructures and their properties. Then a

section is dedicated to state-of-the-art higher-order titanium aluminides of

commercial interest. Subsequently, the studies on Ti-Al alloys processed

by spark plasma sintering and beam-based additive manufacturing and their

behavior under rapid solidification conditions are presented. As closing part

of the literature review, past studies on oxide dispersion strengthening are

presented. This overview yields then the current research gaps that motivate

this thesis. All compositions given in this work are in atomic percent.

2.1 Constitution of titanium aluminides

Titanium aluminides are a class of intermetallics that has been studied since

several decades and a vast body of knowledge has been collected on an

engineering and fundamental science level. Despite the abundance of data on

alloys of Ti and Al, the binary phase diagram is debated until today. In 1978

Kaufmann and Nestor [12] published the first thermodynamic assessment

combining the experimental data available at this time. From this point

on the phase diagram was re-assessed every one to three years when new

experimental data on phase relations, transformation temperatures and crystal

structures became available. Wider attention was attracted by the assessment

of Murray [13] in 1988 and the experimental phase diagram by McCullough et

al. [14] one year later. In 1992 Kattner and Boettinger [15, 16] published a

binary re-assessment and a preliminary ternary assessment on Ti-Al-Nb, as Nb

was found to be of great importance in TiAl alloys. The growing interest in
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2 State of the art

titanium aluminides then sparked the construction of a large thermodynamic

database for light alloys in 1994 by Saunders [17]. This database is used until

today but it contains inconsistencies which needed to be addressed. Ohnuma

et al. [18] presented an updated assessment two years later. At the same

time a lot of effort was undertaken by Braun and Ellner [19, 20] to study

the binary phases and by Kainuma et al. [21] to establish the ternary phase

relations. These works were the base for the re-assessment by Schuster and

Palm [22] combining all experimental data and previous assessments in 2006.

This data set was then used as the base for further key experiments and

an improved thermodynamic description by Witusiewicz et al. [11] in 2008.

Until today this assessment is the most accurate calculated version of the

Ti-Al binary phase diagram and is used in most higher-order assessment as for

the Ti-Al-Nb [23], Ti-Al-Ta [24, 25], Ti-Al-Cr [26] and recently the Ti-Al-V

system [27]. The currently accepted binary phase diagram of Ti and Al shows
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2.1 Constitution of titanium aluminides

Table 2.1: Designation and crystal structure of Ti-Al phases according to Schus-
ter and Palm [22] considered in the Ti-Al assessment of Witusiewicz et al. [11].

Phase Pearson Space Prototype Struktur-Bericht
designation symbol group structure designation

α, α-Ti hP2 P63/mmc Mg A3
β, β-Ti cI2 Im3m W A2
β0 cI2 Pm3m CsCl B2
α2, Ti3Al hP8 P63/mmc Ni3Sn D019
γ, TiAl tP4 P4/mmm AuCu L10
Ti3Al5 tP32 P4/mbm Ti3Al5 -
η, TiAl2 tI24 I41/amd HfGa2 -
ζ, Ti2Al5 tP28 P4/mmm Ti2Al5 -
ε(h), TiAl3(h) tI8 I4/mmm TiAl3(h) D022
ε(l), TiAl3(l) tI32 I4/mmm TiAl3(l) -
α-Al cF4 Fm3m Cu A1

several disordered, ordered and intermetallic phases (Figure 2.1 and Table 2.1).

The disordered α and β Ti phases show extended solubility for Al at high

temperature. Exceeding these limits, the ordered hexagonal α2-Ti3Al is formed

from the parent disordered α-phase. Around the equiatomic composition,

the γ-TiAl is observed. This phase has a L10 structure with an ordered

(a) (b)

Figure 2.2: Perspective view of the atomic structure of the technically important
Ti-Al intermetallics a) α2-Ti3Al and b) γ-TiAl. Ti atoms are shown in grey, Al
atoms in blue.
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2 State of the art

face-centered tetragonal lattice (see Figure 2.2). A similar crystal structure is

observed in other technically important intermetallic phases as Ni3Al providing

exceptional high-temperature properties to the Ni-base super-alloys. In the

Al-rich part of the phase diagram a multitude of stoichiometric line compounds

and complex intermetallics is found which typically have tetragonal unit cells

containing a large number of atoms (see the numbers in the Pearson symbols

in Table 2.1). However, only the α2-Ti3Al and the γ-TiAl phase have been

found to be of engineering importance, as the other binary phases are too

brittle for an application in critical components [28]. Historically, starting

from the conventional Ti-alloys first the super-alpha alloys containing α2 and

later the so called γ-titanium aluminide alloys based on the γ-phase were

developed [29, 30]. In the compositional space of 42 to 48 at.% Al this

class of structural intermetallics contains as main constituents the γ- and

α2-phases together with additional minor phases in higher order alloy systems,

depending on the specific composition.

2.2 Microstructure formation and related properties

2.2.1 Phase transformations

In the compositional space of interest in titanium aluminides several phase

transformations are observed. These transformations define the microstruc-

ture, the spatial arrangement of the phases, and finally the properties of the

material as reviewed in detail by Appel et al. [31] and shortly summarized

here. The three most important phase reactions are the two high temperature

peritectics L + β → α and L + α → γ at 1764 K and 1729 K, respectively,

and the eutectoid reaction α → α2 + γ at 1392 K [11]. The first peritectic

reaction divides the solidification behavior into three classes: β-solidifying,

hypo-peritectic and hyper-peritectic. Consequently, three different solidifi-

cation paths are observed in the compositional space of interest of 42 to

48 at.% Al: L → L + β → β, L → L + β → L + β + α → β + α and

L → L + β → L + β + α → L + α → α. All alloys form β as primary phase,

but the Al-rich alloys then solidify by α compared to the Al-lean alloys which

8



2.2 Microstructure formation and related properties

solidify by β. This differences then influence already the solidification mi-

crostructure, as the body-centered cubic β prefers the <100> directions while

the hexagonal α solidifies with the [0001] direction aligned with the heat flow

direction. In fully β-solidifying alloys, the α-phase is later on formed according

to the Burgers relation

{110}β || (0001)α and <111>β || <1120> α (2.1)

This yields 12 different variants of α from a single parent β grain. Conse-

quently, the β-solidifying alloys show only slight texture after solidification.

Interestingly the α-phase does not nucleate at the primary β in Al-rich alloys.

Although β is unambiguously the primary phase, α does not take over the

orientation of the primary phase but forms according to its own preferred

[0001] orientation for solidification. Instead of nucleating with the expected

12 different variants from the primary β, a strong texture along [0001]α is

observed after solidification [31]. The parent α decomposes into α2 + γ at

1392 K. As the compositional space of interest is in the hyper-eutectoid

region, γ is precipitated from the parent α already at higher temperature

(see Figure 2.1). The crystallographic orientation of the three phases α,

α2 and γ according to the Blackburn-orientation relationship [32] is

(0001)α2 || {111}γ and <1120>α2 || <110]γ (2.2)

The densely packed atomic layers along (0001)α2 and {111}γ are oriented

parallel and the dense atomic rows along <1120>α2 and <110]γ are aligned.

Due to the anisotropy of the γ-phase only a restricted subset of directions in

the base plane is allowed, whereas all rows on the side faces are incompatible.

Based on this relationship the two phases α2 and γ share atomically flat

and perfect interfaces. With the crystallographic orientation of all phases

being correlated by the Burgers and Blackburn orientation relationships, the

observed microstructure and arrangement of the intermetallic phases α2 and

γ is directly correlated to the microstructure at high temperature of the

disordered parent α and β. Upon decomposition of the parent α typically

a lamellar structure is formed consisting of alternating oriented plates of

9



2 State of the art

α2 and γ. Depending on the texture of the parent α, the texture of these

lamellar colonies is defined. In Al-lean alloys forming 12 α-variants from β the

orientation of the colonies is almost random. In Al-rich alloys having a distinct

texture along [0001]α2 the lamellar structure is typically oriented perpendicular

to the heat flow direction based on the Blackburn relation. Depending on

the cooling rate also lamellar structures oriented parallel to the heat flow

direction are observed. It could be shown that in this case the parent α was

not solidified along [0001] but along <1120> which is oriented perpendicular

to the former one. Consequently, also the intermetallic phases are forming

in an orientation turned by 90° to the normally observed direction under

slow cooling [33]. This allows, in principle, the production of directionally

solidified parts from seed crystals with an aligned intermetallic structure. It

becomes clear that while the Burgers relation and the preferred solidification

directions define the microstructure of the parent α and β, the Blackburn

relation defines the internal structure of the lamellar colonies. Together, the

microstructure formation of titanium aluminides can be understood. Close

control of the solidifying phases and their orientation allows then to influence

the intermetallic microstructure and the properties after solidification.

2.2.2 Microstructures

Metallic alloys are usually not directly applied in the as processed form but

are heat treated to modify the microstructure, form new phases and thereby

control the properties. While the microstructure obtained during the processing

may affect the processability of an alloy, the suitability of an alloy for service

conditions can to a certain extend be optimized by following heat treatments.

For titanium aluminide alloys four different general microstructural classes are

distinguished: fully lamellar, near-lamellar, duplex and near-γ [34–36]. The

fully lamellar microstructure is obtained after a heat treatment in the α single

phase region (T1 in Figure 2.3). Due to the absence of additional phases strong

grain growth occurs. After cooling below the eutectoid temperature the parent

α decomposes into α2 + γ yielding a coarse grained fully lamellar microstructure

with colony sizes up to 1000 µm (Figure 2.4a). A heat treatment close to
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2.2 Microstructure formation and related properties

the α-transus temperature leaves behind γ grains in between the lamellar

colonies after cooling (T2 in Figure 2.3). This is the so-called near-lamellar

microstructure (Figure 2.4b). Between the near-lamellar and duplex structure

a smooth transition is observed. With decreasing heat treatment temperature

to T3 the amount of retained γ is increased leading to a duplex microstructure

consisting of distributed equiaxed γ and lamellar colonies. Due to competing

growth of α and γ at high temperature neither phase can coarsen substantially

and typically grain sizes around 10 µm are observed (Figure 2.4c). The fourth

class is formed when the alloy is heat treated below the eutectoid temperature

yielding a near-γ microstructure consisting of equiaxed γ and α2 located at

the triple points (Figure 2.4d and T4 in Figure 2.3). In titanium aluminide

alloys the α-transus temperature is strongly depending on the composition

(see Figure 2.1). While similar microstructures can be obtained with different

alloys, the corresponding heat treatment temperatures need to be evaluated

individually for every alloy. This effect needs to be taken into account when
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Figure 2.3: Central part of the Ti-Al phase diagram. The temperatures T1 to
T4 to form the four main classes of microstructures according to Leyens and
Peters [34] are indicated together with the α-transus temperature.
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200 mm 40 mm

(a) (b)

(c) (d)

Figure 2.4: The four general classes of microstructures observed in a TiAl alloy
depending on the heat treatment: a) fully lamellar, b) near-lamellar, c) duplex
and d) near-γ adapted from Leyens and Peters [34]. The left side shows an
optical micrograph, the right side a micrograph from electron microscopy. The
scale bars in a) apply for all micrographs.

different alloys are compared in terms of response to heat treatment but also

in terms of resulting properties.

2.2.3 Brittleness and deformation mechanisms

Titanium aluminides like most intermetallics suffer from brittleness at low

temperatures. The three main reasons for brittle fracture are a high yield

strength compared to the cleavage stress, a low number of available slip

systems and weak grain boundaries [37]. The first reason can be understood

on a phenomenological base as cleavage will rule when brittle failure can

occur at lower stress than plastic deformation. As the flow stress typically is
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2.2 Microstructure formation and related properties

reduced with increasing temperature a ductile-to-brittle transition temperature

is observed. Rice and Thomson investigated the evolution of the yield point

and the fracture strength and correlated the latter to the surface energy

γs of newly formed surface by an opening crack, the shear modulus G and

the Burgers vector B [38]. They found a simple rule that brittle fracture

occurs if G · B/γs > 10 and ductile behavior is expected if G · B/γs <
7.5. Consequently, structures with high γ and low B should be preferred.

Structures with reduced modulus may help in terms of ductility but typically

the high stiffness of intermetallics is considered a main advantage. Based

on the Von Mises criterion a material needs five independent slip systems

to undergo an arbitrary deformation [38]. γ-TiAl having a tetragonal L10
structure has only three independent slip systems and thus does not fulfill this

criterion [31]. Grain boundary weakening is typically not an intrinsic problem

of intermetallics but caused by impurities as S, P, Sn or Sb [37]. These

elements weaken the metallic bonds and lead to inter-granular fracture and

low ductility. Interestingly B was found to increase grain boundary strength

in many intermetallics and is thus an important doping element to retain

ductility. The deformation mechanisms in γ-TiAl were investigated as early

as 1974 by Shechtman et al. [39] in Al-rich alloys. Later on also Al-lean dual

phase α2 + γ alloys were considered [40]. Three main elements contribute to

the deformation of γ: ordinary 1/2<110] dislocations, dissociated 1/2<112] and

<011] super-dislocations as well as 1/6<112]{111} twinning. It was observed

that mainly the movement of ordinary dislocations and twinning contribute

to deformation. In the case of dual phase α2 + γ alloys the deformation

at room temperature is mainly confined to the γ-phase while α2 remains

largely defect-free [41]. One of the reasons is that the α2 preferentially

deforms only by {1100} prism glide of 1/3<1120> super-dislocations [42].

Consequently, the residual stresses are higher in α2 compared to neighboring

γ grains as shown by Seiler et al. [43]. This creates internal anisotropy and

enhanced mechanical properties in α2 + γ alloys compared to their monolithic

single phase counterparts [40]. As a consequence only the γ-TiAl based

alloys containing γ and α2 in a controlled microstructure are considered for

application.
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2.2.4 Mechanical properties

The microstructure formation mechanisms in titanium aluminides were debated

over a long time and inspired a lot of fundamental studies leading to a deeper

understanding of the alloy behavior. As discussed before, a multitude of

microstructures can be obtained from the very same alloy. But the determining

factor for an application of titanium aluminides are the resulting properties.

Already 25 years ago in 1991 Kim and Dimiduk [44] published a general

comparison of alloys based on intermetallic Ti-Al with Ni-base super alloys

(Table 2.2). A distinction is made between Ti3Al-based and TiAl-based alloys.

The latter is what we see as modern titanium aluminide alloys whereas the

former ones are not considered as structural intermetallics. However, it is still

interesting to compare the properties as modern TiAl-based alloys are typically

weaker and have lower elongation to fracture at room temperature but are

lighter than the Ti3Al-based alloys and the Ni-base super alloys. At high

temperature also TiAl-base alloys show large elongations up to superplasticity

[45]. The properties of modern dual phase TiAl alloys are to some extent

depending on the phase fractions of the γ- and α2-phases. Both phases

show an anomalous positive temperature dependence of yield stress leading

to superior properties at high temperatures. The super-dislocations present

in both phases have an intrinsically low mobility and in the case of γ a Kear-

Table 2.2: Comparison of mechanical properties of titanium aluminides and
super alloys according to Kim [28].

Property Ti3Al-base TiAl-base Super alloys

Structure (main phase) D019 L10 A1
Density (g/cm3) 4.1-4.7 3.7-3.9 7.9-8.5
Modulus (GPa) 110-145 160-180 206
Yield strength (MPa) 700-990 350-600 800-1200
Tensile Strength (MPa) 800-1140 440-700 1250-1450
Ductility at 298 K (%) 2-10 1-4 3-25
Ductility (%; K) 10-20; 933 10-600; 1143 20-80; 1143
KIc (MPa·m1/2) 13-30 12-35 30-100
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Wilsdorf-like configuration is observed. Consequently, single-crystalline γ and

α2 have their maximum yield stress around 873 K and 1173 K, respectively

[46]. Thus the high temperature strength can be improved in general by

increased amounts of α2. In terms of elongation a ductile-to-brittle transition

is observed for γ at 1100 K. Above this temperature the material has a

ductility comparable to Ni-base alloys, below it the typically low fracture strain

of intermetallic materials is observed. Kim and Dimiduk also constructed a

schematic relationship between microstructure, grain size and the resulting

mechanical properties (Figure 2.5). The implications of this simple figure are

tremendous for the application of titanium aluminides. The alloy composition,

processing technology, heat treatment and the resulting microstructure are

Figure 2.5: The schematic relationships between microstructures of near-
gamma (NG), duplex, near-lamellar (NL) and fully lamellar (FL) Ti-Al and
grain size (GS) as well as the resulting fracture toughness, tensile strength and
elongation (EI), impact resistance (IR), and creep resistance (CR) after Kim
and Dimiduk [44].
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intertwined with the mechanical properties. This makes the understanding of

the effects of alloying elements in Ti-Aluminides so difficult. There is always

the question how the influence of the alloying element can be separated

from the microstructural changes. The duplex microstructure provides highest

elongation to fracture at comparably high strength but suffers from poor creep

resistance at high temperature and a low impact resistance combined with a

low fracture toughness. On the other side of the spectrum lies the fully lamellar

microstructure with superior creep resistance and most important a high impact

resistance and a fracture toughness exceeding 20 MPa·m1/2 [46]. However,

this type has typically lower strength and almost no elongation to fracture.

Located in between the two extremes is the near-lamellar microstructure

providing typically the highest strength together with balanced properties for

creep resistance and fracture toughness. It is known that within each of

the microstructural classes the Hall-Petch-relation holds, predicting higher

yield stress with decreasing grain size [47, 48]. A finer microstructure is

thus generally correlated with higher mechanical strength [46]. The negative

correlation of elongation to fracture and fracture toughness is a specialty of

titanium aluminides which further complicates their use in critical applications

as a more ductile material may be in fact less resistant to fracture. For

generations design engineers selected the more ductile material because of its

usually higher fracture toughness, but in the case of titanium aluminides a

decision needs to be made: What is more important, higher fracture strain

or higher fracture toughness? Depending on the application the answer may

be different and consequently also the choice of alloy and heat treatment

needs to be varied. In most critical applications that are depending on the

observation of a crack before catastrophic failure, a high fracture toughness

should always be preferred over high strength or ductility due to safety reasons.

Consequently, lamellar or near-lamellar microstructures are typically applied

although their strength is inferior to other microstructures.
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2.3 State-of-the-art higher-order titanium aluminide alloys

The development of titanium aluminides has started decades ago and there

have been several waves of research inspired by new findings finally making

these materials promising candidates as structural intermetallics in critical

high temperature components in aerospace engines. The different types of

alloys have been classified into generations according to the time of their

development and their general set of properties by Kim [28] already in 1994.

The first generation of alloys were ternary Ti-Al-V alloys with occasional C

additions. This alloy system is famous for the widely applied Ti-6Al-4V (Ti

Grade 5), which is based on the disordered α- and β-phases. Increasing the

Al content, intermetallic α2 and γ are formed and the first alloyed γ-TiAl

alloys were produced. The following 2nd and 3rd generation alloys were already

higher-order alloy systems with four or more metallic elements. According to

Clemens and Kestler [49] the general composition of 2nd generation alloys

can be summarized as Ti-(45-48)Al-(1-3)X-(2-5)Y-(<1Z), where X = Cr,

Mn, V; Y = Nb, Ta, W, Mo and Z = B, C, Si. The X-elements increase the

low temperature ductility while the Y-elements enhance the static and cyclic

oxidation resistance as well as high temperature strength and creep resistance

[50–53]. The Z-elements are mainly added for grain refinement and thus

enhance the castability of the alloys and produce precipitates for increased

strength [54, 55]. Interactions between elements of the X, Y and Z group

can lead to combined effects as the grain refinement with W and B additions

[56, 57]. This approach is applied in the recent IRIS alloy Ti-48Al-2W-0.08B

used for sintering of turbine blades with outstanding creep properties [58].

The famous GE alloy GE48-2-2 with a composition of Ti-48Al-2Cr-2Nb is

a representative of a 2nd generation alloy due to its additions of Cr and

Nb to enhance room temperature ductility and oxidation resistance. This

alloy has recently been applied as airfoils in the last two stages of the low

pressure turbine in the GEnx turbine for the Boeing 787 and 747-8 aircraft

according to Weimer and Kelly [8]. The airfoils are centrifugally cast to avoid

porosity [59]. However, it took GE over 20 years from patenting the alloy to

the full characterization and approval for application in commercial civil jet
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Table 2.3: Selected state-of-the-art titanium aluminide alloys according to
Kim [28], Appel et al. [31] and Kothari [36].

Alloy name Nominal composition Company / Institute
[at.%]

GE48-2-2 Ti-48Al-2Cr-2Nb General Electric
γ-MET Ti-46.5Al-4(Nb, Cr, Ta, B) Plansee
47XD Ti-47Al-2Mn-2Nb-0.8TiB2 Martin Marietta
γ-TAB Ti-47Al-4(Nb, Cr, Mn, Si, B) GKSS Research Center
ABB Alloy Ti-45Al-2W-0.5Si ABB
TNB-V5 Ti-45Al-5Nb-0.2C-0.2B GKSS Research Center
TNM-B1 Ti-43Al-4Nb-1Mo-0.1B GKSS Research Center

engines [2]. So the GE alloy family remains the only titanium aluminide alloy

generation that has been successfully commercialized for critical aerospace

components so far. Further development towards increased strength and

high-temperature capabilities led to the 3rd generation of titanium aluminide

alloys with an increased Nb content up to 10 at.%. These alloys can also be

further strengthened by precipitates containing the Z-elements. Especially Si

has been found to enhance the creep resistance of the alloys is thus added

in some modern alloys [60]. Additionally, Hf, Zr and rare earth elements

have been used for alloying. These alloys are typically solidifying by the

β-phase to avoid segregation and contain B as grain refiner [61]. Well known

members of these advanced alloys are the TNB (TiAl+Nb) alloys, developed

in Germany and Austria [4, 5] and the TNM (TiAl+Nb+Mo) alloys, published

by Clemens et al. [6, 7] in 2008. However, this new generation of alloys has

not been exploited in engineering so far, according to Clemens and Mayer [35].

TNM alloys show increased deformability and thus offer the possibility to use

conventional hot forming techniques to produce turbine blades. Such blades

shall be used in the future for the engines of the A320neo family produced

by MTU Aero Engines in Germany [3]. Beside casting and hot forming also

powder metallurgical processing can be applied for TNM alloys [62]. However,

the alloying elements Nb and Mo are expensive and thus limit the application

of this alloys to less cost-critical areas. In order to reduce material cost, Liu
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et al. developed Ti-Al-Fe-Mo alloys where Nb is replaced by the potent and

cheap β-stabilizing element Fe [63]. Following the naming tradition researchers

meanwhile claim to develop 4th generation alloys as for example Ti-45Al-5Nb-

2Cr-1Mo-0.5(B,C)-0.2Si by Szkliniarz and Szkliniarz [64]. Taking a closer

look at the alloy composition this is a TNM alloy (TiAl+Nb+Mo) alloyed

with Cr, C, and Si. While the intention of the authors is clear, increasing

plasticity by Cr, deformability by increased β-content by Mo and increased

creep strength by C and Si, their results show poor creep resistance at high

temperature. This is an effect of excessive amounts of β-phase stabilized by

the combined effects of Nb, Mo and Cr. Such interfering effects of alloying

elements make alloy development in titanium aluminides a complicated task

that can only be accomplished with deep understanding of the involved phase

relations. Kastenhuber et al. have recently shown that C and Si alloyed TNM+

alloys with proper β content can have indeed better properties than their

parent TNM variants [65]. A selection of state of the art alloys according

to Kim [28] and Appel et al. [31] which have gained wider interest among

the scientific community are summarized in Table 2.3. Although probably

hundreds of alloys have been experimentally produced over the last decades,

only a few alloys were considered as promising for further research, patenting

and possible applications. It is worth noting that a large part of the research

over the last decade was driven by large aero engine manufacturers. Thus a

lot of research results may have never been published and experimental alloys

may be in use for special applications without the general scientific community

knowing about. The fact that structural intermetallics are of general interest

by defense industry for light weight high temperature applications may further

contribute to extended research behind closed doors.

2.4 Powder-based processing of titanium aluminides

Titanium aluminides have been studied in the past using different processing

routes as for example casting, sintering, extrusion, forging and also laser and

electron beam based additive manufacturing. Today, casting is the state-

of-the-art process to produce turbine blades for aero-engines [2, 8]. But
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powder-based processes have the potential to eliminate inherent problems

of castings like macro-segregation, locally different mechanical properties,

expensive homogenization heat treatments and limited part size [66]. In this

work spark plasma sintering is applied as a solid state sintering technique and

serves as a reference to compare the bulk material to additively manufactured

parts. The state-of-the-art for titanium aluminides consolidated applying

these two powder-based processing routes is discussed in more detail in the

following sections. Additionally, an overview over the current knowledge on

the rapid solidification behavior is given.

2.4.1 Spark plasma sintering

Spark plasma sintering (SPS) is increasingly applied for material consolidation

since 1994. It offers the possibility to consolidate almost every material to full

density and has been used for the production of bulk metallic, intermetallic,

ceramic and composite materials [67]. The process involves the sintering of

powdered material in a die under simultaneous application of pressure and

electrical current. Typically graphite dies are used and pressure is applied

uni-axially together with a pulsed current mode. Due to the Joule heating

effect the material and the die are heated to a dwell temperature controlled

by pyrometers or thermocouples. Characteristics for the SPS process are the

high heating rate up to 1000 K/min, the applied pressure and the effects

of the current. The heating rate influences mainly grain size while higher

pressure increases density. The effect of current is strongly depending on the

material and its conductivity, sensitivity to electromigration and the eventual

creation of local plasma between powder particles.

Titanium aluminides consolidated by SPS have been studied mainly in the

last 15 years. Early works were focused on binary Al-rich Ti-(47-49.8)Al alloys.

It was observed that sintering already starts as low as 925 K but maximum

density is obtained at 1473 K [68]. The mechanical properties of the material

were promising, as a compressive strength of 1963 MPa was observed in Ti-

47Al sintered at 1173 K [69]. Xiao et al. [70] reported 1990 MPa compressive

strength in the same alloy sintered at 1373 K. Compared to casting, the

20



2.4 Powder-based processing of titanium aluminides

SPS process typically retains finer microstructures with superior mechanical

properties. Calderon et al. [71] studied Ti-Al-X, X = Cr, Mn, Fe, alloys

produced by mechanical alloying and sintered at 1373 K. Nanocrystalline

Ti-48Al-2Cr with a compressive strength of 3500 MPa was obtained. In the

same alloy sintered at 1323 K Sun et al. [72] reported a bending strength

above 1 GPa. In order to replace the expensive atomized elemental Ti and Al

powders, Sun et al. [73] also studied powder production from cheap sponge

Ti and chip Al. The consolidated Ti-46Al-2Cr material achieved a bending

strength of 1051 MPa. With progressing alloy development also complex

alloy systems were consolidated. The needed powders were typically not

produced by mechanical alloying anymore but by atomizing of pre-alloyed

material. Ti-46Al-9Nb, a member of the TNB alloy family, was consolidated

from pre-alloyed powder at 1548 to 1573 K yielding duplex and coarsened fully

lamellar microstructures, respectively [74]. The material was inhomogeneous

and retaining the duplex structure was difficult due to a narrow optimum

sintering temperature field. A minimum creep rate of 5·10-8 s-1 at 973 K and

300 MPa was reported. The microstructural control was improved by the

application of higher-order alloys as Ti-44Al-2Nb-2Cr-1B [75]. The material

sintered at 1498 K had a yield stress of 710 MPa, a tensile strength of

890 MPa combined with an elongation of 1.91 %. Despite its promising

strength and microstructure it had poor creep resistance with a minimum

creep rate of 2.37·10-7 s-1 at 973 K and 300 MPa due to an increased content

of β. A slightly lower creep rate of 1·10-7 s-1 was reported for the same alloy

with similar microstructure at the same temperature and stress by Couret et al.

[76]. In the same work spark plasma sintered fully lamellar Ti-47Al-2Cr-2Nb

achieved a creep rate 1·10-8 s-1. Lu et al. [77] studied Ti-45Al-8.5Nb-0.2W-

0.2B-0.1Y, in principle a high-Nb TNB variant alloyed with W and Y, and

obtained maximum density above 1273 K and fully lamellar material at 1473 K.

Depending on the microstructure an ultimate tensile strength of 1024 MPa

and 964 MPa is reported for duplex and lamellar microstructures, respectively.

While most studies focused on the achieved density at various consolidation

temperatures, the resulting microstructures and properties, the detailed SPS

consolidation mechanism was in fact unknown. Jabbar et al. [78] studied
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in detail the densification during SPS of a Ti-47Al-1W-1Re-0.2Si alloy. At

1173 K particle deformation leads to a compaction and full density is achieved

at 1448 K where recrystallization starts. In contrary to the name of the

process, no indications for the formation of local plasma and overheating

were observed. Today more complicated shapes like turbine blade preforms

can be produced using SPS [58]. Voisin et al. consolidated Ti-48Al-2W-

0.08B at 1633 K. The obtained near-lamellar material achieved a yield stress

of 496 MPa, an ultimate tensile strength of 646 MPa combined with an

extremely low creep rate of 3.7·10-9 s-1 at 973 K and 300 MPa. The reference

material in this study, Ti-48Al-2Cr-2Nb (GE48-2-2), achieved a creep rate of

1.1·10-8 s-1 and 1.4·10-7 s-1 at 973 K and 300 MPa in sintered and cast form,

respectively. The processing by SPS already improved the creep properties of

this alloy making SPS an interesting alternative also for established alloys.

2.4.2 Rapid solidification and cooling behavior

From a materials point of view additive manufacturing is the repeated cyclic

fast melting and the following rapid solidification and cooling. Under such

conditions the alloy behavior deviates from the equilibrium state and special

experimental techniques are required to study it. Two classes of techniques are

typically applied to reach such conditions, the nucleation controlled and the

growth controlled methods [79]. An example of the former one is atomization

where nucleants are separated into singled droplets. Nucleant-free droplets

can then experience undercooling and severe non-equilibrium solidification. A

similar effect is observed in levitated and undercooled melts in a nucleant-

free environment. In the latter class melt spinning and surface melting are

considered. Here the nucleation is temporally isolated as the solidification front

lags behind the thermal front and a region of undercooled liquid develops. In

this zone the phase selection is driven by thermodynamic stability and kinetic

factors and may deviate significantly from the equilibrium phase diagram.

Knowledge on alloy behavior under these non-equilibrium conditions is thus

crucial to understand and predict phase selection and microstructure formation

in additively manufactured material.
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Titanium aluminides have been studied over the past 30 years using various

techniques. Atomized Ti-50Al was studied by Graves et al. [80] and Valencia

et al. [81]. Their studies where motivated by the uncertainties regarding the

true nature of the binary Ti-Al phase diagram, but they already observed a

strong dependence of the solidification path on the cooling rate and direct

α → α2 ordering in the absence of nucleation sites. Hall and Huang [82]

applied melt spinning to Ti-(46-70)Al and observed the formation of equiaxed

α2 in Ti-46Al while a lamellar microstructure was found in Ti-48Al. Valencia

et al. [83] used levitation and supercooling to clarify the solidification paths

in Ti-(45,50,55)Al. They observed that β is kinetically preferred over α and

γ at large undercooling. In order to understand the deviation from equilibrium

they constructed phase selection hierarchy maps based on T0 temperatures

estimated from the available phase diagram at that time [14]. Using the same

experimental technique, Anderson et al. [84, 85] later confirmed the formation

of primary β in Ti-(<51)Al at all undercoolings and for Ti-(51-54)Al if the

undercooling exceeds 100 K. Wang et al. [86] observed increased hardness

with increased cooling rate in melt spun Ti-48Al. This effect was attributed

to a structural refinement.

Liu et al. [87, 88] used laser surface remelting on Ti-53Al and observed

a change in solidification path from primary α to primary γ with increasing

solidification velocity. Beside the binary Ti-Al also ternary and higher-order

alloys have been studied using rapid solidification techniques. Venketaraman

et al. [89] observed better ductility and hardness in Ti-Al-Cu(-Nb) due to the

structural refinement. Nb as a slow diffusing element was found to suppress

diffusion-related transformations. The enhanced ductility was attributed to the

presence of β0-phase. Vujic et al. [90] used a hammer and anvil solidification

technique to quench ternary Ti-(50-60)Al-(1-4)(V, Cr, Fe, Co, Ni, Ge) alloys.

The rapid solidification shifted the TiAl phase field from 49-56 to 55-62 at.%.

The alloying elements modified the tetragonal unit cell of γ and increased

ductility by the activation of twinning. Ti-48Al-5B and Ti-48Al-0.5Er were

prepared by Schwartz et al. [91] using splat quenching. The focus of the

study was the feasibility to obtain small dispersed oxides and borides. While

successful in the particle formation, the dispersion was not homogeneous.
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McKamey et al. [92] used melt spun Ti-48Al-0.5Ni to produce powder for

subsequent hot isostatic pressing and obtained a tensile strength of 506 MPa.

The low ductility was explained by Fe and Mo contamination. Levitated and

undercooled Ti-47Al-2(Fe, Cr, Mn) was studied by Wettlaufer and Laakmann

[93]. The different alloying elements lead to similar behavior. Undercoolings

up to 285 K could be obtained while β-solidification was observed when 100

to 150 K were exceeded. The measured solidification front velocity reached

9 to 10 m·s-1 for all alloys. Singh and Banerjee [94] used arc melting on

water-cooled Cu blocks to solidify Ti-(44-50)Al-(2-6)Mo. The slow diffusing

Mo strongly segregated to β and locally stabilized the β0-phase. Shuleshova

et al. [95] applied levitation and undercooling combined with in situ X-ray

diffraction to study solidification in Ti-(45-50)Al-(5-10)Nb. In these alloys

primary β prevailed at all undercoolings. At 300 K undercooling a growth

velocity of up to 20 m·s-1 was measured. Later the same group studied a

larger set of alloys in the Ti-Al-Nb system to clarify the solidification path

[96]. Liu et al. [97, 98] studied the influence of Y additions in melt spun

Ti-46Al-2Cr-2Nb-(0-2)Y. It was found that the rapid solidification increased

the solubility of Y and its addition refined the microstructure and promoted

the formation of massively transformed γ. While α2 is the main phase up to

1 at.% Y, β0 becomes the major phase above 1.5 at.% Y.

Compared to the rather limited set of studies where the material is rapidly

solidified, studies involving rapid cooling in the solid state are reported fre-

quently. Due to the high reactivity, experiments involving the liquid phase

require sophisticated setups while annealing and water quenching can be done

using standard laboratory equipment. For binary Ti-Al most studies involve

annealing in the single phase α phase field and quenching to room temperature.

Wang and Vasudevan [99] observed a high α2 content in Ti-43Al. Massive

γm was observed above 46.54 at.% Al. They found that the massive reaction

α → γm is stopped, as soon as the α → α2 ordering takes place. Jones and

Kaufman [100] determined schematic continuous cooling diagrams based on

quenching experiments in Ti-(40-50)Al. They confirmed the dominance of

direct ordering of α in Al-lean Ti-Al alloys. Yamabe et al. [101] experimentally

measured the T0 temperatures for the α→ α2 transformation in Ti-(40-45)Al.
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They observed a decrease of T0 with increasing Al content. For Ti-45Al

they measured T0 between 1303 and 1333 K. The α-phase is also able to

form twins upon quenching, as observed by Wang et al. [102]. If lamellar

colonies are formed, they have then distinct orientation relationships to the

parent α along the twin directions [103]. Veeraraghavan and Vasudevan

[104] focused on the formation temperature of massive γm in Ti-47.5Al by

a combination of resistivity and temperature measurements. With increased

cooling rate the start temperature of the transformation was decreased. At

18.3 K·s-1 the start temperature for γm was 1313 K, the finish temperature

was 1133 K. The observed finish temperature lies more than 450 K lower than

the equilibrium formation temperature for γ (compare Figure 2.3). Applying

a thermodynamic description for the formation of γm, the same group found

that the growth is governed by interfacial rather than by volume diffusion

[105]. With this knowledge the nucleation was studied in more detail. It was

revealed that γm nucleates on the grain faces rather than edges or corners

of one grain and grows into the opposite grain with an incoherent interface

[103]. This was later confirmed in Ti-46.8Al-1.7Cr-1.8Nb by Dey et al. [106].

The γm nucleates from the parent α according to the Blackburn orientation

relationship. Subsequently growth takes place into the adjacent grain by the

formation of twin-related γ-variants. Nuclei which are misoriented remain

dormant and do not grow [107]. Beside the formation mechanism of γm also

other alloying effects were studied. Xia et al. [108] observed that higher Al

content increases the amount of γm in quenched Ti-48Al-2Cr compared to

Ti-46Al-2Cr-2Nb. The massive transformation only occurs at high cooling

rate, but the amount of γm is reduced again for very high cooling rates

as the α → α2 reaction prevails. Prasad et al. [109] observed the same

effect in quenched Ti-45Al-2Nb-0.4Mn and Ti-45Al-2Nb-2Mn. Alloying with

Mn increased the critical temperature as well as the amount of γm in the

microstructure. By comparing Ti-45Al and Ti-45Al-2Nb-(0-2)Mn it was

concluded that the addition of Nb reduces the amount of γm at high cooling

rates [110]. The influence of impurity O was studied by Huang et al. [111]

in Ti-46Al-8Nb with 500 and 1500 ppm O. The massive transformation was

suppressed by the presence of 1500 ppm O, a strong α stabilizing element.
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Furthermore, the segregation of O to grain boundaries retained some α at

the grain boundaries. The modeling of the formation of γm was recently

performed by Singer et al. [112] using phase-field models and by Gamsjäger

et al. [113] combining density-functional theory, thermodynamic and kinetic

models.

Beside the formation of γm which was studied extensively also the influence

of alloying elements on other microstructural features was investigated. Yang

et al. [114] obtained a larger degree of microstructural refinement with

increasing cooling rate in Ti-46Al-2Cr-2Nb. That this refinement leads

to enhanced mechanical properties was shown by Seo et al. [115] in Ti-

(45,47)Al-2Nb-2Mn-0.8 vol.% TiB2. The addition of B in this alloy was found

to increase microstructural stability at 1073 to 1173 K. B was later found to

increase the critical cooling rate to obtain a certain microstructural feature

in general and to promote the formation of lamellar structures by Jiang et

al. [54]. The influence of Nb and Mo on the stability of β0 was studied by

Stark et al. [116] for Ti-45Al-10Nb and Ti-45Al-7.5Nb-1Mo-0.1B. In the

ternary alloy β0 transforms to a metastable ω”-phase by a simple reaction

involving rearrangement only over short distances. In the Mo containing alloy

this transformation was not observed and it was concluded that even small

amounts of Mo stabilize β0 against transformation.

It can be summarized that the knowledge on rapid solidification is mainly

concentrated on the binary Ti-Al system or selected higher-order alloys. On

the other hand a vast body of knowledge is available on the alloy behavior

and influence of alloying elements on the behavior in solid state quenched

binary and higher-order alloys. Only limited knowledge exists about the rapid

solidification processing behavior of titanium aluminides. For decades all

the development effort was put into enhanced castability and deformability

of titanium aluminides, leaving the rapid solidification behavior of titanium

aluminides an essentially open field. While solid state transformations occurring

under water quenching conditions from the high temperature phases are well

understood and today also can be modeled using thermodynamic data, rapid

solidification and subsequent cooling was only reported scarcely. Furthermore,

the applied experimental techniques as melt spinning and splat quenching
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lead to cooling rates up to 106 K·s-1, which is about two orders of magnitude

higher than reported for titanium alloys in beam-based additive manufacturing

by Ahsan et al. [117].

2.4.3 Additive manufacturing of titanium aluminides

Beam-based additive manufacturing (AM) of metallic powders by local melt-

ing to produce complex 3D objects can be divided into two main groups,

powder-bed and blown-powder based methods. Examples of these approaches

are Selective Laser Melting (SLM) and Direct Metal Deposition (DMD),

respectively. The main features of the SLM process are the deposition of

a thin powder layer from a feedstock over the complete build platform, se-

lectively melting the powder by a scanned laser beam in a defined manner

and deposition of the next layer. Finally, the produced part needs to be

freed of the non-molten powder and be separated from its build plate. Fig-

ure 2.6 schematically shows the SLM process. Detailed solutions as the

powder coating device and feedstock positions vary depending on the machine

f-Q lens

Figure 2.6: Schematic depiction of the SLM process adapted from Empa [118].
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manufacturer. The DMD process essentially consists of a deposition head

including the laser beam in the center and co-axially arranged nozzles for the

powder supply (Figure 2.7). Purging, carrier and shielding gas is used to avoid

clogging of the laser guide, to transport the powder and to provide an inert

environment, respectively. Attaching this build head to a multiple axis robot

stage allows then to move along the trajectories defined by the desired part

geometry. The continuous deposition of material along the defined path finally

forms the 3D object. After processing the part needs cleaning of attached

powder particles and eventually separation from its base structure. DMD

can be applied to curved substrates or pre-existing structures with a complex

shape while deposition in SLM is possible only on a substrate parallel to the

powder-bed surface

In the past several attempts have been reported for additive manufacturing

of titanium aluminides that are summarized in this chapter. Additive manu-

produced part

co-axial nozzles

powder feed system

melt pool

central laser beam

Figure 2.7: DMD processing of a complex shaped object adapted from Empa
[118].
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facturing of titanium aluminide alloys is still at its infancy for several reasons.

First, the titanium aluminides are inherently brittle at low temperature due to

the intermetallic structure which ensures the promising properties at elevated

temperatures. But at lower temperatures the ductility of these materials

is strongly reduced rendering them susceptible for severe cracking during

processing due to thermal stresses. Second, many alloys tend to exhibit

strong segregation already in cast form, an effect which will be probably

further increased with higher cooling rates. In AM this phenomenon is the

cause of hot-cracking, when the remaining liquid phase cannot sustain the

thermal stresses imposed on the solidifying material. Furthermore, titanium

aluminides undergo several solid state phase transformations upon solidifi-

cation and cooling. These transformations may be altered or completely

suppressed at the typical cooling rates of laser based additive manufacturing

techniques and metastable phase relations may be developed (see Section

2.4.2). In 1991 to 1992 Abboud and West [119, 120] studied surface al-

loyed layers with compositions of Ti-(17-36)Al and Ti-43Al up to Ti-80Al.

Due to uncertainties regarding the true nature of the binary Ti-Al phase

diagram at this time, their study contributed mainly to the understanding

of the phase relations. The comparison of the hardness of the laser alloyed

material with cast and quenched material showed drastic differences in the

properties which today can be attributed to the non-equilibrium conditions.

With the availability of various AM technologies, they have been applied also

for TiAl alloys. Nowadays usually excessive preheating is applied to achieve

crack-free TiAl components. The earliest method applied for TiAl material

was blown powder-based DMD promising potential applications for blade

tips to replace conventional welding [121]. Srivastava et al. [122] deposited

Ti-48Al-2Mn-2Nb and observed a fine lamellar structure. The observed γ had

different composition, depending on its formation path directly from the

melt or upon decomposition of the parent α. It was clearly shown that the

obtained microstructure depends on the processing parameters and the fol-

lowing heat treatment [123]. Moll and McTiernan [66] used the similar alloy

Ti-47Al-2Cr-2Nb and obtained fully lamellar microstructures with comparable

properties to cast material. Zhang et al. [124] applied the methodology to
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Ti-48Al-2Nb-0.4Ta and Ti-48Al-2Cr-2Nb and obtained microstructures rich

in α2. After heat treatment at 1173 K fine lamellar structures are observed.

Liu and DuPont [125] reported preheating temperatures of 723 to 737 K to

obtain crack-free deposits using laser metal deposition of Ti-48Al-2Cr-2Nb.

It was clearly shown that although higher energy inputs during processing

reduce the cracking frequency, this effect is limited and external preheating

was needed. Beside DMD also powder-bed based methods, namely SLM

and selective electron beam melting (EBM), have been applied. Inherently,

EBM is applied more frequently, as processing is normally performed under

vacuum and preheating-capabilities are state-of-the-art for EBM machines.

Preheating in SLM conducted in an inert gas atmosphere with typically finer

powder is inherently more difficult. Vilaro et al. [126] have reported suc-

cessful processing trials of Ti-47Al-2Cr-2Nb using selective laser melting and

laser metal deposition using preheated substrates to slow down cooling speed

and enhance the ductility of the alloys. The exact preheating temperature

was not specified. In 2010, Murr et al. [127] used Ti-47Al-2Cr-2Nb for

EBM and obtained a fine duplex structure. Franzen et al. [128] reported

crack-free deposits of Ti-48Al-2Cr-2Nb with a preheating temperature of

1323 K. Biamino et al. [129] used the same alloy and obtained a duplex

structure after heat treatment. Schwerdtfeger and Körner [130] recently

reported preheating temperatures of 1203 K to 1223 K for the same alloy .

It was observed that higher cooling rates increase the amount of α2. Biamino

et al. [131] reported the successful consolidation of Ti-48Al-2Nb-0.7Cr-0.3Si

and the formation of fully lamellar microstructures after heat treatment. The

same research group also used TNMB1 for processing trials in collaboration

with GEAvio and AvioAero for the production of TiAl turbine blades [132].

Tang et al. [133] used an Al-lean Ti-45Al-7Nb-0.3W alloy at high energy

inputs to avoid cracking. Beside the work of Vilaro et al. [126] on SLM

processed Ti-47Al-2Cr-2Nb only a few studies have been published. Recently

Löber et al. [134] processed the TNM-B1 alloy (Ti-44Al-4Nb-1Mo-0.1B) by

SLM. The processing temperature remains unmentioned. A study of SLM

of Ti-44.8Al-6Nb-1Mo-0.1B (TNM family) at elevated temperatures up to

1273 K was published by Gussone et al. [135]. Due to the high preheating
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temperature and energy input by the laser beam excessive Al-losses up to 8

at.% are reported which alter the alloy behavior, microstructure and finally

also the mechanical properties. Beside the powder-based AM techniques

also wire-based methods have been developed. As sourcing of TiAl alloys is

inherently challenging as bulk or powder, producing TiAl wires is prohibitively

expensive and difficult. Consequently, Ma et al. [136] used in situ alloying

of pure Ti and Al feed wires in gas tungsten arc welding. Depending on the

mixing ratio and final composition, different microstructures are obtained.

This method is interesting for larger structures and due to the use of relatively

cheap and easily available starting materials.

From the summarized work it is evident that the 2nd generation alloys,

such as the Ti-48Al-2Cr-2Nb (GE 48-2-2), are mainly applied for processing

trials by DMD and EBM. Only recently the 3rd generation TNM alloys are

applied for SLM and EBM. Published results so far are mainly focused on

processing parameters and obtained microstructures. But the influence of

alloy composition and alloying elements on the rapid solidification behavior

and on additive manufacturing processability is still an open field. Interestingly,

the texture of the produced components was not evaluated in any of the cited

studies. The inherent anisotropy of the intermetallic phases and their distinct

crystallographic alignment make it a necessity to know the texture in the as

processed state (see Section 2.2.1). After initial deposition and solidification,

the material is later partially remelted upon deposition of subsequent layers.

The newly solidifying material grows from an already textured seed layer from

the previous layer. Additionally, the already deposited material is subjected to

fast annealing cycles upon heat extraction from the solidifying top layer. It

remains an open question at this point what texture is formed after additive

manufacturing and how the alloy composition influences it.

2.5 Reinforced titanium aluminides

Although GE48-2-2 (Table 2.3) is the best known representative of the

titanium aluminide alloys which was successfully applied based on its set

of properties, attempts have been made to further enhance the mechanical
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properties and oxidation resistance. While for the 3rd generation of titanium

aluminides mainly high alloying levels are employed which typically enhance

density, the production of composite material offers the possibility to combine

low-density high-strength ceramic material with the intermetallic alloys to

produce intermetallic-matrix-composites (IMC) with superior properties at

high temperatures. In the past IMCs based on TiAl have been developed using

fibers and particles which are shortly summarized in the following sections.

2.5.1 Intermetallic-Matrix-Composites based on TiAl alloys

Composite materials based on a TiAl matrix have been considered since the

development of the first TiAl alloys for high temperature applications. In

order to enhance the strength at high temperature, mainly fiber-reinforced

composites have been studied, as reviewed by Froes et al. [137]. The

factors determining the suitability of a strengthening phase are the similarity

of the coefficient of thermal expansion (CTE) to reduce stresses, chemical

compatibility, a low density, a high modulus of elasticity to ensure load

transfer, high strength at high temperature and good oxidation resistance.

The incorporation of fibers also increases toughness by crack deflection, fiber

pull-out and interface separation retarding crack growth. Regarding the CTE,

the oxides Al2O3, Y2O3 and ZrO2 are similar to the TiAl matrix while SiC and

Si3N4 have significantly smaller CTEs [138]. Interestingly, Ti3Al + Nb/SiC

and TiAl/SiC are the most studied TiAl-based systems [139]. This can be

explained by the availability of fiber material and the superior strength of SiC

fibers. Chemical compatibility with the matrix is essentially stability against

the aggressive TiAl melt. Only a handful of materials is more stable than the

reaction products of Ti and Al with O and N. Minimal reactivity is observed

for rare earth oxides of group III of the periodic system of elements and Al

with the M2O3 stoichiometry [140]. Additionally, TiB2, CaO and Ti5Si3 are

sufficiently stable. However, there is no material that is fully stable against

a TiAl melt in terms of zero dissolution and contamination of the material.

Thermodynamic studies on ZrO2 in contact to TiAl show partial dissolution

of the oxide [141]. However, the solubility limits for TiO2 and Al2O3 are not
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exceeded. Consequently, the matrix is doped with the constituents of the

strengthening phase. An effect to be considered in interpretation of data

from reinforced TiAl alloys.

2.5.2 Dispersion strengthened titanium aluminides

Compared to continuous fibers, strengthening by particles has several ad-

vantages. First and most important, particles are typically much cheaper

than long fibers. Second, the chemical and mechanical compatibility is less

important as the occurring thermal stresses are randomly distributed and the

volume fraction of dispersoids is typically below 10 vol.% [140]. Additions

of oxide particles to intermetallics has been proposed early on for the FeAl,

NiAl and TiAl systems [142]. The ODS NiAl and FeAl systems have been

studied in detail using Y2O3 as dispersed phase [143, 144]. ODS TiAl has

advantages over ODS NiAl in terms of compatibility with the strengthening

particles and a higher melting point of the matrix [140]. But TiAl alloys are

very sensitive to contamination in production and consequently, are considered

as too difficult and are thus not produced.

For titanium aluminides, the best established dispersed strengthening phases

are titanium carbides and borides which either form in situ or are added as

particles to the melt [145, 146]. Gerling et al. [45] reported a significant

increase in strength of the alloys up to 1073 K by such boride additions. The

abundantly used carbides present in the TNB and TNM+ alloy families have

very similar effects but recent studies by Wang et al. [147] show limited

stability at high temperatures exceeding 1073 K. Other approaches also use

alloying with Fe to stabilize additional phases as strengthening dispersoids [148]

or the addition of ductile Nb particles to enhance toughness [149]. Also TiC

has been used to produce Ti-48Al-2Cr-2Nb/TiC composites using DMD [125].

While carbides and borides are well established, little information is available

about oxide dispersion strengthened titanium aluminides. Early attempts using

B and Er additions were published in 1991 by Schwartz et al. [91]. They

reported the existence of Er containing oxides with diameters below 50 nm.

Suryanarayana and Froes [150] later reviewed the addition of Er and Gd to a

α2+β Ti-25Al-10Nb-3V-1Mo alloy to form the corresponding oxides as fine
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particles. A uniform particle dispersion could not be obtained. However, the

reported results indicate enhanced hardness without excessive embrittlement of

the alloys. Later studies by Trivedi et al. [151] used Y additions in GE48-2-2

to form an ODS material by mechanical alloying and hipping. The fine

oxide particles that formed with a uniform dispersion during processing were

identified as Al2Y4O9. In the studied alloy the particles restricted grain growth

up to 1423 K. These results indicate superior properties of ODS titanium

aluminides compared to their non-strengthened parent alloy regarding low and

high temperature strength without losses in fracture toughness and ductility.

Recently, the fabrication of in situ TiAl/Al2O3 composites was reported

[152, 153]. The resulting strengthening effects could be attributed to the

presence of the oxide particles and the reduced grain size. It is evident that

although it is known that ODS TiAl has the potential to provide superior

properties compared to established ODS intermetallics, only a few studies

have been published.

2.6 Aim of the thesis

The literature review presented in the previous sections clearly shows the

existence of several research gaps that need to be addressed for the develop-

ment of ODS titanium aluminides for additive manufacturing. These gaps

are defined and shortly discussed in the following sections.

• Rapid solidification behavior of Ti-Al between 102 and 104 K·s-1 A

novel experimental technique with adjustable cooling rate in the typical

range between 102 and 104 K·s-1 observed for beam-based additive

manufacturing needs to be developed. The technique needs to be inde-

pendent from the availability of material from commercial suppliers and

be suitable for testing of highly reactive material. Assisting simulations

based on computational thermodynamics to evaluate the alloy behav-

ior under non-equilibrium conditions can save experimental effort and

allow to predict alloy behavior. The comparison of computational and

experimental results yields then the accuracy and predictability of the

simulation model.
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• Influence of alloying elements on rapid solidification behavior The
effects of alloying elements on the rapid solidification behavior in the

important range of cooling rates for additive manufacturing are a crucial

point. An experimental base is needed to understand alloy behavior

and to allow the development and selection of TiAl alloys for additive

manufacturing. Being the most important alloying elements in modern

TiAl alloys, the influence of Nb and Mo on microstructure formation and

phase stability is not sufficiently well known at the moment. Applying

the novel framework consisting of an experimental rapid solidification

technique and adapted computational thermodynamics the influence of

Nb and Mo is studied.

• Alloy selection for additive manufacturing While a vast body of knowl-

edge has been generated on the castability of titanium aluminides and

the findings have been applied in alloys of the latest generations (TNB

and TNM families), alloy development towards a higher processability

using additive manufacturing is an open field. Based on the findings

in binary and ternary TiAl alloys, this research gap will be addressed

and the influence of alloy composition on the processed material will be

discussed.

• ODS titanium aluminides produced using powder-based processing
The combination of ODS TiAl alloy powder production and laser-based

processing to produce ODS titanium aluminides is a novel approach to

obtain such material. The combination of premixed powder to form a

complex 3D object out of ODS material using additive manufacturing

offers great potential for the application of new ODS materials. This

approach has not been reported for ODS TiAl. The suitability of TiAl

alloys for this processing route will be studied and the influence of

the consolidation technique on the resulting oxide dispersion will be

addressed.
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• Microstructure and texture of laser-processed titanium aluminides
A solidification sequence leading to a textured solid body will typically

develop an intermetallic structure which is also anisotropic. Finally, the

properties of a part, built by additive manufacturing, will depend on the

texture developing during solidification and solid state phase transfor-

mations. Both are typically depending on the alloy composition. In this

work, processing trials on different TiAl alloys will be compared in terms

of microstructure, texture evolution and elemental distribution to study

the influence of alloy choice and its implications for the incorporation

of oxide particles to produce ODS titanium aluminides.

• Performance of ODS titanium aluminides at elevated temperature
The ODS titanium aluminides are foreseen to extend the range of oper-

ating temperatures of titanium based alloys towards higher temperatures.

To demonstrate a beneficial effect, ODS TiAl needs to maintain a high

flow stress and tensile strength up to high temperature ideally combined

with superior creep properties. It is expected that oxide dispersoids

influence both properties. Due to the absence of ODS titanium alu-

minides so far, data regarding the long term stability against air and

the mechanical properties at high temperatures are not available and

will be part of this work.

• Complex structures from ODS TiAl by selective laser melting Finally,

the possibilities to produce complex shaped lattice structures from ODS

TiAl by SLM will be exploited as an outlook for future studies. In a

first step a parameter screening will be applied to identify a potential

processing window. Layer and bulk deposition will be applied to study

the integrity of the consolidated material. As TiAl alloys typically suffer

from cracking due to residual stresses upon cooling, the effects of

re-scanning of individual layers on the material integrity will be studied.

The application of such a strategy has not been reported for SLM of

TiAl and will be assessed in this work.
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In this chapter the standard experimental and analytical methods applied

in this work are presented. Novel methods developed within this work are

presented in the individual chapters dedicated to the results of this work.

Here, first the materials and consolidation methods are discussed, followed by

materials characterization and testing. At the end of the chapter the applied

computational thermodynamic method is briefly explained.

3.1 Materials and consolidation methods

3.1.1 Materials

In this work two sources of material are used, pure elements in bulk form

and titanium aluminide alloy powders. The pure elements (Al 99.999 %, Ti

99.98 %, Nb 99.95 % and Mo 99.95 %) are supplied by Alfa Aesar, USA, as

slugs or wires and are used for the production of experimental alloys by arc

melting. The titanium aluminide alloy powders are produced and supplied by

Table 3.1: Titanium aluminide alloy batches studied in this work.

Batch Nominal composition Particle size Lot
No. [at.% / mol.%] [µm] No.

P-1 Ti-45Al-3Nb 45-106 OX-LMD-3A01-01
P-2 Ti-48Al-2Cr-2Nb 45-106 -
P-3 Ti-45Al-3Nb-<0.2Y2O3 10-45 OX -SLM-3A03-01
P-4 Ti-50Al 46-106 g-TiAl OX-LMD-3B01
P-5 Ti-45Al-3Nb-<0.2Y2O3 10-45 OX-SLM-3C01-01
P-6 Ti-45Al-3Nb-<0.2Y2O3 46-106 OX-SLM-3C01-01
P-7 Ti-45Al-3Nb 15-45 OX-SLM-3B01-01
P-8 Ti-45Al-3Nb-<0.2Y2O3 10-45 OX-SLM-3C01-01
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MBN Nanomaterialia, Italy, in the frame of the OXIGEN project according to

the specifications derived from this work. High-energy ball milling is applied

to produce the intermetallic alloy from the elemental Al, Ti and Nb stock

powders. In the case of ODS variants, yttria is added as a nanopowder directly

in the milling process. Heat treatments in between milling steps or at the

end of the process ensure the formation of the intermetallic compounds and

homogenize the elemental distribution. Detailed processing parameters as

milling time, energy and processing atmosphere are proprietary knowledge of

MBN Nanomaterialia. The powder batches delivered in the course of OXIGEN

are shown in Table 3.1. They are numbered chronologically as received over

the course of the project. The batch P-1 was a first trial of MBN to produce

an alloyed titanium aluminide. Analysis revealed a strong deviation from the

nominal composition and high O content. Thus this batch was only used for

first SPS trials but later abandoned. Batch P-2, gas-atomized GE48-2-2,

was sourced from LPW Technology Ltd., UK, to study the influence of alloy

composition on processability and microstructure formation in laser metal

deposition. A small amount (2 g) was delivered to Empa for phase analysis.

The first batch close to the specified nominal composition and containing

the ODS particles, P-3, was used for phase analysis, SLM trials and SPS

consolidation. Batch P-4 was an attempt at producing pre-alloyed Ti-50Al as

a precursor for further alloying by high-energy ball milling and heat treatments

at MBN. An amount of 25 g was delivered to Empa for phase analysis. The

batches P-5 and P-6 were produced for processing trials and were delivered

to TWI, UK, for DMD processing trials. Processed specimens were then

delivered to Empa for analysis together with small powder samples (2 g each).

The final batches P-7 and P-8 were specifically produced for Empa from the

same parent batch. After milling to obtain the specified alloy, the nonODS

powder batch P-7 was retrieved. The remaining powder was then milled with

the yttria nanopowder to obtain the ODS variant. This powder was then

sieved into two fractions, the finer one for Empa and SPS testing (P-8), the

coarser fraction was delivered to TWI, UK, for DMD processing trials. These

batches P-7 and P-8 were then used for mechanical testing of SPS material

to study the influence of the ODS addition on mechanical properties.
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Figure 3.1: BSE SEM micrographs of a) Ti-45Al-3Nb (P-7), b) Ti-45Al-3Nb-
<0.2Y2O3 (P-8) and c) GE48-2-2 (P-2) (inset: Scale bar is 5 µm). The bright
Cu particles in a) and b) are part of the used embedding material.

The HEBM milled powders have a globular but irregular shape and a fine

structure of typically sub-micrometer thin Nb-rich flakes is visible (Fig. 3.1a

and 3.1b). Internal porosity is also observed. In order to reduce production

costs, the producer tries to reduce milling time. While for conventional

powder metallurgy, for example extrusion, a very homogeneous mixture of

the elemental constituents is needed, AM leads to a local homogenization

in the liquid state. Thus a certain degree of inhomogeneity or residual

elemental material can be tolerated. For comparative DMD processing trials,

a gas-atomized Ti-48Al-2Cr-2Nb (GE48-2-2) powder with a particle size of 46-

106 µm was sourced from LPW Technology, UK. This powder is spherical with
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little internal porosity and has a fine microstructure consisting of equiaxed

γ and α2 + γ lamellae (Fig. 3.1c). The microstructure indicates post-

atomization heat treatment. In the atomized state a dendritic microstructure

with segregation of Al would be expected based on the previous results.

3.1.2 Arc melting

The master alloys for further analysis and additional experiments were produced

by non-consumable tungsten electrode arc melting in water cooled Cu crucibles

in 500 mbar Ar 6.0 atmosphere, purified by an OXISORB cartridge (Messer,

Switzerland). The pure elements were weighted according to their content in

a desired alloy composition on a precision balance (ALJ 120-4, Kern & Sohn,

Germany, ± 0.1 mg). Every alloy was re-melted eight times combined with

specimen flipping to ensure good sample homogeneity. After arc melting the

weight of the produced alloy was determined again to calculate the weight

loss. All alloys used for further studies had losses below 0.3% with typical

losses below 0.1%. This ensures that the produced alloys are very close to

their nominal composition. Alloys with losses exceeding 0.3% or showing

chemical inhomogeneity in the form of un-melted material after fracturing the

produced button were discarded. Alloy buttons with sufficiently small losses

were crushed in a WC mortar (Durit, Germany) to yield smaller parts for

further melting experiments and analysis without introducing contamination

from metallic tools.

3.1.3 Spark plasma sintering

Solid state sintering was performed by SPS on a HP D 10 commercial setup

(FCT Systeme GmbH, Germany) in cylindrical graphite dies lined with graphite

sheets. For consolidation trials and the production of oxidation test specimens

dies with an inner diameter of 20 mm were used. For the production of tensile

test specimens from SPS material, a die with an inner diameter of 50 mm was

applied to maximize specimen number and length. Sintering was performed

at a pressure of 50 MPa under vacuum in pulsed current mode with 12 pulses

of 3 ms followed by a waiting time of 6 ms with zero current. The heating
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3.1 Materials and consolidation methods

rate was 100 K/min up to the maximum temperature of 1598 K with a 2 min

holding stage before cooling. The heating parameters were adapted from

Molénat et al. [75]. After cool down the sintered specimen was removed

from the die and the reaction zone between the graphite sheets and the alloy

was removed by grinding to yield a contamination-free bulk alloy for further

specimen production and analysis.

3.1.4 Selective laser melting and laser metal deposition

SLM trials were performed at Inspire AG, Switzerland, on a Concept M2

(Concept Laser GmbH, Germany) equipped with a Nd:YAG laser (1064 nm)

operated in continuous mode with a maximum power output of 200 W and a

spot size of ∼100 µm. The powder layer thickness was 50 µm in accordance

with the maximum powder particle diameter of 45 µm of the used batch P-3.

Base plates were machined from ASTM Grade 2 Ti material and ground

co-planar to ensure a homogeneous powder thickness. In order to reduce the

amount of powder needed for processing, build plate reductions were used

to restrict the build space to 150 x 130 mm2. The parameters scanning

speed, laser power and hatch distance were varied in screening experiments

to determine processing windows and parameter influence on microstructure

and part integrity (see Chapter 7). Ar 4.8 was used as processing gas and

the oxygen content was controlled to be below 0.1% throughout the process.

After running the test program the excess powder was removed from the

build and feeder platforms and sieved to remove coarse debris particles. DMD

was performed by the project partner TWI, UK, on a Trumpf DMD system

(Trumpf Laser GmbH, Germany) equipped with a CO2 laser and a coaxial

powder delivery head. Ar was used as transport and shielding gas during

processing. The processing parameters scanning speed, laser powder, hatch

distance and processing atmosphere were varied during trials. Base plates were

machined from Ti Grade 2 material. Preheating was achieved by induction

heating of the base plate to the desired temperature. After processing the

parts were freed of excess powder, marked and selected ones shipped to Empa

for further analysis together with the used parameter sets.
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3 Experimental and analytical methods

3.2 Materials characterization

3.2.1 Metallography and microscopy

It is a well known phenomenon, that different titanium aluminides need different

polishing procedures to produce artifact-free surfaces for examination. In the

past various recipes have been proposed that claim to produce the best finish

[154]. In this work a general recipe was used based on little grinding, diamond

suspension polishing and a chemo-mechanical final polishing step. For the

microstructural analysis the specimens were embedded into cold-setting epoxy

resin (EpoxyCure2, Buehler, Germany) and ground with P240 SiC grinding

paper. After flattening, they were polished using diamond suspensions from 9

over 3 to 1 µm (MetaDi, Buehler). The 6 µm diamond polishing led typically

to a worse result and was omitted. The final polished specimens were prepared

using a 20 nm silica solution (MasterMet 2, Buehler) with H2O2 addition.

The last step was repeated until optical microscopy under polarized light

showed no more deformation marks or blurred grain boundaries. In order to

achieve this state, final polishing times between 15 and 60 min were needed.

To remove the remaining surface deformation layer present after the final

polishing step, Ar ion beam polishing was applied on selected specimens using

a Hitachi IM4000 ion beam polisher at 4 kV acceleration voltage and an

incident beam angle of 80° to the surface normal direction. It has to be noted

that excessive Ar milling can lead to pore-like artifacts in titanium aluminides.

Especially, metastable supersaturated solutions of α2 are prone to formation

of a speckle pattern probably originating from Ar incorporation or local alloy

decomposition by ion irradiation.

After surface preparation, the specimens were investigated using an Ax-

iobserver microscope (Zeiss, Germany) under polarized light and by SEM

using a Hitachi S3700N (Hitachi, Japan) equipped with secondary electron

(SE), back-scattered electron (BSE) and energy-dispersive X-ray spectroscopy

(EDX) detectors (EDAX, USA) for general imaging and a Hitachi S4800

and a FEI XL30 ESEM (FEI, USA) for high resolution imaging and particle

measurements in SLM and DMD processed specimens.
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3.2 Materials characterization

Solid state SPS sintered material was analyzed using transmission electron

microscopy (TEM) and scanning transmission electron microscopy (STEM)

on an aberration-corrected JEOL 2100FCs S/TEM operating at 200 kV

(K. Dawson, University of Liverpool). The electron-transparent lamellae were

prepared using a FEI Helios 600i dual beam focused ion beam (FIB) instrument.

Specimens were prepared by lift out method and low energy (2kV) polishing

was applied as a final step. The size of the lamellar colonies and γ-TiAl

grains in SPS sintered and heat treated material was determined using the

line intersection method on 2560x1920 pixel BSE SEM micrographs recorded

at 2000x magnification along a rectangular line grid. The fraction of lamellar

colonies was determined by their area fraction on the same micrographs.

The size distribution of the ODS particles in SPS material was measured on

1024x1024 pixel bright-field STEM micrographs at 20’000x magnification

using the maximum particle diameter (nSPS=1718). The fewer and larger

ODS particles after SLM and DMD processing were measured on a series

of high-resolution SEM micrographs at up to 4096x3200 pixels and 32’000x

magnification (nSLM=386 and nDMD=391). Particle densities were estimated

from the same micrographs assuming particle detection in a 2D plane yielding

the area number density N/A with N the number of particles and A the area.

The volume particle density is then calculated as

N

V
=

(
N

A

) 3
2

(3.1)

with V being the volume. The mean particle center distance lc is then

estimated as

lc =

(
3 · V
4 · π · N

) 1
3

(3.2)

assuming a spherical volume element centered at the particle position. Using

the median size of the particles dmedian the inter-particle distance l can be

calculated simply as

l = lc − dmedian (3.3)

43



3 Experimental and analytical methods

For TEM lamellae with a certain thickness, the particle volume density is

clearly overestimated by Equation 3.1. However, the error of this estimation

can be neglected in this case where the order-of-magnitude differences in

between the different consolidation methods are of interest.

3.2.2 X-ray diffraction

X-ray diffraction (XRD) and XRD pole figure measurements were performed

with Cu Kα radiation using a Bruker D8 DISCOVER (Bruker, Germany)

equipped with a LynxEye 1D detector. Measurement conditions were 40 kV

and 40 mA with a step size of 0.02°± 0.0001° (2Θ). XRD pole figure data

was corrected for defocusing effects and normalized to yield multiples of

random distribution (m.r.d.) using the MULTEX software package of Bruker.

Additional pinhole snouts were used to restrict the beam diameter to the

area of the specimens. Specimens were mounted free-standing, embedded

into epoxy or as complete test builds on base plates from AM trials. The

epoxy resin used for embedding was found to contribute only to an amorphous

background without distinct peaks. Consequently, the epoxy system does not

interfere with the measurements and can be used for small specimens and

polished cross sections. The obtained signal can then be corrected for the

contribution of the embedding material yielding the XRD spectrum of the

specimen of interest.

3.3 Materials testing

3.3.1 Hardness testing

Vickers hardness was measured using a Fischerscope HM2000 (Fischer, Ger-

many) on polished specimens prepared for microscopic investigation. The

indentation with the Vickers diamond tip was performed with a maximum

load of 400 mN and load increase time of 20 s. For bulk material a 5 by

5 array of indentations with a spacing larger than 50 µm was measured to

ensure statistical relevance of the data. Based on indentation depth and load,

the indentation hardness in Vickers (HV) is directly calculated by the machine
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3.3 Materials testing

software taking into account corrections for the tip shape and the testing

machine. The machine is calibrated using standards to ensure data repeata-

bility and create the necessary correction functions. The typical indentation

diameter is in the order of 10 µm. In coarser microstructures this can lead to

large variations as different phases with differing mechanical properties are

probed. Consequently, the spread of the data set is a qualitative measure for

microstructural homogeneity and phase size.

3.3.2 In situ mechanical testing

In situ mechanical testing in the range of 293 K to 1073 K was performed with

a tensile/compression module developed by Kammrath & Weiss, Germany

(Fmax=± 5 kN). The setup is vacuum-compatible and can be mounted in

electron microscopes or vacuum chambers for experiments at elevated temper-

atures up to 1073 K. In this work, all room temperature tests were performed

in air, while the experiments with T > 273 K were conducted at 2·10-5 mbar

in a vacuum setup. The specimen geometry is a flat dog bone shape with a

nominal gauge length of 10 mm, 3 mm width and a thickness of 1 mm (Fig-

ure 3.2). Specimens were produced from bulk material by electro-discharge

machining (EDM) and ground to P600 using SiC grinding paper. Grinding

was performed parallel to the testing direction to avoid stress concentration

at surface flaws. Prior to testing all specimens were heat treated at 1123 K

for 12 h in vacuum. It was observed that this heat treatment is best applied

prior to EDM to avoid distortion and cracking of thin walls during cutting due

to residual stresses from SPS. Tests at room temperature are performed with

10 

40 

7 3 

Figure 3.2: Specimen geometry for in situ tensile testing. All dimensions are
given in mm.
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an extensometer attached to the specimen (EXA10-1x, Sandner, Germany,

±0.1 µm) while the load is measured by a load cell (±0.5 N). For tests at

elevated temperature a ceramic heating element covered with a W plate is

mounted directly to the specimen with W springs. Temperature is measured

by a thermocouple in the W plate close to the specimens lower interface.

Based on this signal the temperature is actively controlled ± 1 K. Prior to

testing the setup is heated with 40 K·min-1 from room temperature to the

test temperature to allow thermal equilibration of the specimen. The thermal

expansion and developing compressive stress is compensated using the load

control mode of the module maintaining an effective load of 0±5 N during

heating. After reaching the target temperature and a dwell time of 2 min the

specimen is loaded in tensile mode until fracture. After fracture the heater is

shut off and the setup is allowed to cool in vacuum to below 473 K before

Ar 6.0 is introduced to allow for faster convective cooling to room temperature.

Due to geometric restrictions the extensometer cannot be mounted for the

high-temperature experiments. Consequently, only the machine elongation

and load are measured for these experiments. Assuming that the machine

stiffness is independent of the testing temperature and if the same specimen

geometry is applied, the machine elongation em and specimen elongation es
are correlated by

es = c(F)· em (3.4)

where c is a function of the applied load F. The constant c(F) is determined

based on the room temperature experiments where both em and es are

simultaneously measured. For the experiments at elevated temperature the

effective strain ε is then calculated using Equation 3.4 and

ε= es/100 µm (3.5)

based on the gauge length of 10 mm of the extensometer. This procedure

allows to estimate the fracture strain εf and characteristic yield values for

different temperatures. The rupture strength is directly obtained from the

specimen geometry and the measured load and has the same precision as for
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the room temperature experiments. As εf of titanium aluminides is typically

one order of magnitude lower than in conventional Ti alloys, the usually applied

yield stress Rp0.2 at 0.2% plastic strain may be effectively larger than the

actual rupture strength Rm. Consequently, the yield stress at 0.1% plastic

strain, Rp0.1, is additionally used in this work.

3.3.3 Heat treatments

Short term and high temperature heat treatments of SPS, SLM and DMD pro-

cessed specimens were conducted in an induction furnace (in-house developed

at Empa, Switzerland) under 5 mbar of Ar 6.0 to avoid excessive elemental

losses due to evaporation. Specimens larger than 10 mm were placed on an

alumina substrate and directly heated in the induction coil. Smaller speci-

mens cannot be heated efficiently by the current setup and were placed in

a crucible made from vitreous carbon, an extremely inert and thermal shock

resistant form of ceramic carbon related to graphite. Due to its electrical

conductivity, the entire crucible and the specimen are heated. The specimen

temperature is directly measured by a ratio pyrometer (QKTR 1085-1, ±1 K,

Maurer, Switzerland). After reaching the desired dwell time, the specimen

was allowed to cool naturally to room temperature. Heat treatments below

1273 K and exceeding 30 min dwell time were performed in fully metal-lined

high vacuum furnaces (Cambridge, UK and Schmetz, Germany) at pressures

below 10-5 mbar. The temperature was controlled by calibrated thermocouples

placed next to the specimen. After reaching the end of the dwell time the

heating system is shut off and the complete setup is allowed to naturally cool

to 537 K where the furnace is actively cooled by the introduction of circulated

Ar 6.0 passed over water-cooled heat exchangers.

3.3.4 Oxidation testing

The degradation behavior of consolidated TiAl alloys was measured at 923 K

and 1073 K in static laboratory air. The tests were performed in an air

furnace equipped with MoSi2 heating elements (Nabertherm, Switzerland).

Temperature was measured by a K-type thermocouple (Labfacility Ltd, UK,

±2.5 K) placed directly beneath the alumina test containers. The setup
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3 Experimental and analytical methods

consists of an alumina crucible (Almath Crucibles Ltd, UK) with the specimen

suspended by Pt-Rh wire from an alumina bar (Figure 3.3). This ensures

access of air to all surfaces of the specimen while the specimen is irradiated

from all directions by the surrounding alumina crucible separating it from the

hot heating filaments. Additionally, all potential debris from oxide spallation

is collected in the crucible and can be analyzed. All ceramic parts were

fired at 1473 K for 2 h in air to remove residual moisture and binder from

production. Specimen geometry were maximum 10 x 10 x 1 mm3 platelets

ground to P1200 using SiC grinding paper. Prior to testing the specimen size

is measured with calipers (Mitutoyo CD-15DC, ± 0.01 mm) and the weight

is determined on a precision balance (ALJ 120-4, Kern & Sohn, Germany, ±
0.1 mg). The furnace is started 48 h before specimen introduction to allow

for thermal equilibration of all components. The alumina crucibles serving

as main containers are fired for 24 h at the testing temperature to remove

moisture or organic contamination. They are allowed to cool for 30 min before

inserting the suspended metallic platelets for testing and placed directly in the

continuously running furnace. The insertion time is taken as the start of the

oxidation experiment. After the desired oxidation time the complete setup is

removed from the furnace and allowed to cool for 30 min. Then the weight

Al O  crucible2 3

Al O  bar2 3

specimen

Pt-Rh wire

Al O  support2 3
thermocouple

Figure 3.3: Schematic cross section of the experimental setup for oxidation
testing of plate-shaped specimens in static air in a laboratory furnace.
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3.4 Computational thermodynamics

of the specimen is determined again to obtain the total weight gain. The

weight gain per unit surface area is then calculated as Δm/A. Gaussian error

propagation is applied to estimate the errors introduced by the uncertainties

of specimen size and weight. These errors are later shown as error bars with

the data points.

3.4 Computational thermodynamics

The presented results have been obtained using the CALculation of PHAse

Diagrams (CALPHAD) approach. The methodology of CALPHAD is based

on available experimental data on phase equilibria and thermochemical and

thermophysical measurements. The thermodynamic properties are then mod-

eled using mathematical models for the Gibb’s energy. The philosophy of

CALPHAD is a consistent description of the experimental phase equilibria

and thermodynamical properties using the determined models and associated

parameters. However, these models are based on real experimental data. Ad-

ditionally CALPHAD allows predictions of higher order systems which cannot

be directly evaluated but can be simulated with a combination of sub-systems.

The evaluated models and parameters for the Gibb’s energy of every element

and phase present in a system are stored in a database and allow re-calculation

of the phase diagrams and properties using specific software packages [155].

Today a set of commercial databases are available for different applications.

In this work the Thermo-Calc 3.0.1, 4.1 and 2015a software packages have

been used [156]. For the titanium aluminides published models and param-

eters have been used for the Ti-Al [11], Ti-Al-Nb [23] and Ti-Al-Mo [17]

systems. The latest assessment of the Ti-Al-Nb system by Liu et al. [157]

was not considered as calculated metastable phase diagrams show nonphysical

metastable phase boundaries and an unreasonable stability of the ordered

α2-phase at high Al contents. The available Ti-Al-Mo phase diagrams are

still subject to discussions and while the equilibrium solidification sequence

involving the liquid, α and β phases is well described, the solid state phase

transformations and especially the transformation temperatures were found

to be poorly predicted [158]. Currently, no fully consistent thermodynamic
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assessment of the Ti-Al-Mo system is available that is optimized for the full

compositional range and agrees well with the published experimental results.

For restricted compositional spaces and close to extensively studied alloy

compositions, updated assessments and modified interaction parameters are

available [159, 160]. However, these do not allow calculations in a wide

compositional range as studied in this work. Consequently, the Ti-Al-Mo

assessment of Saunders [17] is used in this work.
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4 Microstructure formation of Ti-Al alloys under

non-equilibrium conditions at high cooling rates

In this chapter the microstructure formation of Ti-Al alloys under conditions

observed in AM is discussed. This extensive work is the foundation for alloy

development and selection for later ODS particle addition and AM processing.

First, the novel experimental setups are presented that are specifically designed

for the non-equilibrium conditions of interest. Next, the computational

framework to simulate solidification paths and phase evolution taking into

account rapid cooling and the resulting reduced diffusion of elemental species

is introduced. These experimental and computational techniques are applied

for the binary Ti-Al and ternary Ti-Al-Nb and Ti-Al-Mo systems. The results

on the parent Ti-Al system give insight in the fundamentals of microstructure

formation. The ternary systems show the influence of the alloying elements

Nb and Mo. This chapter is published in [161–164].

4.1 Experimental setup and concept

4.1.1 Ex situ rapid solidification

The ex situ rapid solidification experiments are performed by re-melting and

rapid cooling of small samples (2 mg to 250 mg) of the master alloys under

similar conditions as the initial alloy production (see Section 3.1.2). Figure

4.1 shows a schematic drawing for the rapid solidification experiment. The

electric arc is ignited directly above the pre-alloyed material and hold for

approximately 1 s to fully melt the specimen. Then the arc is immediately

moved laterally at maximum distance from the specimen and allowed to cease

to prevent overheating the specimen and alter the formed microstructure or

reduce the cooling rate. Due to the high heat extraction rate of the water

cooled Cu crucible, the near-spherical, liquid specimen is rapidly solidified and

subsequently cooled to room temperature.
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4 Microstructure formation of Ti-Al alloys under non-equilibrium conditions

The cooling rate as a function of the specimen radius is estimated by finite

element modeling using Abaqus/CAE 6.13-2 (3DS Simulia) with a 160’000

element hexahedral (DC3D8) mesh. The minimal mesh size is 1/50th of the

specimen diameter. The specimen is approximated as a truncated sphere with

a radius r and a height of 1.8 · r (see Figure 4.2a). The geometry is chosen

based on measurements from real specimens. The water cooled Cu crucible is

modeled only in the surrounding space as a simplified cylindrical Cu part (see

Figure 4.2b). The contact area in the simulation is assumed perfectly flat

and horizontal. An ideal contact is realized between the specimen and the

Cu crucible through model partition. In the areas of the Cu part close to the

contact zone with the specimen the same fine mesh as in the specimen is used

in order to compute small time steps with high thermal gradients. Substrate

areas in far distance from the specimen are meshed with larger sized elements

to reduce computational cost (see Figure 4.2b). The temperature of the Cu

substrate is set to T = 293 K on the lower surface and the circumferential

plane. The model includes conductive heat transfer between the specimen

and the Cu substrate as well as surface radiation from the specimen to the

Cu crucible

W
 e

le
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tro

d
e

specimen

Ar 6.0

arc

Chamber

Figure 4.1: Geometrical situation for ex situ rapid solidification. The arc is
ignited between the specimen and the tungsten electrode, while the water
cooled Cu crucible acts as a heat sink.
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ambient surrounding. For Ti-Al published data of a Ti-45.5Al-8Nb alloy is

used due to the large range in temperature and the completeness of the set

of thermophysical properties [165]. For pure Cu, a linear extrapolated thermal

conductivity between 398 W·m-1·K-1 at T = 298 K and 357 W·m-1·K-1 at

T = 1000 K, respectively, is used for the simulation [166]. During arc melting

the water cooled Cu crucibles do not melt and thermophysical data for high

temperatures or the liquid state is not needed.

A transient analysis of the temperature change with an initial temperature

of the liquid alloy droplet of 2000 K is performed to extract the cooling

curves at various positions of the specimen and to calculate the corresponding

characteristic cooling rates
∣∣∆T
∆t

∣∣
T=1273K

at T = 1273 K. This temperature is

below the eutectoid temperature (T = 1392 K) according to the binary Ti-Al

phase diagram and is in the α2 + γ two phase field (Figure 2.3). The initial

temperature for transient heat transfer analysis is set based on pyrometer

temperature measurements of the melt during arc melting of the master alloys.

The results indicate that increased convection in the melt and very effective

heat removal by the Cu crucibles avoids overheating the melt above 2000 K.

Small specimens with low contact area and restricted convection may achieve

r

1
.8

∙r

A

V

specimen

Cu crucible

(a) (b)

Figure 4.2: a) geometry of the specimen used for finite element simulations and
b) the meshed part with a fine mesh in the specimen and in the Cu substrate
close to the contact area.
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4 Microstructure formation of Ti-Al alloys under non-equilibrium conditions

higher temperatures. The temperature changes for the center and top point

of the sphere are extracted from the finite element simulation and used for

further analysis (Figure 4.3). The characteristic cooling rate∣∣∣∣∆T∆t
∣∣∣∣
T=1273K

=
1

2
·

(∣∣∣∣∆T∆t
∣∣∣∣
T=1273K,top

+

∣∣∣∣∆T∆t
∣∣∣∣
T=1273K,center

)
(4.1)

is defined as the mean slope
∣∣∆T
∆t

∣∣ at a temperature of T = 1273 K for the top

and center position of the spherical specimen. Subsequent microstructural

analysis is conducted in this region of the specimen. Based on the finite

element simulations a function correlating the specimen radius r and the

characteristic cooling rate
∣∣∆T
∆t

∣∣
T=1273K

is derived according to∣∣∣∣∆T∆t
∣∣∣∣
T=1273K

= a · r b (4.2)
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Figure 4.3: Simulated temperature change at the specimen center upon rapid
solidification for different radii according to Figure 4.2a. Changes in the slope
of the curves are caused by the enthalpy of fusion upon solidification and
dependence of the thermophysical properties on temperature. Inset: Specimens
for rapid solidification with r = 2.5, 2, 1.5 and 1 mm.
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The exponent b of the power law curve can be determined by a dimensional

analysis. Based on the dependency of the cooling rate on the contact area A,

specimen volume V and the distance to the interface to the Cu crucible di
(see Figure 4.2a). As ∆T

∆t
∼ A

di ·V
; and A ∼ r 2, V ∼ r 3 and di ∼ r ; it follows

that ∆T
∆t
∼ r−2. The results of the simulations show that this idealized analysis

is a valid assumption as the calculated values only slightly differ from the

idealized curve based on∣∣∣∣∆T∆t
∣∣∣∣
T=1273K

= a · r−2 (4.3)

as can be seen in Figure 4.4. Thus, the entire curve can be described

using a single material parameter a = 4354±7·10-6 K·m2·s-1 in a range of

0.5 ≤ r ≤ 2.5 mm. The upper and lower boundaries correspond to the

cooling rates at the top and center position of the specimen, respectively.
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Figure 4.4: The characteristic cooling rate
∣∣∣∆T∆t ∣∣∣T=1273K (solid) and the cooling

rates at the top and center positions (dashed) versus the specimen radius r ;
the inset shows the temperature distribution during rapid cooling of a specimen,
characteristic positions are indicated.
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4 Microstructure formation of Ti-Al alloys under non-equilibrium conditions

Considering the low bandwidth between both boundaries the upper hemisphere

of the spherical specimens can be assumed to have similar thermal histories

irrespective on the exact location.

The finite element simulations are verified by high-speed camera measure-

ments using a Motion Xtra HG-100K high-speed camera (maximum frame

rate 100 kHz) operated at a reduced acquisition rate of 500 Hz and 200 µs

dwell time. Considering a changing surface emissivity as a function of the tem-

perature, the solidification front propagation can be monitored [93, 167]. The

measurements showed comparable solidus surface propagation in comparison

with the simulation with a solidus temperature of 1773 K (see Figure 4.5).

Due to geometrical restrictions of the arc furnace, the high-speed camera

frames are taken from an inclined angle with respect to the upper substrate

surface, which leads to a tilted view on the specimens (see Figure 4.2a).

Based on these measurements, the calculated cooling rates are assumed to

be representative for the studied specimens.

finite element simulation  293
 373
 573
 773
 973
1173
1373
1573
1773
1846
2000

2 mm

t=t =0 mssolidust=-20 mst=-60 ms t=-40 ms

high speed camera measurement

Figure 4.5: Comparison of high-speed camera frames (top) and finite element
simulations with inclined view (middle) and in cross-section (bottom) for a
rapidly solidified Ti-44Al specimen at the same point in time.
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4.1.2 In situ microXRD

The specimens for the in situ experiments are produced from the master alloys

using arc melting of 2 mg of material and subsequent rapid solidification. The

material is prepared by cleaving fracture to avoid contamination. Using this

process, near-spherical specimens with a diameter of 1 mm are obtained. As

shown in Figure 4.4, a characteristic cooling rate of 1.7·104 K·s-1 is imposed on

so-produced specimens during arc melting and subsequent solidification. For

the in situ heating and cooling experiments, the near-spherical alloy specimens

are heated using a laser-based heating system incorporating two diode lasers,

providing a maximum power of 150 W each (Figure 4.6a). The lasers operate

at a wavelength of 980 nm with a rectangular spot size of 0.2 x 1 mm (height

x width) and a beam inclination angle of 20° to the horizontal [168]. Water

cooled beam dumps ensure safe operation if no specimen is in the beam path

or if it is lost during the experiment. The complete setup has translational axes

in three dimensions to heat different locations or follow sample movements.

Subsequently in situ rapid solidification is ensured by fast heat extraction into

the Cu support structure (Figure 4.6b). The excellent thermal conductivity

specimen

Laser 1

X-ray beam pyrometerhigh-speed 
camera

PILATUS detector

Laser 2

(a)

2 mm

(b)

Figure 4.6: Experimental setup for in situ microXRD combined with high-speed
camera imaging and laser-based heating. (a) top view of the experimental
setup at the microXAS beamline, (b) Cu specimen holder and specimen.
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4 Microstructure formation of Ti-Al alloys under non-equilibrium conditions

of Cu allows rapid quenching of the liquid specimen and dissipation of the

thermal energy throughout the support structure. The temperature of the

Cu part close to the contact zone remains below its melting point, and thus

no contamination or reaction with the specimen is observed during the few

seconds of the experiment. While the upper part of the specimen reaches the

liquid state, the contact zone to the Cu structure remains solid and acts as a

base, separating the liquid alloy from the Cu structure. It ensures conditions

similar to beam-based additive manufacturing where the newly formed liquid is

in contact with previously deposited material of usually the same composition.

This is an important difference of the presented approach to other rapid

solidification techniques; for example, in melt spinning, the liquid is brought

in direct contact with the Cu, quenched and solidified.

The surface temperature of the specimen is monitored for process control

using the built-in pyrometer from the laser system. The pyrometer detection

spot size is in the order of 1 mm and thus reflects an average surface

temperature on the specimen. In order to avoid excessive specimen oxidation,

Ar 4.8 shielding gas is applied using a laminar flow shielding gas nozzle

X-ray beam 

specimen
Laser 1

Cu support

Laser 2

(a)

X-ray beam 

specimen

Cu support

Laser 2

0.5 mm

(b)

Figure 4.7: Measurement geometry for in situ microXRD combined with laser
heating. Schematic view (a) parallel and (b) perpendicular to the incoming
X-ray beam. The scale bar in (b) applies for both figures.
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4.1 Experimental setup and concept

positioned above the specimen. This provides a flowing vertical column of

Ar, separating the specimen from the oxygen containing atmosphere. The

use of a laminar flow nozzle eliminates the need of a specially designed

chamber with windows that are both X-ray and near-infrared transparent. A

window-less setup provides high intensities of the incoming and diffracted

X-ray beams and consequently allows short dwell times and high temporal

resolution. During the complete heating and cooling cycle, in situ microXRD

(micro referring to the beam size) is performed in transmission mode using a

focused X-ray beam with a diameter of 20 µm at 17.3 keV. After passing the

specimen, diffracted intensities are recorded on a PILATUS 100K detector

operated at 100 Hz frame rate [169] at the microXAS beamline of the Swiss

Light Source (SLS). The beam is positioned in the upper hemisphere of the

specimen (Figure 4.7). At this location above the cross-over point of the

lasers, the melt is stable over a longer time as solidification proceeds upwards

due to unidirectional heat flow. Additionally, the interaction path length is

shorter to reduce intensity loss of transmitted beams. Pure Ti and Al foils

and 1 mm spheres are used for calibration of the beam energy, position and

specimen-detector distance. Data calibration and azimuthal integration of the

2D diffraction patterns are performed using the XRDUA v6.5.3.2 software

package [170]. Every 2D pattern is integrated and background subtracted in

a range of 14 nm-1 < q < 70 nm-1; q = 4π sinΘ
λ

, λ the wavelength and Θ the

scattering angle. Integrated peak intensities, peak positions and full-width-

at-half-maximum (FWHM) values are evaluated by fitting selected peaks for

every time step. In order to separate the signal originating from the liquid

phase and the systematic background, the background determined at 7300 ms

is used, as the specimen is fully solidified at this point. The systematic

background generated by the beam optics and the setup is assumed to remain

unchanged over the experiment due to high beam stability provided by the

SLS.

Knowing the full measured signal Itot, the systematic background Ibg at

7300 ms and the signal originating from crystalline phases Ic, the remaining

amorphous signal Iam can be extracted according to Itot = Ibg + Ic + Iam. It

should be noted that the signal Iam contains contributions not only from
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4 Microstructure formation of Ti-Al alloys under non-equilibrium conditions

the liquid phase but also from every component in the system providing

time-depended diffuse scattering over the experiment. Having the separated

signals, the non-crystalline fraction fnc is calculated at every time step using

the separated integrated total peak area Ic and the remaining amorphous

signal Iam according to

fnc =
Iam

Iam + Ic
(4.4)

Additionally, high-speed camera imaging using a Motion Xtra HG-100K

camera (maximum frame rate 100 kHz) operated at a reduced acquisition rate

of 500 Hz and 200 µs dwell time is applied for direct visual experimental control

and is also used to estimate the local temperature evolution in the vicinity of

the X-ray beam position. While pyrometers are typically restricted to a narrow

wavelength window and provide only an integrated temperature value over

the full spot size, CCD chips can provide local temperature estimations [171].

In order to estimate the local temperature using the signal recorded by the

CCD chip of the high-speed camera, offline calibration measurements using

the very same acquisition settings and optics are performed on a specially

designed Ti block containing deep cavities, which approximates the emission

characteristics of a black body (emissivity ε ≈ 1). The block is inductively

heated in a high vacuum chamber while the temperature is controlled using a

ratio pyrometer (QKTR 1085-1, Maurer, ±1 K). The intensity measured by

the CCD chip on the surface and in the cavity takes into account the deviation

of the surface from an ideal black body behavior (ε < 1). The transmissivity

of the chamber windows is also considered using comparative measurements

with and without the window in the optical path. The complex full radiometric

model proposed by Sentenac et al. [171] requires 9 parameters, which are

largely unknown here. Consequently, the obtained calibration curve is fitted

based on Planck’s law using a simplified model according to

ICCD =
a · c1L

exp
(
c2
b·T

)
− 1

(4.5)

where ICCD is the intensity on the CCD chip, c1L = 2hc2 is the first radiation
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4.2 Computational framework

constant with h being the Planck constant and c being the speed of light

in vacuum, c2 = hc
k

is the second radiation constant with k being the

Boltzmann constant, T is the temperature and a = 7.95 · 1022 W−1 ·m−2

and b = 7.32 · 10−7 m are the fitted parameters. Using this model and the

optimized parameters, the local temperature evolution in the vicinity of the

material exposed to X-rays can be estimated based on the high-speed imaging

data. As it is apparent from Equation 4.5, the response of the CCD chip is

approaching its lower sensitivity limit or minimum measurable temperature in

an asymptotic manner. Consequently, the error of the temperature estimation

based on one intensity unit (0 ≤ ICCD ≤ 255, ICCD ∈ N) is close to 100 K

at 1150 K. At high temperatures T > 1300 K this error is below 20 K and

further decreasing with increasing temperature. Based on the residuals from

the interpolation using Equation 4.5, the error between measured calibration

and calculated temperature is also on the order of 20 K above 1300 K.

4.2 Computational framework

The applied CALPHAD method is based on thermodynamic properties that

are modeled using mathematical models for the Gibb’s energy. Using energy

minimization the stable or equilibrium state is calculated. Combining the

Gibb’s energies of a variety of phases containing different elemental species the

complex multi-dimensional phase diagrams for metals, ceramics and chemical

compounds can be calculated. Although of great importance, equilibrium

phase diagrams represent only an extreme case which is more often than

not not representing the reality. Complete equilibration at every temperature

requires infinite time scales which are in direct contradiction to the highly

dynamic nature of beam-based additive manufacturing. At this time scales

diffusion is limited, phase formation can be suppressed and locally changed

phase relations may apply due to segregation. In this work, non-equilibrium

phase relations are calculated using the available thermodynamic assessments

for the equilibrium state. On the opposite side of time scale to full equilibration

we find the assumption of composition-invariance. If time becomes sufficiently

short, no diffusion is possible. This case, also being an extreme one, may

61



4 Microstructure formation of Ti-Al alloys under non-equilibrium conditions

not fully represent the reality as well. But in between the two extremes,

equilibrium and composition-invariance, the true nature of our system will

be found. While conventional heat treatments or casting will be close to

equilibrium, beam-based AM at high scanning speeds will be found closer to

the composition-invariant side. Comparing both gives thus a good indication

on the behavior of a system under highly dynamic, non-equilibrium conditions

of beam-based AM. Classically, Scheil-Gulliver simulations are applied to

understand solidification with limited diffusion. In this work, the T0 concept

is applied to calculate phase selection hierarchy maps that will be discussed in

the following sections.

4.2.1 The T0 concept

Under equilibrium conditions, an alloy will transform from a single phase into

a dual phase structure if the total energy of the system can be reduced by the

formation of a second phase. Geometrically, this is equivalent to finding the
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Figure 4.8: The relation of the Gibbs free energy, the equilibrium phase diagram
and the T0 temperature. Without diffusion the phases do not form in their
equilibrium composition but are expected below T0 without compositional
changes.
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4.2 Computational framework

common tangent of the Gibbs energies of two competing phases (Figure 4.8).

Both phases will have their individual equilibrium composition. Consequently,

the formation of a second phase involves diffusion over larger distances.

If time is not sufficient for diffusion, a potential phase transformation is

composition-invariant. The parent phase and the newly formed one have the

same composition, but different crystal structure. Energy minimization is thus

only possible by selecting the phase with the lowest Gibbs energy at a certain

composition. Geometrically, this point is the cross-over point of the Gibbs

energies of the phases involved. The temperature of this change in preferred

phase selection is called T0. This temperature is composition dependent and

exists for every phase transformation in the system.

The so called T0 temperature is the temperature at which the Gibbs free

energies of the two phases are equal with the same composition (Figure 4.8).

Under equilibrium conditions, the energy is minimized by the formation of two

phases with a different composition. However, at rapid cooling conditions

diffusion is strongly reduced, which imparts the formation of the equilibrium

phases. The formation of the low-temperature phase A is expected as soon as

T < TA→B
0 , where GA < GB. Consequently, the formed phases are metastable

as the energy of the intersection point of the Gibbs free energy curves where

GA = GB is always larger than the energy of the points lying on the common

tangent line. In other words, the phases are supersaturated above their

equilibrium limit of solubility. This metastable state is inherently less stable

than the equilibrium and if the temperature allows sufficiently fast diffusion of

the elemental species, the supersaturated phases will decompose into their

equilibrium counterparts. This can happen by simple changes in composition

or by precipitation of the equilibrium phases from the metastable matrix.

4.2.2 Phase selection hierarchy maps

Combining the different T0 temperatures, phase selection hierarchy maps

can be constructed. These maps allow to predict transformation sequences

based on thermodynamical information and correlate it with the observed

behavior under non-equilibrium conditions. In order to create a phase selection
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4 Microstructure formation of Ti-Al alloys under non-equilibrium conditions

map, all relevant phase transformations and compositions must be considered.

Consequently, a number of T0 temperatures needs to be calculated. In the

most general form these can be expressed as T i→j0,x1...xn−1
with i and j the

high and low temperature phases, respectively, and x1...xn−1 the elemental

molar fraction of a n-component system. Consequently, for every phase

transformation of interest a composition-dependent T0 temperature curve

is created. The overlay of these curves creates then the phase selection

hierarchy map. Crossing a line in such a diagram is equivalent to switching

the Gibbs energy and thus phase stability between two phases (Figure 4.8).

Considering several phase transformations simultaneously, a sequence in Gibbs

energy and stability is created. The phase with the lowest energy is the most

stable one.

It is noteworthy to point out, that phase stability is not equivalent to the

existence of a phase. Reaching T0 a phase A is not formed, as the driving

force ∆G

∆G = GA,T0 − GA,T (4.6)

becomes only positive when T < T0. Then the system can nucleate and grow

the more stable phase A. The T0 only defines the highest temperature where

the phase A is stable against phase B.

Solidification in the presence of seeding crystals, as it is observed in beam-

based AM, has no nucleation barrier to overcome. In the tail of a moving

melt pool a region of undercooled liquid may develop [79]. But suppressing

completely the formation of the solid phase and retaining the liquid for

extended time scales in the presence of seeds is not possible. In the solid state,

however, phase formation can be completely suppressed if the driving force is

not high enough for nucleation and growth of the stable phase. Metastable

states are then preserved. In the case of TiAl alloys, the formation the γ phase

from its parent α phase is known to be depending on the cooling rate and

composition (see Chapter 2.4.2). Exceeding a critical cooling rate at low Al

contents, its formation can be completely suppressed. Although the formation

of γ can occur in a composition-invariant or so-called massive manner, as
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4.2 Computational framework

covered by the phase selection hierarchy maps, it may not be observed at

small driving forces. This correlation allows to predict the effect of alloying

elements on this driving force and ultimately tendency for phase formation

using the data contained in the T0 temperature curves.

The driving force for the massive α → γm transformation can be estimated

using the expression [105, 172]

∆Gα→γm ∼= ∆Hα→γm
(
∆T

T α→γ0

)
(4.7)

where ∆T = T α→γ0 − Tstart with Tstart being the temperature when the α →
γm transformation takes place, T α→γ0 being the corresponding T0 temperature,

∆Gα→γm being the driving force and ∆Hα→γm the enthalpy of the massive

transformation. The competing tendency for massive γm-formation from the

parent α-phase instead of full α → α2 ordering for a certain alloy composition

is estimated based on the difference of the relevant T0 temperatures for both

transformations. It is assumed that the alloys undergo an α → α2 ordering

transformation when T ≤ T α→α20 preventing any formation of γm at lower

temperatures. Consequently, the composition dependent driving force for

the massive α → γm transformation reaches its maximum value for a large

potential undercooling in alloys where T α→γ0 >> T α→α20 . Equation 4.7 can

thus be rewritten as

∆Gα→γm ∼= ∆Hα→γm
(
T α→γ0 − T α→α20

T α→γ0

)
(4.8)

with (
T α→γ0 − T α→α20

T α→γ0

)
=

(
∆T

T α→γ0

)
max

(4.9)

where T α→γ0 and T α→α20 are the calculated T0 temperatures for the α→ γ and
α → α2 transformations, respectively.

As discussed earlier, the Ti-Al-Mo system is still debated (see Chapter 3.4).

Thus the complete phase selection hierarchy maps are only calculated for the

well described Ti-Al and Ti-Al-Nb systems. For the Ti-Al-Mo system the phase

selection hierarchy map is constructed only for L→ α and L→ β solidification
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4 Microstructure formation of Ti-Al alloys under non-equilibrium conditions

and the following β → α transformation in the compositional range of Ti-(43-

50)Al-(0-2)Mo.

4.3 Influence of cooling rate and composition in binary Ti-Al

4.3.1 Ex situ rapid solidification

The microstructure and the phase evolution during rapid solidification of

binary Ti-(44-48)Al (at.%) alloys at defined cooling rates between 6·102 and

1.5·104 K·s-1 is systematically studied. For this, the developed methodology

which combines ex situ rapid solidification experiments of small alloy samples

with finite element simulations of the temperature evolution in the samples

and thermodynamic simulations using the CALPHAD method is applied. The

resulting microstructures of the different alloys show a strong dependency on

the Al content. According to the equilibrium phase diagram, all alloys have

an α2 + γ microstructure with varying amounts of α2 and γ. Thermodynamic

calculations and previous studies confirm that the Al-lean alloys (< 44.5 at.%

Al) show full solidification via the bcc β-Ti phase while high Al containing

alloys undergo a high-temperature peritectic reaction involving the bcc β-Ti,

the hcp α-Ti and the liquid phase [35]. At all studied cooling rates, Ti-

Al alloys with Al ≤ 45 at.% formed a coarse-grained α/α2 microstructure

(Figure 4.9a and 4.9b). A slight Ti enrichment of the primary bcc β-Ti

dendrite cores is observed. The presence of the Ti3Al α2-phase is confirmed

by XRD measurements while TiAl γ-phase is not found (see Figure 4.10).

The Ti-48Al alloy formed a fine dendritic microstructure, consisting of lamellar

α2 + γ dendrites and inter-dendritic γ-phase (Figure 4.9e and 4.9f). In the

inter-dendritic area Al contents of up to 55 at.% are detected, indicating

pronounced Al segregation in the liquid phase. The α2- and γ-phases are

confirmed by XRD. A strong texture of the formed phases can explain the

absence of peaks that are expected based on the powder diffraction spectra

of the phases. Such texture is expected as heat is extracted uni-directionally

into the Cu crucible. Consequently the solidification front proceeds from the

contact zone towards the top of the sphere (see Figure 4.5). Furthermore,
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4.3 Influence of cooling rate and composition in binary Ti-Al

the amount of material interacting with the X-ray beam is limited as well as

the number of grains in the specimen itself. This effect is especially strong in

the coarse-grained Ti-44Al specimens as there are only a few grains in the

cross section plane (see Figure 4.9a and 7). But the effect is also observed

for Ti-46Al and Ti-48Al where the α2(2020) (Ti-46Al) and α2(2021) peaks

(Ti-48Al) are not observed. Also, the comparably high intensity of the γ(113)

and γ(311) peaks of γ in Ti-48Al at high 2Θ angles indicates a strong texture.

For solidification via the α-phase a texture along α[0002] has been observed

[35]. The generally low intensity of the overlapping α2(0002)/γ(111) peaks

also indicates a texture along this direction in the Ti-(> 45)Al alloys.

The alloys containing 45 < Al < 48 at.% formed a mixed microstructure

showing features of the Al-rich and Al-lean alloys (Figure 4.9c and 4.9d). A

large part of the microstructure consists of coarse α/α2 grains. In addition,

a fine dendritic structure is visible that is probably formed due to local Al

enrichment above the peritectic. In the inter-dendritic areas γ is found. In

the surrounding of the fine dendritic structure, lamellar α2 + γ colonies are

observed. Both α2 and γ are confirmed by XRD in these alloys. The Ti-46Al

alloy showed a coarse-grained α/α2 microstructure at cooling rates exceeding

8000 K·s-1 (see inset Figure 4.9c). In general, a clear shift of the α/α2-forming

alloys towards higher Al contents is obvious.

According to the different observed microstructures, all specimens are

classified as ”coarse-grained α/α2”, ”mixed” or ”dendritic”. Based on this

classification, a map showing the observed microstructures as a function of

the cooling rate and the Al fraction is constructed (see Figure 4.11). Due to

the rapid cooling conditions and reduced time for diffusion, the solidification

and diffusion-less phase transformations occur below the corresponding T0

temperature. In this case ordering from the disordered β- and α- phases

to the intermetallic α2- and γ-phases is expected to be dependent on alloy

composition and the phases involved [83] (see Figure 4.12).

The extension of the α/α2-forming alloys towards higher Al contents may

be due to a shift of the equilibrium peritectic temperature of 1764 K to lower

temperatures due to the high cooling rates. This leads to a suppression of the

hcp α-Ti phase and prolonged growth of the β-Ti phase with a higher Al content

than predicted by the equilibrium CALPHAD calculations. Consequently, full
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Figure 4.9: Microstructures in OM (a, c, e) and SEM (b, d, f) of rapidly
solidified (103 K·s-1) (a, b) ”coarse-grained α/α2” Ti-44Al, (c, d) ”mixed” Ti-
46Al (inset: solidified at 8·103 K·s-1) and (e, f) ”dendritic” Ti-48Al. The scale
bar in (a) applies for (a, c, e) including the inset. The confirmed phases from
XRD are indicated in (a, c, e).
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solidification through the β-phase would occur, followed by the β → α and
α → α2 phase transformations, similar to the β-solidifying Ti-44Al alloy. The

phase selection hierarchy map also indicates a strong tendency to form a

β-phase at Al < 46 at.% (see Figure 4.12).

The T0 temperatures for the α → γ and the α → α2 phase transformations

show different trends for increasing Al amounts (see Figure 4.12). While

T α→γ0 increases with increasing Al contents, T α→α20 decreases. Thus Al-rich

alloys often show massive α → γ transformations, while Al-lean alloys will

more likely undergo an α → α2 ordering reaction. This behavior is already well

known from powder atomization, levitated melts and solid state quenching

experiments from the single phase α-region (see Chapter 2.4.2). Under rapid

solidification conditions, the low Al containing alloys show no pronounced Al

segregation and undergo preferentially the α→ α2 ordering reaction. However,

Figure 4.10: XRD spectra of Ti-44Al, Ti-46Al and Ti-48Al solidified at
6·102 K·s-1. The characteristic peak positions of the α2 Ti3Al-phase and
γ TiAl-phase are indicated.
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the calculated T α→α20 is around 200 K lower than the T α→γ0 for a Ti-44Al

alloy. Consequently, an α → γ transformation would be expected rather than

α → α2 ordering. The observed ordering may be explained by a neglected

energy contribution for the nucleation of the intermetallic phases from the

parent α-phase as it was proposed earlier for solid state quenching for Ti-

(< 46)Al where no massive γ-phase was found [99]. In this study a complete

transformation to α/α2 is only observed in alloys with T L→β
0 ≥ T L→α

0 . In the

case of Ti-46Al cooling rates exceeding 8000 K·s-1 may favor the formation

and growth of β-phase over the α-phase. Previous studies showed the kinetic

preference of β over α at large undercooling in levitated melts [83, 84]. As

a result, the alloy is expected to follow the phase transformation path of

Al-lean alloys and to transform into α/α2. The phase selection hierarchy map

also shows a T β→α20 > T α→γ0 for Al ≤ 46 at.% (see Figure 4.12). Based
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solely on thermodynamics, a β-solidifying alloy undergoing the β → α phase
transformation and having some remaining β-phase when reaching T β→α20 may

undergo a local β → α2 phase transformation providing nucleation sites for

a following α → α2 ordering. Together with the proposed nucleation barrier

for the α → γ transformation, this thermodynamic consideration may also

explain the tendency of Al-lean alloys for complete α/α2 ordering.

The microstructure formation of the ”mixed” and ”dendritic” alloys can also

be explained based on the T0 temperatures. According to the Ti-Al phase

diagram (see Figure 2.3), the Ti-48Al alloy finally solidifies by α-formation

from an Al-enriched liquid phase. Additionally, segregation can further increase

the Al content of the remaining liquid up to 55 at.%. Thus, γ-TiAl can form

directly either from the remaining melt or by α → γ transformation of the

high-Al containing α-phase with a high corresponding T α→γ0 during cooling.
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In the present study the lamellar α2 + γ colonies are observed at cooling

rates up to 1.5·104 K·s-1 in Ti-48Al. The formation of such lamellae at high

cooling rates was also observed in melt-spun Ti-48Al [81, 82] and supercooled

levitated Ti-50Al [83–85]. A possible explanation is the strong segregation

of Al in the liquid phase upon solidification, leading to a direct formation of

the γ-phase from the melt in parallel to the α → γ transformation. The

segregation tendency increases with increasing Al amount, as indicated in

Figure 4.11. The locally formed γ-phase can act as a seeding crystal for

the α → α2 + γ transformation of the adjacent α-dendrites, starting from

the inter-dendritic space and proceeding towards the dendrite core [81]. As

a result, the final microstructure consists of lamellar α2 + γ dendrites and

inter-dendritic γ-phase. The ”mixed” microstructures of the 46-47 at.%

Al alloys can be explained by their solidification path and locally different

compositions. Consequently, the T0-temperatures vary and lead to locally

different phase transformations. Furthermore, T L→β
0 and T L→α

0 are very close

and T α→γ0 >> T α→α20 . Based on the resulting microstructure, a significant

amount of β-phase is expected to form during solidification. At lower tempera-

ture the α→ α2 ordering reaction leads then to the coarse α/α2 structure (see

Figures 4.9c and 4.9d). Elemental segregation of Al during solidification may

lead to locally higher Al contents and promote a partial α→ γ transformation.

In the alloys with 45 < Al < 48 at.%, lamellar colonies are observed in the

neighborhood of locally formed γ-phase as well. However, the seeding effect,

described for Ti-48Al, is not strong enough to completely transform this

microstructure into the equilibrium structure of lamellar α2 + γ.

The solidification sequence of Ti-Al alloys can be influenced by different

degrees of undercooling [83]. While the phase selection in Al-rich alloys shows

a high sensitivity on the degree of undercooling, alloys with Al < 50 at.% Al

show primary β-phase formation up to a undercooling of 262 K. Recorded

high speed imaging data obtained from the experiments in this work indicates

a stable temperature of the liquid before and no recalescence events after

solidification for the upper hemisphere of the specimens. Additionally, the

measured velocity of the solidification front in the experiments is typically

two orders of magnitude slower, than published data on dendrite growth

72



4.3 Influence of cooling rate and composition in binary Ti-Al

velocities in Ti-Al-Nb alloys undercooled by 75 K [95]. Although a significant

undercooling is achieved for a short time at the interface to the cooled Cu

substrate at the beginning of solidification, the lower thermal conductivity

of already solidified material effectively isolates the remaining liquid from

excessive heat extraction as indicated by finite element modeling. Finally this

effect allows to control the cooling rate in the upper hemisphere in a moderate

range of 6·102 to 1.5·104 K·s-1 by varying the specimen size. Based on the

phase selection hierarchy map (see Figure 4.12) it can be concluded, that a

moderate undercooling has no effect on phase selection upon solidification in

Ti-Al alloys with Al < 46 at.% due to a higher thermodynamic stability and

kinetic preference of the β-phase. Alloys with 45 < Al < 48 at.% are expected

to form either primary α or β depending on the degree of undercooling. A

similar effect has been shown for Ti-50Al at undercoolings exceeding 85 K,

where metastable primary β was formed instead of stable α [83]. With lower

Al-contents, primary β is formed under equilibrium conditions (see Figure 2.3).

Under non-equilibrium conditions primary α is expected to form at moderate

undercoolings (see Figure 4.12). For Ti-48Al the calculated equilibrium

liquidus and T0 temperature for α-solidification differ by 17 K. This result

is in good agreement with the observed microstructure in rapidly solidified

Ti-48Al showing orthogonal dendrites, which are typically assigned to primary

β-solidification, at low cooling rates and hexagonal dendrites, associated with

primary α-formation, at high cooling rates. Based on all these results, the

achieved undercooling in the performed experiments is estimated to be in a

range of 10 to 75 K.

The formation of a single phase supersaturated α/α2 structure is considered

detrimental for processing because of a high probability of thermal cracking due

to a low fracture toughness. To overcome this behavior, increased processing

temperatures can be applied to accelerate diffusion as well as to decelerate

the cooling rate. If crack-free processing is achieved, such alloys still need

post-processing heat treatments to form the desired set of phases. Based

on the present data, suitable alloys for AM with reduced segregation and

out-of-process α2 + γ structure are foreseen in the range of Ti-(46-47)Al for

binary alloys or in higher order alloys with similar behavior. The Al content
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4 Microstructure formation of Ti-Al alloys under non-equilibrium conditions

in this range is high enough to prevent full solidification via the β-phase

and complete α/α2 ordering but does not promote the formation of a highly

Al-enriched liquid phase leading to strong segregation. However, specific

applications, as ODS alloys, may require Al-leaner or Al-richer alloys based on

their individual properties. In such cases the presented data and predictions

allow to identify possible problems during processing in an early stage and to

choose strategies to overcome the limitations of such TiAl alloys for AM. In

summary, it was shown that:

• systematic rapid solidification studies with varying cooling rates can be

realized by a combination of experiments with heat transfer analysis

based on finite element simulations;

• at the studied cooling rates, the resulting microstructure of binary

Ti-Al alloys is strongly dependent on the Al content. At Al≤45 at.%

the alloys undergo α → α2 ordering, while intermediate alloys with

45 < Al < 48 at.% show a mixed microstructure consisting of coarse

α/α2 grains, local γ-phase and lamellar α2 + γ. The Al-rich Ti-48Al alloy

exhibits a dendritic microstructure consisting of lamellar α2 + γ dendrites

and inter-dendritic γ-phase.

• at cooling rates between 6·102 and 1.5·104 K·s-1 the microstructure

and phase transformation behavior of Ti-(44-48)Al alloys can be pre-

dicted and explained based on thermodynamic considerations considering

reduced diffusion, extensions of single phase fields and undercooling

effects, summarized in the phase selection hierarchy map.
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4.3 Influence of cooling rate and composition in binary Ti-Al

4.3.2 In situ microXRD during laser melting of Ti-48Al

The previously discussed ex situ rapid solidification experiments give valu-

able information on the formed microstructures and phases, but they are

providing no direct data on the involved phase transformations starting with

solidification. Although dendrite orientations, formed phases and obtained

microstructures can be used to discuss possible transformation paths, these

findings remain essentially estimates. Undoubtedly, the solidification pathway

directly influences the observed microstructure at low temperature. While

Al-lean alloys solidify by β, Al-rich TiAl alloys have a complex solidification

amorphous liquid

bad pixels

Cu support
beam stop

halo from beam optics

(a)

a2 g

(b)

Figure 4.13: Raw 2D diffraction data obtained a) during the liquid state and
b) after solidification and cooling of Ti-48Al. The theoretical positions for α2
Ti3Al (black) and γ TiAl (blue) are indicated.
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4 Microstructure formation of Ti-Al alloys under non-equilibrium conditions

behavior due to presence of two high temperature peritectic reactions (see Fig-

ure 2.3). Computational thermodynamics taking into account non-equilibrium

conditions upon high cooling rates indicate a strong preference of Al-rich TiAl

alloys to form directly primary α instead of the equilibrium primary β (see

Figure 4.12). In order to validate these calculations, in situ rapid solidification

experiments are conducted on a Ti-48Al model alloy. In situ XRD experiments

on TiAl alloys until now were performed using levitated undercooled liquids

[25, 96, 173] or laser-welding setups [174] to study phase transformation
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Figure 4.14: Intensity map of the scattering vector q versus time showing the
phase evolution in Ti-48Al during a) complete melting cycle and b) close view
on rapid solidification and cooling within 1 s. Theoretical peak positions for α,
β, α2 and γ are indicated by dashes (-). The temporal resolution is 10 ms; the
graphs are composed of azimuthally integrated, background subtracted and
laterally stacked diffraction spectra.
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4.3 Influence of cooling rate and composition in binary Ti-Al

and solidification. For solid state transformations and phase evolution in

multi-component alloys, in situ phase identification at high temperature is

increasingly applied [7, 175–178]. However, none of this studies was focused

in the solidification step at high cooling rates exceeding 103 K·s-1.
The Ti-48Al specimen is heated for 4 s to achieve full melting. Continuous

microXRD measurements show the formation of a liquid phase and transforma-

tion to the intermetallic α2 Ti3Al and γ TiAl phases after cooling (see Figure

4.13). Figure 4.14 shows the azimuthally integrated time-resolved diffraction

data in the range 15 < q < 40 nm-1. Upon heating, the peak positions are

shifted to lower q-values due to thermal lattice expansion (see Figure 4.14a).

The intermetallic structure consisting of a high fraction of γ-phase transforms

first into the disordered α-Ti structure and then transforms into the high

temperature β-Ti phase. At this stage, a liquid phase is already present

as indicated by the increasing broad intensity between 25 < q < 30 nm-1.

While fading out, the signal of the β-phase becomes intermittent which can

be explained by crystallite movement in the liquid phase. After a stable

liquid state is reached for longer than 1 s, the lasers are shut off and the

specimen solidifies quickly, undergoing a multitude of phase transformations

within a short time (see Figure 4.14b). After the liquid state, the α-phase

appears at 6650 ms before the intermetallic γ-phase is formed at 6700 ms

and α → α2 ordering takes place at 6800 ms. A high acquisition rate is thus

mandatory to observe and closely follow the solidification, transformation and

ordering phenomena which take place within 150 ms. A detailed analysis of

the peak evolution and non-crystalline fraction shows the coexistence of the

liquid phase and theα-phase upon solidification (see Figure 4.15a). After the

liquid state a fast increase of the α-peaks and decrease of the non-crystalline

fraction is observed. Based on high-speed camera data, a recalescence event

takes place, increasing temperature again and leading to a small plateau in the

peak intensity. Due to the rapid formation of the α-phase a significant amount

of latent heat is released, shortly increasing temperature and slowing down

further solidification visible as the plateau in peak intensity and amorphous

fraction. After the α-phase forms, the γ-phase appears quickly, within 10 to

20 ms. Simultaneously, the non-crystalline fraction decreases further. The
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4 Microstructure formation of Ti-Al alloys under non-equilibrium conditions

α and γ-phases coexist for 90 ms before α orders to the intermetallic α2 phase.

Upon further cooling, the peak intensities asymptotically approach their final

values. This indicates a further relaxation of the alloy towards a state closer

to the thermodynamic equilibrium.

The peak evolution versus time shown in Figure 4.15a indicates that

the observed γ-phase forms from a highly Al-enriched liquid phase due to

segregation. However, the surface temperature corrected data in Figure 4.15b

could suggest that the observed diffraction signals are coming from γ which

is formed from a parent α-phase based on the low formation temperature.

If significant fractions of γ are formed rapidly by transformation from the

parent α, a reduction of diffracted intensities originating from α is expected.

However, the intensities of the α-phase shown in Figure 4.15 do not seem

to be affected by the first formation of γ, which strengthens the proposed

formation of γ directly from the liquid. This is also in agreement with the

data on the non-crystalline fraction. It rapidly drops and reaches a plateau

of 0.7 upon the formation of α. With decreasing temperature, the amount

is reduced to 0.2 when γ is observed. The discrepancy between the data

in Figure 4.15a and 4.15b on the formation of γ can be explained by an

inhomogeneous lateral temperature distribution upon solidification. While

the surface zone, where the temperature is calculated from the high speed

camera data, is cooled below the solidus temperature and consists mostly of

the α-phase, the inner core is still above the solidus temperature. This leads

to a lower measured temperature on the surface than in the actual volume

where γ is formed. Consequently, the formation temperature of γ from the

liquid phase is underestimated based on the calculated temperature in Figure

4.15b. After complete solidification, rapid quenching takes place with solid

state cooling rates similar to the rest of the upper hemisphere, which was

confirmed for the ex situ experiments (Section 4.1.1). After solidification of

α and the segregation-stabilized γseg, the α-phase starts to decompose first

into α + γ and then into α2 + γ upon further cooling. This is evident from the

continuously increasing intensity of the γ peaks after their sudden appearance

(see Figure 4.15a). Furthermore, this implies growth of the previously formed

γseg phase into the adjacent α-dendrites; this is an effect that was observed in
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(a)

(b)

Figure 4.15: a) Integrated peak intensity and non-crystalline fraction versus
time for Ti-48Al. Solidification of the α-phase (•), subsequent γ-formation (◦)
and α → α2 ordering are clearly visible. Miller indices of overlapping α and α2
peaks are shown separately (/). b) Integrated peak intensity and non-crystalline
fraction versus calculated surface temperature based on high-speed camera
measurements. Miller indices are omitted for clarity.
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the ex situ experiments and which seems to be corroborated. The temperature-

corrected data based on high-speed imaging is in good agreement with the

established phase diagram data for Ti-Al alloys (see Figure 2.3) and previous

ex situ results on rapidly solidified Ti-48Al (see Chapter 4.3.1). Under near-

equilibrium conditions Ti-48Al shows the primary formation of the β-phase

before undergoing a peritectic reaction involving the liquid, β and α-phases.

In the presented measurements, no primary β could be identified in the range

of 15 < q < 70 nm-1. This is in agreement with calculations based on

the CALPHAD approach that takes into account non-equilibrium conditions.

These calculations predict a thermodynamic preference of the α-phase over the

β-phase in Al-rich alloys upon rapid solidification (see Figure 4.12). Based on

the presented results, the non-equilibrium solidification and transformation of

Ti-48Al follows: L→ L + α→ α + γseg → α + γ + γseg → α2 + γ + γseg under
rapid solidification conditions with 1.25·103 K·s-1 cooling rate. In beam-based

AM processed material of similar behavior a fine dendritic structure consisting

of α2 + γ + γseg is expected. This was indeed shown by Vilaro et al. [126] for

laser-processed Ti-47Al-2Cr-2Nb.

To summarize, the combination of in situ microXRD, high-speed imaging

and laser-based heating is a unique opportunity to study rapid solidification

processes under conditions similar to beam-based additive manufacturing.

The results in a binary Ti-48Al alloy clearly show the solidification and phase

transformation sequence upon rapid solidification conditions and the deviations

from equilibrium behavior. The presented experimental setup reproduces

the conditions present during additive manufacturing with regards to high

cooling rates, a stable liquid phase on an already solidified base and the small

liquid volume formed. The possibility to estimate local temperatures and

directly correlate them to diffraction signals gives deeper insights into the

processes observed under non-equilibrium conditions and reliable cooling rate

measurements.
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4.4 Influence of the ternary alloying elements Nb and Mo

4.4 Influence of the ternary alloying elements Nb and Mo

The results on the different alloy systems and individual alloys are presented

in this section separately taking into account the different characteristics

of microstructure formation. The technically important Ti-Al-Nb system is

discussed first, followed by the Ti-Al-Mo system. Both sections are structured

similarly, presenting first the observed characteristic microstructures (Figures

4.16 and 4.22) and the results from XRD measurements (Figures 4.17 and

4.23). The consolidated results showing the composition of the experimental

alloys, their characteristic microstructure and the calculated equilibrium solidus

surface are shown (Figures 4.18 and 4.24). Thermodynamic calculations

using the CALPHAD approach to study the phase transformation behavior

under non-equilibrium conditions are presented as phase selection hierarchy

maps (Figures 4.19 and 4.25). The compositional dependent tendency to

form γm in Ti-Al-Nb is presented as a color intensity map of the calculated(
∆T
Tα→γ0

)
max

(Figure 4.21). Each section is concluded with a discussion of the

advantages and challenges of the observed behavior with respect to additive

manufacturing.

4.4.1 Ti-Al-Nb

Ti-45Al-(3-8)Nb

The microstructure of the rapidly solidified Al-lean Ti-45Al-(3-8)Nb alloys is

in all cases coarse grained α/α2 phase (Figure 4.16a, 4.16b). XRD measure-

ments confirm the presence of α2 while no γ is observed (Figure 4.17). In

these β-solidifying alloys the segregation tendency is low for Al. However, Nb

tends to enrich together with Ti in the cores of the former β-phase dendrites

and is visible as a network of slightly brighter regions throughout the alloy.

This effect is typically enhanced with increasing Nb contents and consequently

a stronger enrichment of Nb in the primary β-phase. In the microstructure-

composition map for a cooling rate of 4.5·103 K·s-1 the Ti-45Al-(3-8)Nb alloys

are classified as purely α/α2 forming alloys (see Figure 4.18). Depending on

the Nb content a minute fraction of β/β0-phase, locally stabilized by the slight
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200 mm

Ti-45Al-5Nb

(a)

25 mm

(b)
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L(a +g)2
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Figure 4.16: OM and BSE SEM micrographs of the formed microstructures in
rapidly solidified (a, b) Ti-45Al-5Nb, (c, d) Ti-46Al-5Nb and (e, f) Ti-47Al-5Nb
at 4.5(±0.2)·103 K·s-1. The scale bars in (a) and (b) are valid for (a, c, e)
and (b, d, f), respectively. The solidification direction is indicated (↑) as well
as the observed phases.
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4.4 Influence of the ternary alloying elements Nb and Mo

enrichment of Ti and Nb, may be retained in the final microstructure. The

calculated solidus surfaces overlayed on the experimental results in Figure 4.18

indicate the β-stabilizing effect of Nb additions and the accompanied extension

of the L + β solidus surface towards higher Al contents with increasing Nb

additions. While the binary Ti-45Al undergoes a peritectic reaction upon solid-

ification in equilibrium conditions, the Nb containing Ti-45Al-(3-8)Nb alloys

are β-solidifying alloys. For the binary Ti-45Al alloy, however, a metastable

extension of the β-solidification regime due to a combination of limited diffu-

sion conditions and kinetic aspects upon rapid cooling was proposed earlier

(see Chapter 4.3.1). Thus all Ti-45Al-(3-8)Nb alloys are expected to solidify

solely by the β-phase upon rapid solidification. Consequently, similar coarse

grained α/α2 microstructures are formed upon the following solid state phase

transformations according to L → L + β → β → β + α → α → α2. The

processability of these Al-lean alloys using beam-based AM technology is

expected to be similar based on the formed microstructure. However, kinetic

Figure 4.17: XRD spectra of Ti-46Al-3Nb and Ti-(45-47)Al-5Nb solidified
at 4.5(±0.2)·103 K·s-1. The characteristic peaks for the γ and α2 phases
are indicated. The inset shows an enlarged section for Ti-46Al-3Nb and the
position of the spurious γ(111) peak (↓).
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4 Microstructure formation of Ti-Al alloys under non-equilibrium conditions

aspects not covered by the experiments performed may additionally influence

processing and following heat treatments due to the low diffusivity of Nb in

the microstructure [179, 180].

Ti-46Al-(3-8)Nb

The addition of Nb changes the microstructure formation from a coarse grained

α/α2 microstructure in the Ti-46Al-3Nb alloy to a α/α2 + γm microstructure

in Ti-46Al-(5-8)Nb. While the Nb-rich alloys show no decomposition of the

α/α2-phase into lamellar α2 + γ , local formation of γm is observed as visible

in BSE SEM micrographs (see Figure 4.16c, 4.16d). XRD measurements

also show the formation of the γ phase beside the major α2 phase in these

alloys. In the case of Ti-46Al-3Nb only a spurious shoulder is observed at

0.43 0.44 0.45 0.46 0.47 0.48 0.49
0.00

0.01

0.02

0.03

0.04

0.05

0.06

0.07

0.08

L

L+b L+b+a L+a

 L(a +g)+g +g2 seg m

 L L(a +g)+a/a +g2 2 seg

 a/a +g2 m

 a/a2

N
b
 m

o
le

 f
ra

ct
io

n

Al mole fraction

* * * * * *

Figure 4.18: Composition-microstructure map of Ti-(44-48)Al-(0-8)Nb solidi-
fied at 4.5(±0.2)·103 K·s-1. Data from the study of the binary system is marked
(*). Overlayed is the calculated solidus surface based on a published Ti-Al-Nb
assessment [23]. The compositional spaces where a similar microstructure is
observed are shown tentatively with a common shading to guide the reader’s
eye.
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4.4 Influence of the ternary alloying elements Nb and Mo

the γ(111) peak position while the spectrum of Ti-46Al-5Nb clearly shows

the presence of γ (see Figure 4.17). The calculated equilibrium solidus

surface shows that the Nb-rich alloys are β-solidifying while the Nb-lean

alloys are passing the L + β + α phase field. Based on limited diffusion

considerations, the binary Ti-46Al alloy is at a composition, where the β-

and α-phase directly compete based on their thermodynamic stability at the

same composition (see Figure 4.12). With increasing Nb additions, this

calculated point is shifted towards higher Al contents (see Figure 4.19).

Combining the fact that the Nb-rich alloys are β-solidifying under equilibrium

conditions and the metastable extension of β-solidification towards higher Al

contents, the experimental results are in good agreement with the CALPHAD

calculations regarding the solidification path. The local formation of massive

γm in a coarse α/α2 matrix is only observed in the Nb-rich Ti-46Al-(5-8)Nb
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alloys. Comparing the phase selection hierarchy maps of binary Ti-(43-49)Al

to ternary Ti-(43-49)Al-5Nb shows shifted T0 temperature curves for the

solidification as well as for solid state phase transformations (compare Figures

4.12 and 4.19). The stabilizing effect of Nb on the β-phase increases the

stability range of β on the expense of the α-phase leading to a thermodynamic

preference of the β-phase up to higher Al contents compared to the binary

system. While T α→γ0 and T β→γ0 are only slightly affected, the T α→α20 and

T β→α20 temperatures are strongly suppressed. Consequently, the temperature

difference and thus also the time difference between the calculated formation

of γ and the subsequent α → α2 ordering is enhanced by Nb additions. It

is a known phenomenon in TiAl alloys that the nucleation of γ from α is

suppressed at high cooling rates although T α→γ0 > T α→α20 [108]. Consequently,

a certain amount of undercooling below T α→γ0 is necessary to nucleate the

γ-phase. If at this point T α→α20 is already reached, the alloy undergoes

α → α2 ordering without γ-formation. The calculated
(

∆T
Tα→γ0

)
max

for Ti-

(43-49)Al-(0-8)Nb shows a clear effect of Nb additions for all alloys in this

work (see Figure 4.21). However, the highest values of
(

∆T
Tα→γ0

)
max

are

reached for the simultaneously Al- and Nb-rich alloys. For the β-solidifying

Ti-46Al-(0-8)Nb alloys at the studied cooling rate,
(

∆T
Tα→γ0

)
max

is subcritical

for Nb < 5 at.% while the obtained undercooling or time is sufficient for

γ-formation if Nb≥5 at.%. As the Nb-rich Ti-46Al-(5-8)Nb alloys are near β-

or fully β-solidifying, only slight Al segregation is typically observed which leads

to the observed α/α2 + γm microstructure according to transformation scheme

of L → L + β → β → β + α → α → α + γm → α2 + γm. In the binary Ti-Al

system the microstructure formation of Ti-46Al was found to be sensitive

to the applied cooling rate in the range of 102 to 104 K·s-1 (see Chapter

4.3.1). This sensitivity is also confirmed for Ti-46Al-3Nb with a coarse α/α2
microstructure formed at 4.4·103 K·s-1. For a reduced characteristic cooling

rate of 1.9·103 K·s-1 a microstructure consisting of lamellar α2 + γ, massive

γm as well as α/α2 is observed. The lower cooling rate and consequently longer

time available for phase transformation allows for local nucleation of the γ-

phase and decomposition of the supersaturated α2 grains. For processing using

AM techniques, alloys of the Ti-46Al family show the highest sensitivity on
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4.4 Influence of the ternary alloying elements Nb and Mo

cooling rate and composition. This may affect process stability and finally part

performance due to locally different microstructures and properties depending

on process fluctuations and compositional variations in commercial alloys.

Ti-(47-48)Al-(3-8)Nb

The Al-rich alloys studied in this work typically exhibit a dendritic microstruc-

ture consisting of lamellar α2 + γ, ordered α/α2 and inter-dendritic γseg, formed

directly from of the remaining Al-enriched liquid phase. The underlying coarse

domains of presumably high temperature α phase are observed in OM under

polarized light (see Figure 4.16e, 4.16f). The presence of a dual phase struc-

ture is confirmed by XRD. The γ is the major phase in these alloys based

on relative intensities of the strongest peaks for the two phases, γ(111) and

α2(2021), respectively (see Figure 4.17). The observed orthogonal dendrite

morphology indicates β-dendrite formation from the liquid phase in the Al-rich

alloys and at the studied cooling rates. This is in good agreement with both

the equilibrium phase diagram and T0 temperature calculations. The former

predicts primary β-formation, while the latter shows that the β-phase is ther-

modynamically preferred over α in the Ti- and Nb-rich alloys up to Al contents

Figure 4.20: Segregation tendencies of Ti, Al and Nb in a Ti-48Al-3Nb master
alloy. The scan direction is perpendicular to two adjacent dendrites. Enrichment
of Ti and Nb in the dendrite core and their depletion in the inter-dendritic
space is shown.
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around 48 at.%. In examined specimens, the bright ribs of former β-phase in

the cores of the observed dendrites are typically enriched in Ti and Nb and

depleted in Al (see Figure 4.20). Consequently, the Nb content in the solid

phase decreases with proceeding solidification leading finally to a Ti and Nb

depleted and Al-rich liquid phase which solidifies by L → L + γseg → γseg. In
this situation, a single phase selection hierarchy map based on T0 temperature

calculations assuming a homogeneous elemental distribution due to limited

diffusion is no more sufficient to explain a complete solidification sequence.

However, using several phase selection hierarchy maps for Nb-rich alloys (see

Figure 4.19) for the beginning of solidification and for the binary Ti-Al alloys

(see Figure 4.12) for the final stages, allows to predict the local changes in

solidification and phase transformation behavior. The direct formation of the

γseg-phase from the Al-enriched liquid phase at the final stages of solidification
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also outruns the formation of a γm-phase from the parent α-phase as in close

distance the inter-dendritic γseg-phase provides a preferential site for further

growth and decomposition of the adjacent α-dendrites into lamellar α2 + γ.

At the same time, the α-transus temperature is increasing with increasing

Al content in Ti-Al alloys (see Figure 2.3). Compared to Al-lean alloys, the

α-phase forms earlier in the transformation sequence at higher temperatures.

Consequently, diffusion in the α-phase is faster and a state closer to equilibrium

can be reached more easily as in Al-lean alloys. Additionally, the equilibrium

composition for the γ-phase at a specific temperature is independent of the Al

content in the dual phase region α + γ. Only its equilibrium fraction is varied.

Naturally, the composition of the Al-rich Ti-Al-(Nb, Mo) alloys of interest here

are closer to the ideal composition of γ. Thus, not only is diffusion facilitated

by the presence of the α phase at higher temperature, the required amount

of diffusion is also lower at the same time. The combination of the discussed

effects explains why the Al-rich Ti-(47-48)-(3-8)Nb alloys typically show no

excessive formation of γm even though the calculated
(

∆T
Tα→γ0

)
max

reaches or

exceeds the critical values observed in Ti-46Al-(5-8)Nb (see Figure 4.21).

However, if such Al- and Nb-rich alloys are later homogenized in the α-field

and subsequently quenched to low temperatures, the formation of massive γm
is expected based on the results. Such conditions may be deliberately imposed

by a heat treatment or occur naturally in a layer-wise AM process, where earlier

deposited layers in a built structure are exposed to several heating and cooling

cycles. The formation of predominantly lamellar microstructures in the Al-rich

Ti-Al-Nb alloys at high cooling rates offers the potential to directly produce

parts with a microstructure close to conventionally applied TiAl alloys. This

eliminates the need for high temperature heat treatments generally applied to

produce fully and near lamellar microstructures. While these heat treatment

procedures are well studied in conventionally produced TiAl alloys, the possible

production of hybrid components using AM techniques may restrict heat

treatment temperatures. In such cases, alloys forming out-of-process lamellar

microstructures may be chosen. Due to the directional solidification, the

finally formed lamellar microstructure is highly textured. Depending on build

direction, the final properties of a part can be adjusted and oriented in a most

beneficial manner.
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4 Microstructure formation of Ti-Al alloys under non-equilibrium conditions

4.4.2 Ti-Al-Mo

For the Ti-45Al-(1-2)Mo alloys a coarse grained microstructure consisting of

α/α2 phase is observed after rapid solidification (Figure 4.22a). Additionally an

increasing amount of retained high temperature β/β0-phase is observed with

increasing Mo contents in BSE SEM micrographs. EDX measurements sug-

gest a reduced Al content of 42.5-43 at.% Al and a Mo content of 2.5-3 at.%

in this phase. This is also confirmed by XRD measurements where a β0(110)

peak is observed in Ti-45Al-2Mo (Figure 4.23). Although the additional β/β0-

phase is not observed in binary Ti-Al alloys, the similar appearance of the alloy

microstructure in OM and the apparently similar mechanism of microstructure

formation justify the same classification of the Al-lean Ti-Al-Mo alloys as it

was proposed in Sections 4.3.1 and 4.4.1 for the Al-lean Ti-Al and Ti-Al-Nb al-

loys (Figure 4.24). This result is in good agreement with the calculated solidus

surface for the Ti-Al-Mo alloys in this study. With an increasing Mo content,

the Ti-45Al-(1-2)Mo alloys solidify solely by the β-phase under equilibrium

and non-equilibrium conditions. The final coarse grained microstructure with

remaining β-phase is then formed during the following solid state phase trans-

formations according to L→ L + β→ β→ β + α→ β/β0 + α→ β/β0 + α/α2.
Based on phase diagram information, the β/β0-phase is expected to be a

stable phase in Mo-rich Ti-(45-47)Al-2Mo alloys, while it is only metastable in

the Mo-lean Ti-(45-47)Al-1Mo alloys. This is reflected in the relative amount

of retained β/β0-phase at room temperature, which is significantly larger

in the Mo-rich alloys. While the formation of a coarse grained microstruc-

ture is observed independently from the Mo content in the Ti-45Al-(1-2)Mo

alloys, a compartmentalization effect of the α/α2-phase is observed. The

retained β/β0-phase divides the coarse α/α2-grains into smaller compartments

or sub-grains that share a common crystal orientation over long distances

as observed by OM under polarized light. The microstructure consisting

of sub-grains, partly or fully separated by the β/β0-phase, is expected to

show enhanced ductility at elevated temperatures of these alloys. The con-

cept of enhanced ductility by the controlled stabilization of a β-phase at

elevated temperatures is successfully applied for the TNM alloys [6, 134].
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4.4 Influence of the ternary alloying elements Nb and Mo
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Figure 4.22: BSE SEM micrographs of formed microstructures in rapidly
solidified a) Ti-45Al-2Mo, b) Ti-46Al-2Mo and c) Ti-47Al-2Mo at
4.5(±0.2)·103 K·s-1. The scale bar in a) is valid for (a-c). The solidifica-
tion direction is indicated (↑).

Applying this concept in alloy development for AM may allow to dissipate

thermal stresses building up during processing by plastic deformation of a

ductile β-phase. In the Ti-46Al-(1-2)Mo alloys a combined microstructure

consisting of coarse α/α2-grains, retained β/β0-phase and massively trans-

formed γm is observed (Figure 4.22a). XRD measurements also confirm a

small amount of γ by the presence of spurious γ(002) and γ(200) as well as

γ(111) in Ti-46Al-1Mo (Figure 4.23). The combination of a near β- or fully

β-solidifying alloy with increased Al and Mo content leads to a stabilization of

the γ-phase and consequently transformation of the parent α-phase during

cooling. A similar effect is observed in Ti-Al-Nb alloys with intermediate Al

and high Nb contents. Based on the observed microstructure, the phase
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4 Microstructure formation of Ti-Al alloys under non-equilibrium conditions

transformation sequence is expected to follow L → L + β (→ L + β + α/

→ β) → β + α → α + β/β0 → α + γm + β/β0 → α/α2 + γm + β/β0. For

the Mo-rich alloy, solidification very close to or completely by the β-phase is

expected (Figure 4.24). For the Mo-lean Ti-46Al-1Mo alloy the equilibrium

solidification path crosses the L + β + α phase field. The observed similarity

of the coarse microstructures in both the Mo-lean and -rich Ti-46Al-Mo alloys

suggests a possible metastable extension of the β-solidification behavior to

lower Mo-contents. The Al-rich Ti-47Al-(1-2)Mo alloys formed dendritic

microstructures containing lamellar α2 + γ colonies, α/α2-grains, retained

β/β0-phase as well as massively transformed γm (Figure 4.22c). XRD mea-

surements show a dual phase α2 + γ structure with high γ content. Beside

the retained β/β0-phase, that is stabilized by the increased Mo content, this

microstructure is comparable to the results found for binary Ti-47Al and

the Al-rich Ti-Al-(3-7)Nb alloys in Sections 4.3.1 and 4.4.1. Similar to the

Al-lean Ti-45Al-(1-2)Mo alloys, the retained β/β0-phase effectively separates

individual grains being transformed variants of the parent α-phase. The sepa-

Figure 4.23: XRD spectra of Ti-(45-47)Al-1Mo and Ti-45Al-2Mo solidified
at 4.5(±0.2)·103 K·s-1. The characteristic peaks for the γ and α2 phases are
indicated. The inset shows an enlarged section for Ti-45Al-(1-2)Mo and the
presence of a small fraction of β0-phase in the material (↓)
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4.4 Influence of the ternary alloying elements Nb and Mo

ration effect is strong enough to allow the formation of α/α2-grains adjacent

to lamellar α2 + γ colonies. In the grains along the inter-dendritic spaces,

characterized by an Al enrichment due to segregation upon solidification,

the parent α-phase decomposes into α2 + γ. The Al enrichment sufficiently

stabilizes the γ-phase to allow for decomposition. In case of sufficiently strong

segregation also direct formation of γ from the liquid may occur and act as

a seeding site for further α → α2 + γ decomposition. These grains are only

rarely interrupted by retained β/β0-phase and extend vertically over length

scales of up to 100 µm. In the cores of the former dendrites and adjacent to

the decomposed grains, the α-phase is compartmentalized by the β/β0-phase.

These isolated grains are not Al-enriched and lack the formation of any seeding

γ-phase. Consequently, these grains show α → α2 ordering. Occasionally, the
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Figure 4.24: Composition-microstructure map of Ti-(44-47)Al-(0-2)Mo solidi-
fied at 4.5(±0.2)·103 K·s-1. Data from the study of the binary system is marked
(*). Overlayed is the calculated solidus surface based on a published Ti-Al-Mo
assessment [17]. The compositional spaces where a similar microstructure is
observed are shown tentatively with a common shading to guide the reader’s
eye.
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4 Microstructure formation of Ti-Al alloys under non-equilibrium conditions

formation of massive γm is observed. Also this reaction is efficiently stopped

at the interface to the β/β0-phase. Based on the observed microstructure

and thermodynamic information, the proposed non-equilibrium solidification

and phase transformation path for Al-rich Ti-47Al-(1-2)Mo alloys follows

L→ L + β→ L + β + α→ α + β/β0→ α + β/β0 + γm→ L(α2+γ) + α/α2 + β/β0
+ γm. In general, similar classes of alloy behavior are observed in the studied

Ti-Al-Mo alloys as in the Nb-containing alloys. In the case of Mo, the alloying

levels to produce a certain effect are lower, which can be attributed to its

stronger β-stabilizing effect (Figures 4.18 and 4.24). Combining this effect

with a low diffusivity and the tendency for enrichment in the β-dendrite cores,

a fine network of β/β0-phase can be stabilized in controlled amounts. This

seems to be a promising way for future alloy development to reduce stresses in
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Figure 4.25: Calculated phase selection hierarchy map assuming composition-
invariant transformations for solidification and the β → α transformation for
Ti-(43-50)Al-(0-2)Mo. The results for binary Ti-Al (solid), ternary Ti-Al-1Mo
(short dashed, blue) and ternary Ti-Al-2Mo (long dashed, red) are shown. The
corresponding phase transformations are indicated as well as the relative order
of the underlying Gibbs energies (G) of the phases involved.
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4.5 Alloy design of titanium aluminides for additive manufacturing

processing. In this respect, also other strongly β-stabilizing alloying elements

as W and Ta or multi-element combinations are of interest. The TNM alloy

family contains a combination of Nb and Mo to stabilize a ductile β-phase

at the deformation temperature [6]. However, the alloy was developed for

conditions which are close to equilibrium, namely high-temperature forging,

especially when compared to the non-equilibrium conditions in AM process-

ing. This study and earlier work clearly show that under such conditions an

extension of the β-solidification regime is to be expected. Consequently, the

full equilibrium stabilization of significant amounts of β-phase at elevated

temperatures may lead to exceedingly high amounts of retained β-phase in

AM processed alloys of this kind. This is supported by the results of Löber

et. al [134] producing a predominantly β + α2 containing microstructure

after selective laser melting of a TNMB1 alloy. The approach of combining

rapid solidification experiments with computational thermodynamics clearly

shows the influence of ternary additions of Nb and Mo on alloy transformation

behavior in Ti-(44-48)Al-(3-8)Nb and Ti-(44-47)Al-(1-2)Mo alloys. It was

shown that both elements have strong effects on the T0 temperatures of the

relevant phase transformations and solidification. This affects microstructure

formation which can be roughly classified into Al-lean Nb- or Mo- alloyed alloys

forming a predominantly α/α2-containing microstructure after β-solidification,

Al-rich alloys which produce a lamellar α2 + γ microstructure containing addi-

tional phases (γseg, γm and β/β0) and the intermediate Al-containing alloys

which show a high sensitivity of microstructure formation on composition and

cooling rate.

4.5 Alloy design of titanium aluminides for additive manufacturing

The results generated and presented in this chapter on binary Ti-Al and

ternary Ti-Al-Nb and Ti-Al-Mo can directly be applied for alloy design and

selection for processing involving high cooling rates. These processes are not

limited to AM, but can also be welding of sintered or cast parts as well as

rapid heat treatments or atomization of melts for powder production. The

consolidated results are discussed in the following section with regard to
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4 Microstructure formation of Ti-Al alloys under non-equilibrium conditions

alloy selection and involved considerations. The selection of a specific alloy

for the production of ODS TiAl is discussed in detail in Chapter 5. The

selection of a specific titanium aluminide alloy needs to take into account

among others the influence of alloying elements, the processing conditions,

the service conditions, specific requirements for mechanical performance and

homogeneity, alloy availability and cost. It is evident, that compromises need

to be accepted in many cases and focus on only one criterion may lead to

scientifically interesting but technically irrelevant solutions.

4.5.1 Design rules for titanium aluminides

The influence of alloy composition and the processing conditions can be

consolidated into a Schaeffler-type diagram combining the results of Ti-Al,

Ti-Al-Nb and Ti-Al-Mo (Figure 4.26). In order to overlay the data, the

equivalent Nb content Nbeq is calculated as Nbeq = [Nb] + 3.9·[Mo] according
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Figure 4.26: Schaeffler-type diagram combining the results of the influence of
composition in Ti-Al-(Nb, Mo) on microstructure formation at cooling rates of
4.5·103 K·s-1.
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4.5 Alloy design of titanium aluminides for additive manufacturing

to Clemens and Mayer [35]. The pre-factor for Mo corresponds to the much

higher potency of Mo with regard to stabilization of the β-phase. Four

distinct areas can be distinguished based on the consolidated data. First and

most importantly, the region of Al-lean alloys where the formation of γ is

suppressed and a microstructure rich in α2 is obtained. Depending on the

content of slow diffusion Nb or Mo additionally retained β/β0 is observed.

This effect increases with increasing alloying levels. A second region is

observed at intermediate Al levels and high values of Nbeq. In this region

the thermodynamic stability of γ is sufficient to avoid complete suppression.

Consequently, the microstructure additionally contains significant amounts of

massively transformed γm compared to the Al-leaner or lower alloyed alloys.

Compared to the remaining areas, the first two show very low segregation of

Al and no formation of a low melting inter-dendritic liquid phase. The third

area shows Al-segregation and has an increasingly dendritic microstructure.

However, still a high fraction of α2 is present combined with β/β0 stabilized

by segregated Nb or Mo. Alloys in the last area show pronounced segregation

and formation of inter-dendritic γ in a mostly fine lamellar microstructure.

Using this diagram, the behavior of binary and ternary TiAl alloys in the

studied compositional range can be predicted. For higher-order alloys, as for

example TNM alloys, the drawn conclusions are an extrapolation from the

ternary sub-systems. However, data obtained by SLM on this alloys show high

contents of β/β0 and α2 after processing [134, 135]. The former is caused by

the strong stabilization of β by the low Al content and slow diffusing Nb and

Mo, the latter is a consequence of suppressed formation of γ upon cooling.

Both effects are predicted by the obtained data. Also the behavior of the

Ti-48Al-2Cr-2Nb alloy family are well predicted. It can be concluded that

although not directly experimentally measured, the behavior of a wide range of

TiAl alloys can be predicted. This renders Figure 4.26 in the most important

tool for a first selection of TiAl alloys taking into account composition and

processing conditions.

Although crucial for part production, compatibility with the processing

conditions is irrelevant for the alloy when subjected to service conditions later

on. There the mechanical performance and degradation behavior of the alloys
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4 Microstructure formation of Ti-Al alloys under non-equilibrium conditions

is decisive. Higher strength is typically achieved with high alloying levels of Nb

in Al-lean alloys to stabilize a high amount of α2 in a stable microstructure.

Good oxidation resistance is typically achieved in either Al-rich alloys or in

highly Nb-alloyed Al-lean alloys. Chemical homogeneity is obtained by using

β-solidifying alloys or extensively heat treating segregated Al-rich alloys. Alloy

cost and availability are a question of the amounts used combined with the

cost for the individual alloying elements. The alloying elements Nb, Mo and

also W are becoming elements of strategic relevance with increasing cost on

the world market. Alloy selection is thus a complex question that can only be

answered considering the various factors. However, three exemplary cases for

potential alloys are discussed here:

• Ti-(43-45)Al-(0-8)Nbeq The TNB and TNM alloy families are part

of this class of alloys. After AM a non-equilibrium, supersaturated

α2-rich microstructure is formed. These alloys need post-processing

heat treatments to establish the desired microstructure in the final

part. After heat treatment these alloys retain a high content of α2 and

have thus superior strength to Al-rich alloys. The solidification path

ensures no segregation of Al and thus a very low risk of hot-cracking

or segregation of added particles. However, the formation of brittle

supersaturated α2 does not attenuate the problem of cracking due to

thermal stresses. Additionally, low textured material is obtained (see

Chapter 5). The alloying level of Nb and Mo is depending on the

required strength, oxidation resistance and amount of retained β/β0 for

enhanced high temperature ductility [6].

• Ti-(47-48)Al-(1-8)Nbeq The GE alloy family with its most prominent

member Ti-48Al-2Cr-2Nb is part of this category as well as the γ-TAB

alloy. After AM a microstructure containing fine lamellar colonies and

local α2 is formed. This microstructure can be further stabilized or

directly be applied. The amount of α2 in equilibrium is lower in these

alloys thus their strength is reduced compared to the first group. Due to

the enhanced Al-content, these alloys have better oxidation resistance,

which can be further increased by additions of Nb, Mo or W. Additionally,
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the low temperature ductility reaches maximum values around 48 at.%

Al [28]. Upon solidification, strong Al-segregation is observed, rendering

these alloys prone to hot-cracking. Based on the solidification path,

a strongly textured component is obtained. Such behavior can be

beneficial or problematic, depending if the part orientation and process

control allow the alignment of this material texture to take advantage

of the anisotropic properties.

• Ti-(45.5-46.5)Al-(3-8)Nbeq The γ-MET alloy, produced by Plansee for

powder metallurgy, is an alloy of this category. Upon AM a microstruc-

ture similar to the Al-lean alloys is expected. Beside the supersaturated

α2 matrix, γ is formed massively. Such an alloy needs heat treatment

after processing to obtain the desired microstructure. An advantage

over the Al-richer alloys is the formation of γ without strong accumula-

tion of Al due to the massive, composition-invariant formation. Upon

heat treatments, this reaction can also be used for alloy refinement [31].

However, the compositional space for this class is rather narrow which is

problematic for AM at high energy densities and Al evaporation. Based

on its composition, this alloy class combines enhanced Al-content and

Nbeq-alloying levels for good oxidation resistance and strength.

4.6 Conclusions

• A droplet-based rapid solidification technique is developed to study the

influence of composition and cooling rate on microstructure formation

under non-equilibrium conditions. Controlled cooling rates in the relevant

range of 103 to 104 K·s-1 are achieved with this technique.

• A synchrotron based in situ microXRD setup combining phase identifi-

cation and rapid solidification is presented to study the phase evolution

upon rapid solidification and cooling with high spatial (20 µm) and

temporal resolution (100 Hz).
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4 Microstructure formation of Ti-Al alloys under non-equilibrium conditions

• A computational framework based on T0 temperatures is introduced al-

lowing predictions on phase stabilities and changed solidification behavior

upon rapid solidification.

• The behavior of Ti-Al alloys depends strongly on composition, whereas

the cooling rate sensitivity was found to be low. Al-lean alloys form a

coarse grained supersaturated α2-rich microstructure without Al seg-

regation. Al-rich alloys form a microstructure containing fine lamellar

colonies and local α2 with strong Al segregation and interdendritic γ.

Intermediate alloys form a mixed microstructure consisting of coarse

α/α2 grains, local γ-phase and lamellar α2 + γ.

• A Schaeffler-like diagram is constructed for the alloying effects of Nb and

Mo at a cooling rate of 4.5·103 K·s-1. The three main classes of alloy

behavior are determined based on experimental data and computational

results.

• The behavior of existing TiAl alloys is discussed with regards to AM

processing.

The combination of key experiments using adapted experimental techniques

to reproduce the real processing conditions in terms of cooling rates and mod-

ified concepts based on the CALPHAD approach allows to study and predict

alloy behavior under AM conditions. The presented data and explanations

serve as a guideline to estimate the alloy behavior under AM conditions to

select alloys for detailed studies and testing. Classifying alloys into various

groups allows a fast decision on where to spend increased effort for accelerated

alloy design, selection and finally application.
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5 Microstructure and oxide particle stability in a novel ODS

γ-TiAl alloy processed by spark plasma sintering and laser

additive manufacturing

The development of a novel ODS β-solidifying γ-TiAl alloy for powder-based

consolidation is described in this chapter. Alloy selection has been performed

based on computational thermodynamics and previous experimental work (see

Chapter 4) and taking into account service and processing conditions. Results

from consolidation tests by SPS, SLM and DMD are compared in terms of

the resulting microstructures, its evolution upon thermal annealing and size

of the incorporated dispersoids. Finally, the influence of the processing energy

density on dispersoid size and the processability of the alloy are discussed.

The complete chapter has been submitted as a publication to Acta Materialia

[181].

5.1 Alloy design and selection

The selection of the alloy serving as matrix for oxide particle strengthening

and the second phase itself is dictated by various factors related to service

conditions, processing technology and material compatibility. Naturally, a low

density and high strength is desired for TiAl alloys to provide high density-

normalized specific properties and save weight in structural components.

Additional technical requirements in this work are high chemical homogeneity,

a homogeneous distribution of the incorporated oxide particles and microstruc-

tural stability at elevated temperatures. From a processing point of view,

low anisotropy in as-processed parts is desired and the compatibility of the

alloy and the particles for powder-based sintering and AM technologies as

SLM and DMD is required. Based on the technical requirements, specific

alloy requirements can then be formulated. In modern TiAl alloys enhanced
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5 Microstructure and oxide particle stability in a novel ODS γ-TiAl alloy

strength is achieved by the stabilization of a higher phase fraction of α2-Ti3Al

of 20 to 30 % [6, 35]. This is typically achieved by a lower Al content of

43 to 45 at.% compared to earlier Al-rich TiAl alloys, as for example in

the Ti-48Al-2Cr-2Nb alloy. Additionally, Nb is commonly added to enhance

oxidation resistance and high temperature strength. Regarding the oxidation

resistance, the Al content should be maximized at the same time, which is

a competing requirement to β-solidification and a high fraction of α2. So

the selected alloy should contain an enhanced fraction of α2 combined with

moderate Nb additions and maximum Al content to ensure oxidation stabil-

ity under operation conditions. The most beneficial properties in terms of

balanced creep resistance, strength and toughness is then typically achieved

with lamellar or near-lamellar microstructures consisting of alternating plates

of α2-Ti3Al and γ-TiAl [28]. Additionally, Ti-Al alloys solidifying solely by

the β-phase were found to strongly reduce texture and segregation in cast

parts [35]. In the previously presented studies on rapidly solidified binary

Ti-Al and ternary Ti-Al-Nb alloys it was found, that these alloys also show

a beneficial behavior under non-equilibrium conditions involving high cooling

rates (see Chapter 4). In Al-rich alloys strong segregation of Al was observed,

forming a highly Al-enriched liquid towards the final stage of solidification,

while Al-lean alloys show only slight changes in Al and Nb content throughout

the metastable α2-rich microstructure. The formation of a supersaturated

metastable phase can then later be exploited to produce fine structured mate-

rial by heat treatments. Based on these findings, the Ti-45Al-Nb system was

chosen as a basis for the further alloy selection process.

Figure 5.1 shows a calculated isopleth along Ti-45Al-(0-10)Nb using pub-

lished data. With increasing Nb additions, the alloy changes from the (quasi-

)peritectic solidification type to full β-solidification. At the same time the

γ-solvus temperature is slightly decreased and the α → α2 + γ decomposition

temperature is increased. The former reduces the necessary temperature for

solution heat treatments in the α-phase field, while the latter defines the the-

oretical upper temperature limit of the fully intermetallic structure. At lower

temperatures a ternary phase, τ-Ti4NbAl3, is predicted to be stable above

2.25 at.% Nb at 800 K. In this work, this phase is considered as an unwanted
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5.1 Alloy design and selection

constituent. However, Nb diffusion is rather slow at low temperatures and

thus its formation is expected to be suppressed also at higher Nb content.

Under non-equilibrium conditions, extended β-solidification was observed in

binary Ti-45Al and ternary Ti-45Al-Nb (Chapter 4). For simultaneously Al-

and Nb-rich β-solidifying alloys the formation of large amounts of massively

transformed γm was observed. Consequently, a slight stabilization of the

β-phase is sufficient to ensure the desired solidification path. Based on the

data in Figure 5.1, no substantial changes are achieved in the γ-solvus and

α → α2 + γ decomposition temperature beyond alloying levels of 3 at.% Nb.
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Figure 5.1: Calculated isopleth Ti-45Al-(0-10)Nb using a published assessment
[23]. Solid single phase (dark), dual phase (intermediate) and triple phase fields
(bright) are indicated. The liquid phase field is shown in white. The disordered
α-Ti and β-Ti phases, the ordered variants α2-Ti3Al and β0/B2 as well as the
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5 Microstructure and oxide particle stability in a novel ODS γ-TiAl alloy

For processing of ODS alloys maintaining a homogeneous particle distribution

is crucial. This problem becomes substantial, when the alloy is processed

in the liquid state. ODS alloys are generally not processable by casting due

to particle agglomeration and coarsening. Consequently, ODS alloys are

typically processed in the solid state using powder metallurgical methods such

as sintering and extrusion. In AM, the high solidification and cooling rates

enable the retention of homogeneously distributed particles in Fe-base alloys

[10]. It can be expected, that a strongly segregating Ti-Al alloy may also

show local particle trapping in inter-dendritic spaces and agglomeration of

particles in the remaining melt. Additionally, the size of the oxide particles is

ideally kept in a range of 5 to 30 nm to ensure good mechanical and creep

properties. This requires a short lifetime of the melt pool, which translates

to a low melting range for the chosen alloy. Figure 5.2 shows the calculated

solidification paths for Ti-(45-48)Al-3Nb for equilibrium and non-equilibrium

Scheil-Gulliver conditions. Under equilibrium conditions, only the Ti-45Al-3Nb

alloy is expected to solidify solely by the β-phase. Applying the Scheil-Gulliver

model, all compositions are predicted to show substantial segregation and
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Figure 5.2: Calculated solidification path of Ti-(45-48)Al-3Nb assuming equi-
librium (dashed) and non-equilibrium conditions according to the Scheil-Gulliver
model (solid).

104



5.1 Alloy design and selection

final solidification by direct formation of γ from a highly Al-enriched melt.

The freezing range of the alloys is then expected to be inversely proportional

to the Al content. Consequently, a high Al content would lead to lower

freezing ranges. As indicated before, β-solidifying alloys were found to show

low segregation under near-equilibrium conditions as well as at high cooling

rates [31, 182]. Consequently, the effective solidification path follows more

closely the equilibrium curve for Ti-45Al-3Nb, while it is better described

by the Scheil-Gulliver model for the Al-rich Ti-48Al-3Nb. This discrepancy

between the straight-forward application of a simple model and real behavior

can be explained by the different diffusivities in the α and β phases. While

α has a dense hexagonal close-packed structure, β is body-centered cubic with

reduced packing density. Combined with the higher temperature at which

β is stable, (back-)diffusion is fast enough to ensure full solidification by β,

without the formation of an Al-enriched liquid. Interestingly, these differences

lead to the situation, that the calculated melting range has two minima at low

and high Al content. If segregation is tolerated, virtually the same melting

range can be realized in the Al-rich Ti-48Al-3Nb alloy as in Ti-45Al-3Nb, if

Figure 5.3: Calculated phase fractions versus temperature for Ti-45Al-3Nb
using published data [23]. The stable phases and the fractions of the α, β, α2,
γ and τ phases are indicated.
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5 Microstructure and oxide particle stability in a novel ODS γ-TiAl alloy

the equilibrium curve is assumed for the latter and the Scheil-Gulliver curve

for the former (Fig. 5.2). Based on the discussed consideration including the

balanced effects of Nb addition on oxidation behavior and phase formation,

high strength by enhanced levels of α2 as well as β-solidification to minimize

segregation, Ti-45Al-3Nb was selected as the base alloy for oxide particle

incorporation. Figure 5.3 shows the calculated phase fractions of the stable

phases versus temperature in this alloy. After solidification by β, the alloy

crosses the α single phase field before forming γ and finally α2 and γ be-

come the stable phases. The α2-fraction is stable above 20 % and almost

independently from temperature. This ensures additional microstructural

stability if components are subjected to varying temperature as both, α2 and

γ, remain stable at the same amount. At low temperatures, a small amount

of τis predicted. However, its solvus temperature is lower than the operation

temperature limit (923 K) and consequently no formation of τ is expected.

In conventional TiAl alloys carbides and borides are used as strengthening

particles leading to enhanced mechanical properties (Chapter 2.5). Using the

ODS approach, stable oxides are applied as additional phase. The particles

need to be sufficiently stable in a highly aggressive Ti-Al-Nb melt to ensure

the survival of particles with small size in the final part. Additionally, they need

to have a high stability against coarsening upon heat treatments and long

term exposure to elevated temperatures. Their melting point should be high

to avoid or at least reduce melting under laser irradiation. In conventional

ODS alloys as PM2000, yttria (Y2O3) has been proven to be compatible to

Al-containing alloys and survive laser processing [10]. Elemental Y has also

been used in previous studies on Y-doped Ti-48Al-2Cr-2Nb and was found to

produce stable Y4Al2O9 particles [151]. Additionally, the oxidation resistance

of TiAl alloys is increased by the rare earth effect (REE) upon addition of

small amounts of Y [183–187] or Hf [188, 189]. Based on its availability and

stability, yttria was selected as ODS particle material and added to the base

alloy by mechanical alloying to form ODS Ti-45Al-3Nb-<0.2mol.%Y2O3.
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5.2 Processing results and discussion

In this section the results from solid and liquid state powder processing are

shown. The Ti-45Al-3Nb and Ti-45Al-3Nb-<0.2Y2O3 intermetallic powders

(hereafter named OX 45-3 and OX 45-3 ODS) used for consolidation are

produced by mechanical alloying and are supplied by MBN Nanomaterialia

S.p.A., Italy. Sintered material is used to study the formed microstructure

and its stability upon high temperature annealing. SLM and DMD are applied

to test the alloy behavior under AM processing conditions and evaluate

microstructure formation, texture and the possibility to achieve a desired

microstructure by thermal annealing. Additional TEM investigations provide

information about the size and distribution of the oxide particles in the alloy

matrix. Finally, the particle incorporation is compared for solid state SPS and

liquid state additive SLM and DMD.

5.2.1 Spark plasma sintering

Solid state consolidation using SPS is successful in producing dense material

from the OX 45-3 ODS powder (P-3). Figure 5.4a shows the fine grained

duplex microstructure consisting of lamellar colonies and equiaxed γ and α2
grains in the as SPS state. After the SPS consolidation, the specimen cools

down with a maximum cooling rate of 9 K·s-1. Consequently, the specimen

contains a high fraction of α2 phase around 49 % and is in a metastable

state. For any application, the microstructure needs to be stabilized closer

to its equilibrium state. Additionally, fast non-homogeneous cooling gives

rise to residual stresses in the as SPS consolidated material. To achieve the

stabilization a thermal annealing at 1123 K for 12 h is performed in vacuum.

Figure 5.4b shows the resulting structure with γ and α2 fractions of around

75 % and 25 %, respectively, and a lamellar fraction of 26 %. Comparing

these results to the calculated phase fractions (Fig. 5.3), the obtained state

is close to equilibrium. Note that the consolidation by SPS is performed at

1598 K, which is in the α phase field for the chosen alloy. So already during

consolidation, the formation of a coarse grained lamellar microstructure would
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Figure 5.4: BSE SEM micrographs of SPS (a-d) OX 45-3 ODS and (e,
f) ODS-free OX 45-3 a) in the as SPS state, and after thermal anneal-
ing at (b, e) 1123 K/12 h, c) 1573 K/15 min + 1123 K/12 h and (d, f)
1673 K/15 min + 1123 K/12 h. The α2 (bright) and γ (dark) phases are
indicated as well as the lamellar colonies formed of α2 + γ. The scale bar in f)
applies for all micrographs.
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be expected. Conventional heat treatments to obtain lamellar microstructures

for TiAl alloys typically involve a high temperature treatment in or close to

the α phase field at temperatures around 1573 K to 1673 K, depending on

the composition. Figures 5.4c and 5.4d show the resulting microstructures

after two step thermal annealing involving a high temperature step at 1573 K

or 1673 K for 15 min and the stabilization treatment described before. The

two temperatures are selected based on the calculated phase fractions and

are close to the lower and upper boundary of the calculated α phase field

for this alloy (1563 K to 1683 K). The obtained microstructures are very

similar to the one obtained by the stabilization annealing only. The measured

intersection length of the equiaxed γ grains is determined as 1.4±0.8 µm

for the stabilized state and 1.5±1 µm and 1.3±0.6 µm after the thermal

annealing at 1573 K and 1673 K, respectively. The fraction of lamellar grains

increased from 26 % to 36 % after 1573 K and to 63 % after 1673 K. Figure

5.5 shows the distribution of the measured intersection lengths of lamellar

colonies after the various thermal annealings for OX 45-3 ODS. Independently

from the chosen thermal annealing, the peak values are obtained around 2 µm

Figure 5.5: Distribution of the measured intersection length of lamellar colonies
in SPS OX 45-3 ODS after different thermal annealing. Least-square-fitted
log-normal distribution curves are shown overlaid.
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5 Microstructure and oxide particle stability in a novel ODS γ-TiAl alloy

due to the presence of very small colonies. The mean intersection lengths of

lamellar colonies for thermal annealing at 1123 K for 12 h, 1573 K or 1673 K

for 15 min and the stabilization treatment are 3.2±2.2 µm, 2.6±1.4 µm and

4.4±3.1 µm, respectively. After 1673 K for 15 min the fraction of larger

colonies starts to increase, which is also evident from Figure 5.4d. At this

temperature, the γ grains are slowly dissolving in the disordered α matrix

resulting in larger lamellar colonies in the final microstructure. With increasing

temperature this process is expected to occur faster as it is observed in the

SPS material. Figure 5.4e shows the microstructure of the OSD-free variant

OX 45-3 (P-7) after SPS and 1123 K for 12 h. Large lamellar colonies

are formed with γ at the colony boundaries along with a multitude of sub-

micrometer pores. After a high temperature anneal at 1673 K for 15 min

and the stabilization treatment, the microstructure is further coarsened. The

mean intersection length of the lamellar colonies after 1123 K for 12 h and

1673 K for 15 min plus 1123 K for 12 h are 10.9±8.9 µm and 11.0±8.2
µm, respectively. After high temperature annealing, larger pores appear in

the γ-seams along the colony boundaries (Fig. 5.4f). This pore expansion is

explained by a combination of high temperature, absence of strengthening

particles and a high internal pressure in the pores. During SPS the pores

and any contained gas are compressed with 50 MPa. This is equivalent to

an overpressure of 500 bar inside the pores assuming residual gas pores with

atmospheric pressure contained in the powder. As the alloy is later annealed,

the high internal pressure leads to deformation of the surrounding matrix and

an increased pore size. The appearance of the pores in the γ-seams further

strengthens this argument, as the lamellar structure is expected to have

superior creep resistance compared to the γ-phase. Additionally, dissolved gas

may be liberated and further contribute to pore expansion. It has to be noted,

that the observed pore size is expected to be an overestimate of the true

pore size, as chemo-mechanical final polishing is applied. Thus the material is

attacked and exposed pores are expected to increase in size.

The observed behavior upon consolidation and thermal annealing shows an

exceptional microstructural stability of the produced SPS ODS alloy variant at

high temperatures during consolidation and following thermal annealing. The
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5.2 Processing results and discussion

increased microstructural stability of the SPS material can be directly related

to the presence of the ODS particles in the alloy matrix. With the possibility

to produce near-net shape turbine blades by SPS the newly developed OX

45-3 ODS alloy or similar ODS TiAl alloys have potential applications as solid

state sintered component in high temperature environments in the future.

Additionally, microstructural stability is a crucial factor for application of SPS

consolidated alloys [58]. The introduction of dispersoids effectively limits

colony coarsening and allows production of alloy with colony sizes around 5

to 10 µm promising interesting mechanical properties at high temperatures.

5.2.2 Selective laser melting

Liquid state consolidation using SLM is successful in creating test parts with

high density. Figure 5.6a shows the observed microstructure in the as processed

state. The major constituent is a metastable α2 phase which forms during

rapid cooling. Starting from the melt pool boundary, a grain selection process

takes place producing a gradient in grain size. Subsequent laser scans partly

re-melt the previously deposited material and eliminate the very coarse grains.
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Figure 5.6: BSE SEM micrographs of SLM processed OX 45-3 ODS
(Ea=4.5 J/mm2) in a) as processed state and b) after thermal annealing
at 1123 K for 12 h (inset: scale bar = 4 µm). The observed phases, pores, melt
pool boundary (MPB) and dispersoids (prt) are indicated. The scale bar in b)
applies for both micrographs. The build direction (z) and the beam translation
(y) are shown. The scanning direction (x) is out-of-plane.
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Again, selected grains continue to grow. Consequently, the deposited material

contains fine grained former melt pool boundaries and coarser bulk regions. In

the material close to the former melt pool boundary a fine structure is visible

originating from the primary β cells later transformed to α are visible. Residual

porosity below 5 µm is also observed. Based on the spherical shape it is

proposed, that these are caused by the entrapped gas from powder production

or processing. Material from the same specimen is subjected to a thermal

annealing at 1123 K for 12 h similar to the SPS consolidated material. Figure

5.6b shows the obtained near-lamellar microstructure consisting of lamellar

α2 + γ colonies in a size range of 5 to 30 µm and sub-micrometer γ and α2
grains formed at the colony boundaries. These grains show an elongated shape

and are oriented typically parallel with respect to each other and to one of

the adjacent colonies (inset Fig. 5.6b). This bimodal lamellar structure, fine

inside the colonies and coarse at the boundary, can be explained by the kinetics

of the phase transformation. First, fast decomposition of the former α grains

into primary α2 + γ colonies takes place upon thermal annealing. The size and

shape of the primary lamellar colonies is similar to the α2-grains observed in the

as processed material. This indicates a direct decomposition of the metastable

microstructure upon thermal annealing. Later a slow decomposition of the

fine structure into a coarser lamellar structure starts. This requires diffusion

over greater length. At 1123 K the diffusion in TiAl alloys is expected to

be rather slow based on their intermetallic ordered structure. Consequently,

this second transformation is observed in its initial stage after the thermal

annealing. Inside the colonies finely distributed dispersoids are visible as bright

spots due to the mass contrast of the yttrium-based oxides (inset Fig. 5.6b).

It needs to be pointed out, that the applied thermal annealing temperature is

far below conventional heat treatment temperatures to obtain near-lamellar

microstructures. In cast parts of similar composition, temperatures as high

as 1653 K in the α-field are applied [31]. This is more than 500 K higher

than the thermal annealing which is applied in this work. The formation of a

supersaturated metastable microstructure during rapid solidification enables

such low heat treatment temperatures and phase decomposition.

The obtained results clearly show that the OX 45-3 ODS alloy can be
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5.2 Processing results and discussion

consolidated using laser processing and later be transformed into conventional

microstructures by heat treatments. This opens the space to complex shaped

ODS TiAl alloys for demanding applications. Detailed studies on suitable

processing parameter windows and part integrity are presented in Chapter 7.

5.2.3 Laser metal deposition

Compared to the powder-bed based SLM technique, blown-powder based

DMD provides higher deposition rates at higher energy densities. In this work,

the applied area energy densities for DMD are a factor of 27 higher than

for SLM. Figure 5.7 shows the observed microstructures for OX 45-3 ODS

and GE48-2-2 in the as-processed and annealed state. The Al-rich GE48-2-2

alloy forms a dendritic microstructure consisting of lamellar α2 + γ colonies

and inter-dendritic γ phase. The Al-leaner OX 45-3 ODS forms a columnar

grained structure consisting mainly of the α2 phase with some spurious γ.

The largest dispersoids are visible as white spots in the SEM micrograph.

After a thermal annealing at 1123 K for 12 h both alloys start to recrystallize

(Fig. 5.7c and 5.7d). While GE48-2-2 retains its fine lamellar structure with

equiaxed γ, OX 45-3 ODS decomposes into small lamellar α2 + γ colonies.

Residual areas between the colonies still resemble the α2 structure observed in

the as processed state. The presence of a dual phase structure in these areas

with a very fine lamellar spacing would be expected based on the results of

annealed SLM-consolidated material (Fig. 5.6b). If present, the resolution of

the SEM or compositional difference and thus contrast is not high enough to

resolve this structure. After annealing at 1573 K for 15 min and 1123 K for

12 h, GE48-2-2 is fully recrystallized into a duplex structure with an increased

amount of γ. This is in agreement with established phase diagram data

on Ti-48Al-2Cr-2Nb predicting 1573 K to be in the α + γ two phase field

and consistent with observations on DMD of similar alloys [126]. OX 45-3

ODS forms a fully lamellar microstructure with ragged colony boundaries,

as the chosen temperature is in the α single phase field (Fig. 5.7e and

5.7f). Figure 5.8 shows XRD spectra of DMD processed OX 45-3 ODS

(top) and GE48-2-2 (bottom). The ODS alloy contains a large fraction
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Figure 5.7: BSE SEM micrographs of DMD processed (a,c,e) GE48-2-2
(Ea=179 J/mm2) and (b,d,f) OX 45-3 ODS (Ea=120 J/mm2). (a,b) in the
as processed state and after thermal annealing of (c,d) 1123 K/12 h and (e,f)
1573 K/15 min + 1123 K/12 h. The α2 and γ phase, pores and dispersoids
(prt) are indicated. Bright spots in e) correspond to Cr-rich areas. The scale
bar in f) applies for all micrographs (inset: scale bar = 2 µm). The build
direction (z) and the beam translation (y) are shown. The scanning direction
(x) is out-of-plane.

114



5.2 Processing results and discussion

of α2 with a minor γ content. Additionally, Y2O3 is clearly observed which

is enriched at the surface due to partial slagging-off of the oxide particles

in the last deposited layer during processing. The GE48-2-2 alloy contains

mainly γ together with α2 based on the relative intensities of the γ(111) and

α2(2021) peaks. This different behavior is explained by the dependence of the

solidification path on alloy composition. OX 45-3 ODS is fully β-solidifying,

while GE48-2-2 is forming primary β, undergoes a peritectic reaction and

then solidifies by α under equilibrium conditions. Performed in situ XRD

experiments on Ti-48Al at high cooling rates show that the formation of β-

phase is suppressed at high cooling rates and the alloy forms primary α phase

Figure 5.8: XRD spectra of DMD processed OX 45-3 ODS (top) and GE48-
2-2 (bottom). Peaks of the intermetallic α2 and γ phases and of Y2O3 are
indicated.
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(see Section 4.3.2). Additionally, it is known that Al-rich alloys typically

show much stronger segregation than Al-lean alloys. Consequently, GE48-

2-2 shows a fine structure dominated by the solidification of the α phase,

whereas OX 45-3 ODS shows a coarse structure originating from the primary

β phase. Beside the phase fractions and segregation, the texture is also

strongly influenced by the alloy composition. Figure 5.9 shows XRD pole

figures for DMD processed GE48-2-2 (top) and OX 45-3 ODS (bottom) for

the γ(111)/α2(0002) reflection (left) and the α2(2021) reflection (right). For

GE48-2-2 a fiber texture is observed for both reflections while OX 45-3 ODS is

much less textured based on the intensity distributions. No distinct alignment
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Figure 5.9: XRD pole figures of DMD processed GE48-2-2 (top) and
OX 45-3 ODS (bottom) for the most intense reflections γ(111)/α2(0002)
(left) and α2(2021) (right). The coloring corresponds to low (blue) to high
(red) values of m.r.d. The laser scan direction is horizontal for all sub-figures.
The surface normal is out-of-plane.
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of the principal peaks of α2 and γ is observed with the out-of-plane direction

in the center of the pole figures. Based on the observed intensity distributions,

γ(111)/α2(0002) is slightly oriented towards the in-plane direction, whereas

α2(2021) is observed more frequently at lower angles to the surface normal

direction. The distinct ring shape for the α2(2021) pole figure of GE48-2-2 is

formed by the other planes of the α2{2021} family of planes rotated around

the out-of-plane direction. The calculated ideal inter-planar angles between

α2(2021) and α2(0221) and between α2(2021) and α2(2021) are 52.32° and

56.31°, respectively. These angles agree well with the observed ring shape

between 50 and 70° taking into account the spread of the central peak of ±11°
and ±9° parallel and perpendicular to the laser scan direction, respectively.

This spread indicates a misalignment of the α2 phase with the out-of-plane

direction and is caused by slightly different crystal orientation depending on

the position in the overlapping melt pools. Consequently, the ring shape of the

α2{2021} plane family is also spread. The different phase fractions of γ and

α2 in the two studied alloys have to be taken into account when interpreting

the pole figure data for γ(111)/α2(0002). In GE48-2-2 the resulting pole

figure is dominated by the principal orientation of the γ phase as the main

component. On the contrary, the pole figure of the same reflection for OX

45-3 ODS reflects the orientation of mainly α2(0002), as only a minor fraction

of γ is present in this alloy. The difference in data smoothness for the two

alloys is explained by the different grain sizes of the formed microstructures.

GE48-2-2 formed a very fine dendritic microstructure providing a multitude

of different grains that simultaneously fulfill the diffraction conditions. The

coarser structure in OX 45-3 ODS provides only a reduced number of grains

that can contribute to diffracted intensity in a certain direction. Thus a

speckle-like intensity distribution is observed in the pole figures of OX 45-3

ODS. However, these differences related to the dual phase microstructures

of the alloys do not the change the fact, that the overall degree of texture

after DMD processing is significantly reduced in the β-solidifying OX 45-3

ODS alloy. As observed from the orientations of the lamellar colonies after

annealing, there seems to be also no preferential lamellar orientation after

thermal annealing (Fig. 5.7d and 5.7f).

The results clearly show the possibility to consolidate OX 45-3 ODS using
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DMD. Furthermore, the chosen β-solidifying alloy induces significantly reduced

texture in as processed parts. Finally, the obtained microstructure can be

transformed to a conventionally applied one by adapted thermal annealing

(see Section 5.2.2). The compatibility of the developed ODS alloy with DMD

opens possibilities to produce large complex shaped ODS TiAl components

which cannot be efficiently produced by powder-bed based methods as SLM

or have too intricate features to be just produced by solid state sintering.

Furthermore, the geometrical freedom in DMD processing facilitates controlled

preheating to avoid the formation of large residual stresses, part deformation

and potentially cracking.

5.2.4 ODS particle incorporation

It was shown that the OX 45-3 ODS alloy can be consolidated using solid

state and additive liquid state processing technologies. In ODS alloys, the

size and distribution of the ODS particles is crucial for the desired properties.

Based on the well-known Orowan-relation

σOr = M
G · B
2(l − r) (5.1)

where M = 3 is the conversion factor between shear and normal stress, G is

1 mm
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Figure 5.10: Microstructure of SPS OX 45-3 ODS stabilized at 1123 K for 12 h.
a) STEM bright-field micrograph showing the distribution of fine ODS particles,
b) HRTEM micrograph of an ODS particle pinning a grain boundary (GB) in
the intermetallic matrix, c) TEM micrograph of ODS particles interacting with
dislocations (images by K. Dawson, ULIV).
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the shear modulus, B is the Burgers vector, the stress σOr is increased with

smaller particle diameter r and smaller inter-particle distance l for non-cuttable

particles. For dispersion strengthened ordered intermetallics more complex

models are applied in order to account for detachment of the dissociated

dislocations from the embedded particles [190, 191]. The optimum dispersoid

diameter d is then related to the dissociation width w by w/d ≈ 0.6. As the
involved energies of the formed faults in TiAl alloys are high, the corresponding

dissociation width is typically less than 8 nm [192]. Consequently, the most

effective dispersoid size for enhanced creep strength in ODS TiAl alloys is

around 13 nm or less. Figure 5.10a shows the distribution of fine dispersoids

throughout the intermetallic matrix in SPS OX 45-3 ODS stabilized at 1123 K

for 12 h. The median particle size and volume number density are determined

as 29 nm and 4.4·1020 m-3. The calculated median particle interspacing is

134 nm. The dispersoids are present in the equiaxed grains as well as in the

lamellar colonies. The obtained particle sizes are comparable to the particle

sizes in recrystallized PM2000, an established ODS Fe-base alloy [10, 193].

Already in the stabilized state, grain boundary pinning is observed (Fig. 5.10b).

The particles stop grain boundary movement and effectively retain a fine

Figure 5.11: Size distribution of ODS particles in solid state SPS sintered
and stabilized, SLM and DMD processed OX 45-3 ODS. Least-square-fitted
log-normal distribution curves are shown overlaid as well as the corresponding
median value.
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microstructure and also seem to slow down the γ → α phase transformation

as discussed in Section 5.2.1. It is observed, that the particles interact with

dislocations in the material (Fig. 5.10c). Dislocation pinning at the particles

and bowing in between is evident. During service at elevated temperature these

effects can be exploited to retain the fine grained microstructure for enhanced

mechanical properties and long term stability. Figure 5.11 shows the observed

particle size distributions for solid state and additive liquid state processing.

Fitted log-normal distribution curves are shown overlaid. Comparing these

results it is evident, that liquid state processing leads to a certain degree of

particle coarsening due to the high temperature and the presence of a liquid

phase allowing fast diffusion of the elements necessary for particle growth.

The diffusion of Y and O is limiting the growth of pure Y2O3 particles. But

the formation of higher-order oxides containing Ti and/or Al and having

various crystal structures has been described earlier for Al-containing ODS

alloys [193]. Specifically for TiAl alloys, the formation of Y-Al-O particles

has been observed [151]. Consequently, the particle coarsening is not limited

only by the diffusion of Y anymore and rapid growth can occur in the liquid

state by incorporation of Ti and/or Al. After SPS and stabilization at 1123 K

for 12 h a rather sharp size distribution with a median size of 29 nm is

preserved. In SLM processed material a slightly broader distribution with a

median size of 82 nm is observed. The volume number density is decreased

to 7.4·1018 m-3. Consequently, the median particle interspacing is increased

to 554 nm. DMD processing leads to a very broad size distribution ranging

from sub-50 nm dispersoids to particles with a diameter of several hundreds

of nanometers. These large particles are recognizable due to their high Y-

content in BSE SEM micrographs (Figure 5.7d). In accordance with the

coarsening also the volume number density is reduced to 1.1·1018 m-3. The

calculated median particle interspacing becomes relatively large with 1043 nm.

Comparing the different consolidation methods, reducing the energy input

in the material during processing clearly reduces the preserved oxide particle

size. The two applied liquid state processing technologies SLM and DMD

have greatly different heat input and melt pool sizes based on their laser spot

diameters and area energy densities of 100 µm and 1.3 mm, and 4.5 J/mm2
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and 120 J/mm2, respectively. Figure 5.12 shows the correlation of oxide

particle size distribution and applied area energy density. The results from

solid state SPS are shown for comparison. Overlaid is a power law fit of the

median particle size according to

d = a · E
1
m
a (5.2)

where d is the median oxide particle diameter, a is the proportionality constant,

Ea is the area energy density and m is the growth exponent. Simulations

on melt pool life times in SLM show an approximately linear dependence

on applied area energy density [194]. This allows applying a conventional

parabolic diffusion-dominated growth model with d ∼ t
1
m where t ∼ Ea is

the time and linear proportional to the area energy density Ea. The data and

the fitted curve indicate that the energy input would need to be decreased

to very low and finally unreasonable values to obtain similar particle sizes by

liquid state processing as in solid state SPS material. It also shows the limited

effect of slight parameter variations in process control, as area energy input

between SLM and DMD in this work differs by a factor of ∼27, while the

Figure 5.12: Correlation of median ODS particle diameter and area energy in
laser processing. The value for SPS sintered material is shown for comparison.
A power law fit and the estimated 10% to 90% percentile range are shown
overlaid.
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5 Microstructure and oxide particle stability in a novel ODS γ-TiAl alloy

median dispersoid size is only increased by a factor of ∼2. However, if liquid
state AM technologies based on very fine focused beams at low power and

high scanning speeds are applied, particle sizes comparable to SPS seem to

be possible. Generally, the life time of the melt pool needs to be minimized

to yield the smallest particles.

5.2.5 Hardness of consolidated material

The hardness of SPS and DMD consolidated material is measured to analyze

the effects of ODS incorporation and different consolidation methods on

the mechanical properties (Table 5.1). Comparing the ODS-containing and

ODS-free SPS consolidated alloy a beneficial effect of the yttria addition is

evident. After a stabilization annealing at 1123 K for 12 h the ODS-free

variant has 441±29 HV, while OX 45-3 ODS has 477±16 HV. This difference

gets accentuated after high temperature annealing at 1673 K. The hardness

of OX 45-3 is reduced to 409±26 HV, while it is increased in OX 45-3

ODS to 485±15 HV. DMD processed material has a high hardness in the as-

processed state due to a high fraction of α2 (Fig. 5.7 and 2.7) After thermal

annealing at 1123 K for 12 h the hardness is slightly reduced to 546±38 HV

but still significantly higher than for SPS material annealed similarly. After

high temperature annealing at 1573 K for 15 min and 1123 K for 12 h,

similar hardness values are obtained for SPS and DMD processed OX 45-3

ODS, 471±23 and 469±25 HV, respectively. The DMD processed GE48-2-2

material shows lower hardness after processing and after all thermal annealing

compared to OX 45-3 ODS. The similarity of hardness of annealed SPS and

DMD material has extensive implications, as the microstructure of SPS and

DMD material is different. In SPS material a fine duplex microstructure is

observed, while DMD produces first a columnar structure of mainly α2 that

decomposes into a near-lamellar microstructure during thermal annealing (Fig.

5.4 and 5.7). Naturally, the finer SPS structure would be expected to provide

the higher hardness due to a strength increase according to a Hall-Petch

relation. Such behavior is observed when comparing SPS consolidated OX

45-3 and OX 45-3 ODS. The high hardness of DMD processed material
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5.2 Processing results and discussion

Table 5.1: Vickers hardness (HV±1σ) of SPS and DMD consolidated ODS-
containing OX 45-3 ODS and ODS-free OX 45-3 and DMD consolidated
GE48-2-2.

Process and Material Condition HV±1σ

SPS OX 45-3
1123 K/12 h 441±29
1673 K/15 min + 1123 K/12 h 409±26

SPS OX 45-3 ODS

as SPS 505±18
1123 K/12 h 477±16
1573 K/15 min + 1123 K/12 h 471±23
1673 K/15 min + 1123 K/12 h 485±15

DMD OX 45-3 ODS
as DMD 564±61
1123 K/12 h 546±38
1573 K/15 min + 1123 K/12 h 469±25

DMD GE48-2-2
as DMD 512±45
1123 K/12 h 410±19
1573 K/15 min + 1123 K/12 h 358±15

indicates that the size of the lamellar colonies is not the factor determining

increased hardness. Although the effect can be attributed to the introduction

of the dispersoids, it remains unclear if it is only the presence of the particles

or if the dispersoids are partly dissolved in the melt leading to a doping effect

of the matrix. Given the reactivity of TiAl alloy melts and the associated

problems of finding suitable ceramics for crucibles such a mechanism has to

be considered.

The hardness measurements clearly show increased mechanical properties in

OX 45-3 ODS by the introduction of Y-based dispersoids. These strengthening

effects are also obtainable after liquid phase AM processing by DMD. This

observation is a promising start for further investigations on the mechanical

properties of ODS TiAl alloys at low and high temperatures.
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5 Microstructure and oxide particle stability in a novel ODS γ-TiAl alloy

5.3 Summary and conclusions

• SPS OX 45-3 ODS has superior microstructural stability up to 1573 K

compared to the ODS-free variant. The median particle size is 29 nm

at a volume number density of 4.4·1020 m-3.

• SLM produces a coarse grained α2-rich microstructure with a median

dispersoid size of 82 nm at a volume number density of 7.4·1018 m-3.

Upon annealing at 1123 K for 12 h, microstructural refinement into fine

lamellar material is demonstrated.

• After DMD also a coarse grained α2-rich microstructure is formed.

Fine grained material is obtained after heat treatment at 1123 K for

12 h. Coarse grained material for enhanced creep resistance is observed

after a two step heat treatment at 1573 K/15 min + 1123 K/12 h.

Incorporated particles have a median size of 159 nm at a number

density of 1.1·1018 m-3. The as processed material shows significantly

reduced texture and more evenly distributed intensity for the measured

γ(111)/α2(0002) and α2(2021) reflections compared to DMD GE 48-

2-2 alloy (Ti-48Al-2Cr-2Nb).

• Hardness measurements show superior values for SPS OX 45-3 ODS

compared to its non-ODS counterpart.

From the obtained results it can be concluded that ODS TiAl alloys can

be successfully produced by mechanical alloying and be consolidated by SPS,

SLM and DMD. Especially the incorporation of small oxide particles using

liquid state AM processing based on rapid solidification is a novel approach in

TiAl alloys and was here reported for the first time according to the authors’

knowledge. The compatibility of the developed Ti-45Al-3Nb ODS alloy with

different processing technologies is foreseen to allow the use of solid state

sintering and liquid state AM technologies to produce complex components

using multi-step manufacturing taking advantage of the individual processing

characteristics. The same alloy can then be used for a geometrically simple,

sintered support structure with smaller oxides, combined with highly complex

features produced by AM on top containing larger particles.
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6 Performance of ODS titanium aluminides

After successful consolidation the degradation behavior and the mechanical

properties at low and high temperature of the newly developed SPS ODS TiAl

alloy described in Chapter 5 are discussed. First, the oxidation behavior in air is

presented combining scale growth rates, SEM, EDX and XRD measurements

on the formed scale to elucidate its structure and morphology. Additionally, the

performance of the ODS TiAl alloy is compared to its ODS-free counterpart

as well as commercial TNB-V5. The second section is dedicated to the

mechanical performance in the range of 293 K to 1073 K. The ODS and

ODS-free TiAl alloys are directly compared and the effects of the ODS

addition are discussed. The experimental conditions are found in Chapter 3.3.

6.1 High temperature degradation behavior in air

6.1.1 Addition of rare earth elements

The beneficial effects upon addition of rare earth elements on oxidation

resistance and the associated rare earth effect (REE) are well known and

exploited in many state-of-the-art alloy systems, especially in Ni- and Fe-based

alloys [195]. It was recognized early on that the REE effect also occurs if the

corresponding rare earth oxide is distributed in the alloy matrix forming an

ODS variant. In alumina-forming alloys, the elements Y and Hf were found

to be equally effective, indicating an underlying mechanism being independent

of the added element [196]. Later work, as reviewed by Pint [197], provided

estimations for suitable addition levels and element combinations in alumina

formers. The combination of Y with Hf or Zr provides the highest oxidation

resistance, but as a single addition Y is more effective than the other elements.

It was also observed that ideally Hf and Zr levels around 0.05 at.% are applied,

while slightly higher Y contents in the range of 0.1 at.% provide the best
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6 Performance of ODS titanium aluminides

results. Furthermore, the amount of Y2O3 to provide a slower growth rate in

ODS alloys was found generally around 1 vol%. The underlying mechanism

of the REE appears to be very complex, but several effects are believed to

play a crucial role [197]:

• modification of the diffusion of cations and anions through the scale by

segregation of the added rare earth elements

• scavenging of impurities, especially of S by Y and C by Hf, reducing

scale spallation

• improved interfacial chemical bonding by rare earth elements with large

cation sizes, such as Hf, Y, and Zr

• reduced interfacial void formation between the alloy and the scale.

Beside the benefits of the REE, also its limits have been exploited. The

mechanical response of the substrate limits the possible improvement by the

REE as stronger substrates promote spallation due to higher stresses between

the alloy and its scale. The same argumentation also applies for a comparison

of alloys with a higher mismatch of the coefficient of thermal expansion

(CTE) between the alloy and the scale-forming oxides. While the REE can

increase oxidation resistance in alumina-forming alloys by more than one order

of magnitude, its effect on marginal alumina-forming alloys is much lower.

TiAl alloys and other aluminides are an example of such alloys, as they tend

to form mixed scales consisting of Al2O3 and TiO2 instead of the desired

pure alumina scale [198]. Consequently, the REE was observed to increase

oxidation resistance in TiAl alloys but to much lesser extent than in Ni- and

Fe-based alloys.

For TiAl alloys, the effects of Y addition on oxidation resistance have been

classified as beneficial, neutral or even detrimental in the past. Taking into

account the specifics of the REE, this seems obvious in the case of additions

exceeding 1 at.% as over-doping leads a similar or worse oxidation resistance

compared to the un-doped base alloy [197, 199]. But also for low Y levels in

the alloy or applied as a coating, a beneficial [50, 183–187, 200–202] as well
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6.1 High temperature degradation behavior in air

as a detrimental or no effect has been described [53, 200, 201, 203]. The

beneficial effects described refer to reduced scale growth rates and increased

scale adherence, while the observed detrimental effects are internal oxidation

of Y forming locally Y2O3 or only limited protection due to Y depletion in the

case of coatings. However, several studies focusing on a range of compositions

with a rare earth level below 1 at.% confirm the existence of the REE also

for TiAl alloys upon addition of Y [183–187] and Hf [188, 189]. In this work,

the effect of the addition of Y2O3 to a TiAl alloys by means of mechanical

alloying on the oxidation resistance is described.

6.1.2 Oxide scale growth

Figure 6.1 shows the weight gain per unit area for ODS-free OX 45-3,

OX 45-3 ODS and TNB-V5. In order to compare the observed oxide scale

growth rates of the different studied alloys, a square root growth model

according to(
∆m

A

)2
= kp · t (6.1)

where t is the time and kp is the parabolic growth constant, is fitted to the

data. Comparing the ODS-free and ODS-containing variant a reduced weight

gain is clearly observed upon addition of the yttria. OX 45-3 ODS shows

a parabolic growth of the oxide scale up to the maximum tested time of

924 h. At this point spallation is observed at the edges of the specimens.

Over the complete duration of the oxidation test, the parabolic growth mode

is maintained which is also seen by the data points lying on a line with a slope

of 0.5 on a logarithmic scale (inset Figure 6.1). The ODS-free OX 45-3

alloy shows initially parabolic growth up to 360 h. For longer test duration

accelerated growth is observed which is also evident from an increased slope

on the logarithmic scale. Consequently, no fitted parabolic growth model

is shown for OX 45-3. However, the data up to 360 h follows a parabolic

model and is thus included in Table 6.1 for comparison. The fitted kp value

for the OX 45-3 ODS variant is about half the value of the ODS-free alloy.
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6 Performance of ODS titanium aluminides

Comparing the weight gain for the ODS variant to TNB-V5 a slightly better

oxidation resistance is observed for the latter. The kp values are 1.9 and

1.4·10-10 kg2·m-4·s-1, respectively. The reference alloy TNB-V5 is also a Ti-Al-

Nb based alloy with additions of B and C, containing an increased amount of

Nb compared to OX 45-3 (ODS). Upon the addition of the elements Nb, C,

and B, to TiAl alloys increased oxidation resistance has been observed [198].

Additionally it is well known that higher Nb levels also contribute to a higher

oxidation resistance [51]. In the case of Ti-Al-Nb alloys additions exceeding

5 at.% Nb have been found to have significantly increased oxidation resistance

[50]. The difference in composition thus explains the increased oxidation

resistance of TNB-V5 compared to OX 45-3. It is an important observation

that the addition of <0.2 mol.% Y2O3 leads to a similar oxidation resistance

as an increased Nb alloying level by 2 at.% plus the addition of 0.2 at.% of

each C and B. The kp value for TNB-V5 determined in this work for a test

accelerated scale growth

0.5
1

effect of 

Y O  addition2 3 

effect of higher Nb content

Figure 6.1: Weight gain of OX 45-3, OX 45-3 ODS and TNB-V5 at 1073 K
in static laboratory air. For OX 45-3 ODS and TNB-V5 fitted parabolic curves
are shown (- -). The data points for OX 45-3 have been connected to guide
the reader’s eye (··). Inset: data points on a log-log scale.
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6.1 High temperature degradation behavior in air

Table 6.1: Parabolic growth rates kp for OX 45-3, OX 45-3 ODS and TNB-V5
at 1073 K.

Alloy kp· 10-10 [kg2·m-4·s-1] Time range [h] Reference

OX 45-3 3.7 0 ≤ t ≤ 360 This work
OX 45-3 ODS 1.9 0 ≤ t ≤ 924 This work

TNB-V5
1.4 0 ≤ t ≤ 1001 This work
1.1 0 ≤ t ≤ 62 [204]

duration of 1001 h is increased by 3·10-11 kg2·m-4·s-1 compared to the value

reported by Masset and Schütze for 62 h [204] (Table 6.1). However, the

weight gain at 24 h of TNB-V5 observed in this work is overestimated by the

fit over the complete test duration (see inset Figure 6.1). Consequently, a

lower kp is determined for short-term testing and explains the slight difference

between reported values and the ones obtained in this work.

6.1.3 Morphology and phase evolution of the formed oxide scale

The evolution of the morphology of the oxide scale on OX 45-3 ODS at

1073 K initially shows the formation of a fine grained, Al2O3-rich scale after

10 h (Figure 6.2a). Some coarsened oxides appear, being TiO2 based on

their composition. According to XRD, the scale after 10 h consists of TiO2

(rutile) and α-Al2O3 (corundum) and trace amounts TiN and Ti2AlN (Figure

6.3). After 100 h exposure the TiO2 covers most of the surface with only

a few spots left where the fine grained Al2O3-layer remains visible (Figure

6.2b). This is also represented by a strong increase in TiO2 peak intensities in

XRD. Simultaneously, the reflections of γ and α2 start to vanish due to the

formation of the oxide scale. The reflections of the TiN-phase also decrease

in intensity, indicating its formation in the initial stages of oxidation and its

location close to the alloy-scale interface. After 354 h of oxidation the scale

surface shows mainly coarse, faceted TiO2 crystals with a lateral size below 5

µm (Figure 6.2c). Upon exposure for 924 h no significant changes of the oxide

scale surface morphology are observed (Figure 6.2d). The scale continues to

increase in thickness and mass, as it is evident from Figure 6.1 but also from
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vanishing substrate and TiN signal intensities in XRD (Figure 6.3).

The cross-section microstructure of the formed oxide scale shows a multi-

phase, layered and complex structure after 354 h at 1073 K (Figure 6.4). As

previously discussed, the outermost region consists out of coarse TiO2. This

is also evident from an EDX line-scan across the scale after 924 h (Figure 6.5).

Below this surface layer, a region consisting of fine grained Al2O3 + TiO2 is

observed. Towards the base material, the Al2O3 disappears leaving behind a

region of predominantly TiO2. At the alloy-scale interface bulky Al2O3-rich

phases are observed together with a thin layer enriched in Ti, Al and N. In the

intermetallic base material Nb-rich phases form in the region close to the scale.

Approximately 7 µm below the alloy-scale interface Ti-depletion is observed

in the base material. Simultaneously, Nb is enriched in this region with its

(a) (b)

(c)

5 mm

(d)

Figure 6.2: BSE SEM top-view micrographs of OX 45-3 ODS after a) 10 h,
b) 100 h, c) 354 h and d) 924 h at 1073 K in air. The scale bar in d) is valid
for a-d).
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6.1 High temperature degradation behavior in air

maximum concentration directly below the oxide scale. Nb is also incorporated

into the first TiO2-rich zone but is absent in the outer Al2O3 + TiO2 and

surface TiO2-layer. No Y-rich phases are observed, however Y is detected in

small amounts in the Nb-enriched TiO2 layer by EDX. After 924 h of exposure,

small cavities are observed in the oxide scale close to the alloy-scale interface.

This promotes spallation along these weak spots which is indeed observed

after this exposure time.

In order to elucidate the effect of the Y2O3 addition in OX 45-3 ODS, the

morphology evolution of the ODS-free variant OX 45-3 and TNB-V5 is studied.

After 24 h exposure of OX 45-3 at 1073 K the surface is mainly covered by

TiO2 (Figure 6.6a). XRD also indicates the presence of α-Al2O3 as well as

TiAl
Al O2 3

TiO2

Al O2 3

TiO2

TiAlTiAl

TiNTi AlN2

Figure 6.3: XRD spectra of oxidized OX 45-3 ODS at 1073 K. The peak
positions of the major phases γ-TiAl, α2-Ti3Al, TiO2 (rutile) and α-Al2O3
(corundum) are indicated as well as the evolution of their prominent peaks.
Traces of TiN and Ti2AlN peaks are marked with arrows (↓).
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traces TiN and Ti2AlN (Figure 6.7). After 360 h of exposure, the entire surface

consists of coarse, faceted TiO2-crystals with the larger grains exceeding a

lateral size of 5 µm (Figure 6.6b). The corresponding XRD spectrum shows

the presence of predominantly TiO2 and Al2O3. The reflections of the alloy

substrate almost completely vanished indicating a relatively thick scale at

Al O -rich2 3

TiO -rich2

TiO2

Al O -rich2 3

alloy

TiN-rich

(a)

5 mm

TiO2

Al O -rich2 3

TiO -rich2

alloy

Al O -rich2 3

Nb-rich

E
D

X
 l
in

e
sc

a
ncavities

Al O -rich2 3

TiN-rich

(b)

Figure 6.4: BSE SEM micrographs in cross-section of the oxide scales formed
on OX 45-3 ODS after a) 354 h and b) 924 h at 1073 K in air. The different
characteristic regions are indicated. The scale bar in b) is valid for a-b).

[Nb]

[Ti]

Al O -rich2 3

zones

[Al]

[Y]

Figure 6.5: SEM EDX line-scan showing the fraction of the metallic elements
Ti, Al, Nb and Y across the oxide scale in OX 45-3 ODS after exposure to air
at 1073 K for 924 h (see Figure 6.4b).
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this point. After 1001 h exposure, the surface structure is further coarsened.

Large TiO2-crystals form with lateral sizes exceeding 10 µm (Figure 6.6c).

The XRD spectrum of the scale is dominated by TiO2. The reflections of

Al2O3 decrease in intensity compared to 360 h exposure, indicating fast and

predominant formation of TiO2. At this point, the substrate reflections have

completely vanished. Combining these results, a thick scale consisting mainly

out of TiO2 is formed on OX 45-3 after exposure of 1001 h at 1073 K.

The scale formed on the reference alloy TNB-V5 after 1001 h at 1073 K

consists out of coarser, faceted TiO2 as well as relatively fine grained regions

in between them (Figure 6.6d). Comparing the morphologies of the formed

scale after similar exposure time on OX 45-3, OX 45-3 ODS and TNB-V5

(a) (b)

(c)

5 mm

(d)

Figure 6.6: BSE SEM top-view micrographs of a-c) OX 45-3 and d) TNB-V5
after a) 24 h, b) 360 h, and c,d) 1001 h at 1073 K in air. The scale bar in d)
is valid for a-d).
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shows a very similar behavior of the latter two. Both form a scale with a

bimodal grain size distribution of coarser TiO2 and finer TiO2 + Al2O3 in

between. This similarity also observed in the XRD spectra after the maximum

test time (Figure 6.8). While the spectra for OX 45-3 ODS and TNB-V5

are virtually the same, showing the presence of a significant fraction of Al2O3

beside the major TiO2, the spectrum of OX 45-3 is dominated by the presence

of TiO2. Beside this difference, the general phase evolution appears to be

similar with early formation of TiN and later formation of a predominantly

TiO2 outer scale and vanishing TiN intensities. The strongest formation of

Ti2AlN is observed in the OX 45-3 ODS variant, but this phase is also present

TiAl
Al O2 3

TiO2

Al O2 3

TiO2

TiAlTiAl

TiNTi AlN2

Figure 6.7: XRD spectra of oxidized OX 45-3 at 1073 K. The peak positions
of the major phases γ-TiAl, α2-Ti3Al, TiO2 (rutile) and α-Al2O3 (corundum)
are indicated as well as the evolution of their prominent peaks. Trace amounts
of TiN and Ti2AlN peaks are marked with arrows (↓).
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6.1 High temperature degradation behavior in air

in the TNB-V5 alloy. In the OX 45-3 alloy the Ti2AlN phase is present at

earlier time, but its signal vanishes due to the overlying TiO2. The general

behavior of the three studied alloys is schematically summarized in Figure

6.9. In the initial state, the alloy has a thin native oxide layer due to the

high affinity of of Ti and Al to oxygen (Fig. 6.9a). After exposure to air

for up to 24 h at 1073 K the surface is covered with fine grained Al2O3 and

TiN as well as dispersed coarser TiO2 crystals (Fig. 6.9b). Upon prolonged

exposure TiO2 starts to overgrow the fine grained Al2O3-rich layer as TiO2

provides a fast diffusion path for oxygen (Fig. 6.9c). Additionally, N diffuses

TiNTi AlN2

TiO2

Al O2 3

TiO2

Al O2 3

TiAl

Figure 6.8: XRD spectra of OX 45-3 (bottom), OX 45-3 ODS (center) and
TNB-V5 (top) oxidized at 1073 K for 1001 h, 924 h and 1001 h, respectively.
The peak positions of the major phases γ-TiAl, α2-Ti3Al, TiO2 (rutile) and
α-Al2O3 (corundum) are indicated as well as the evolution of their prominent
peaks. Trace amounts of TiN and Ti2AlN peaks are marked with arrows (↓).
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towards the alloy forming various nitride phases. Ti and Al diffuse into the

scale forming new oxides leading to a multiphase structure. Nb as a slowly

diffusing element enriches at the lower interface forming Nb-rich phases. After

long term exposure the final layered oxide structure is formed with TiO2 as

the outermost layer (Fig. 6.9d). The underlying fine grained Al2O3-rich layer

controls the diffusion of oxygen and thus scale growth. Toward the alloy-scale

interface a mixed layer of Ti- and Al-oxides is formed. The interface itself

consist of a mixture of nitrides, Al-oxides, and Nb-rich phases. Enhanced

diffusion of N along grain boundaries favors the formation of nitrides in the

sub-scale zone. Due to selective oxidation of Ti and Al these elements are

depleted leaving behind a Nb-enriched zone with typically higher α2 content

due to compositional shifts towards higher Ti content.

While all three alloys show a similar scale evolution in terms of the sequence

of the formed phases, their weight gains have been found to be very different,

thin native oxides Al O  + TiO2 3 2

g + a2

Ti-Al-Nb base alloy

(a)

Al O  + TiN2 3

TiO2

g + a2

Ti-Al-Nb base alloy

(b)

O + N

Ti + Al
Nb-rich
phases g + a2

Ti-Al-Nb base alloy

(c)

g + a2

Ti-Al-Nb base alloy

N-rich

(d)

Figure 6.9: General oxidation processes and structural evolution upon oxidation
of the studied Ti-Al-Nb base alloys at 1073 K. a) native state, b) short term
exposure up to 24 h, c) intermediate stage (24 h < t < 1000 h), d) final state
after 1000 h.

136



6.1 High temperature degradation behavior in air

where the ODS-containing variant and the Nb-richer TNB-V5 show similarly

low growth kinetics. In the past the beneficial effect of Nb and the similar

elements Mo and W have been attributed to the stabilization of Al2O3 forming

in a sub-surface barrier layer as well as in the inner TiO2-rich region [198].

Consequently, inward transport of oxygen along the TiO2 is strongly reduced

and higher oxidation resistance is achieved. Similar effects on the stability

of Al2O3 have been described for Y-doped TiAl alloys [186]. Comparing

the results for OX 45-3 and OX 45-3 ODS, this effect is also triggered by

additions of Y2O3 in the form of finely distributed dispersoids. Unlike in

elemental addition, the Y is concentrated in the stable dispersoids avoiding

detrimental effects as formation of large internal Y2O3-particles, as observed

by Haanappel et al. [53]. Although the studied alloy only contained 0.1 at.%

of Y, locally accelerated degradation was observed around newly formed Y2O3.

This effect is not observed in this work by the addition of Y in the form of a

stable dispersion of Y-based oxides.

6.1.4 Size evolution of the dispersoids at high temperature

The stability of the dispersoids and their size evolution is determined for the

OX 45-3 ODS variant after exposure to air at 923 K and 1073 K after 987 h

and 924 h, respectively (Figure 6.10). After testing at both temperatures,

the dispersoids remain stable and well distributed throughout the intermetallic

matrix (Figures 6.10a and 6.10c). The particles are observed in the equiaxed

region consisting of γ and α2 as well as in the lamellar α2 + γ colonies, where

no preference for either phase is found. The dispersoids are globular and partly

faceted, with diameters between sub-10 nm up to 150 nm. In both conditions

a multitude of dispersoids is found on phase or grain boundaries, indicating

a strong pinning effect by the dispersoids and consequently reduced grain

growth due to their presence in the ODS-variant (Figures 6.10b and 6.10d).

Coarser dispersoids exert a high enough pinning force to lead to locally curved

grain boundaries. This clearly indicates the beneficial effects of a portion of

larger particles on the microstructure stability at high temperatures. A similar

effect has also been observed at short term annealing at high temperatures in
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OX 45-3 ODS (Chapter 5). Upon exposure to air at 923 K and 1073 K the

dispersoids show little change in their size distribution. Figure 6.11 shows the

size distributions after both exposure conditions as well as the initial state

in the stabilized OX 45-3 ODS alloy. After consolidation by SPS and the

following stress relief and microstructural stabilization annealing at 1123 K for

1 mm

(a)

1 mm200 nm

(b)

1 mm

(c)

200 nm

(d)

Figure 6.10: Bright-field STEM micrographs of the microstructure of the base
alloy OX 45-3 ODS after a, b) 987 h at 923 K and c, d) 924 h at 1073 K in
static laboratory air. Boundary pinning is indicated with arrows (↑). Images by
K. Dawson, ULIV.
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12 h, the resulting mean dispersoid diameter is 29 nm. The log-normal shape

of the distribution indicates the highest fraction of particles at a slightly smaller

diameter of around 23 nm. The number density of particles is 4.4·1020 m-3.

Upon exposure at 923 K for 987 h the resulting size distribution is shifted to

26 nm with its maximum relative frequency in the size class of 15 to 20 nm

with a particle number density of 5.3·1020 m-3. A similar oxidation time at

1073 K leads to a slight particle coarsening, shifting the size distribution to

a median of 32 nm at a particle number density of 4.4·1020 m-3. While the

relative frequency of the fine dispersoids is reduced, a larger amount of coarser

ones appears simultaneously indicating continued growth of particles of all

sizes. The appearance of a high fraction of dispersoids with sub-median size

after oxidation at 923 K could be attributed to fast coarsening of very fine

precipitates or re-precipitation from the matrix. In the present case the latter

appears to be the case, as the fraction of small dispersoids after consolidation

appears not to be high enough to explain such behavior. The increased number

density also suggests the formation of new particles. But it has also to be

noted that the measurement of particles below 5 nm is difficult based on their

re-precipitation

d =26 nmmedian

dispersoid coarsening

d =32 nmmedian

reference

d =29 nmmedian

Figure 6.11: Size distribution of ODS particles in solid state SPS sintered and
stabilized material after exposure for 987 h at 923 K and 924 h at 1073 K.
Least-square-fitted log-normal distribution curves are shown overlaid.
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low contrast to the surrounding matrix. The re-precipitation mechanism can

be understood taking into account the production route of the alloy. Upon

HEBM the added Y2O3 is finely dispersed and potentially partially dissolved

into the matrix alloy. After precipitation and growth upon SPS consolidation

and annealing, the formed particles are in a metastable equilibrium with the

matrix, based on the relative stabilities of the phases involved. It was shown

in the past that even in equilibrium a portion of the initially added dispersoid

material remains in solution [141]. This leads to a doping of the TiAl alloy

matrix with Y and O in the case of Y2O3 addition. Upon long-term oxidation

at moderate temperature, the formation of new particles appears to be faster

than the growth of the existing ones, leading to a effective shift of the

total size distribution towards smaller diameters. At higher temperature this

effect is not observed. Additional effects may be chemistry changes of the

particles formed. Changing from a Y-rich to a Y-lean phase, new particles

can be formed by incorporation of the abundant Ti and Al as well as O. To

unambiguously determine such an effect a large amount of measurements on

the formed particles is needed to ensure statistical meaning which is not the

goal of the presented study. However, this remains an important topic for

future studies of this class of intermetallics. Apart from the discussion about

the underlying cause of the observed shifts in the particle size distribution by

a few nanometers, it can be clearly stated that the particles in OX 45-3 ODS

exhibit a low coarsening tendency and are stable at 1073 K for 1000 h.

6.2 Mechanical properties at low and high temperature

The addition of ODS particles has a clear influence on the tensile properties

of ternary Ti-45Al-3Nb at room temperature. Figure 6.12 shows the tensile

stress-strain curves for OX 45-3 and OX 45-3 ODS tested until fracture.

The ODS variant has a higher yield point Rp0.1 (+34 %) and higher ultimate

strength Rm (+14 %) but lower total fracture strain εf (-17 %) compared

to the ODS-free variant. The Young’s modulus of both variants is close to

170 GPa based on the linear elastic part of the stress-strain curve. Both

variants show only small scatter between the individual specimens, selected
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randomly from different regions in the consolidated billet. This indicates good

microstructural homogeneity throughout the SPS consolidated material. The

mechanical performance of OX 45-3 ODS remains superior to the ODS-free

variant at all tested temperatures up to 1073 K. Figure 6.13 shows the

evolution of Rp0.1, Rm and εf for both variants. The Rp0.1 of OX 45-3 ODS

is slightly reduced at elevated temperature compared to its maximum value

at room temperature. After the initial reduction to 729±22 MPa at 873 K it

increases again to 742±6 MPa at 973 K and 745±14 MPa at 1073 K. The

Rm shows a similar behavior and decreases from 293 K to 873 K. This value

remains stable up to 973 K before raising again reaching 855±3 MPa which

matches its Rm at room temperature. The elongation to fracture shows an

similar behavior to Rm. The very similar evolution of Rm and εf indicates a

critical strain based failure mechanism leading to premature fracture and lower

Rm at intermediate temperatures. This is also evident from the increased

standard deviation of Rm at 973 K, which is caused by a strong scattering

of the obtained values for four specimens. This high standard deviation is

unusual for this alloy comparing all the other data. Detailed analysis shows

e
=0.

1 
%

p

Figure 6.12: Tensile stress-strain curves for SPS OX 45-3 (nonODS, n=3)
and OX 45-3 ODS (ODS, n=2) at room temperature. The yield point Rp0.1
defined at a plastic strain of 0.1 % is indicated.
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that the measured values of Rm at 973 K are 747 MPa, 755 MPa, 775 MPa

and 856 MPa. At the same time the Rp0.1 value shows only little scattering.

The maximum strain at fracture is 0.77 % for 856 MPa while the minimum

observed strain is 0.61 % for 755 MPa. In the ODS-free variant OX 45-

3 the Rp0.1 first increases from 593±10 MPa to 617±11 MPa at 873 K

before it strongly decreases to 521±8 MPa at 973 K and increases again to

601±42 MPa at 1073 K. The Rm and εf show a similar evolution which is

inverse to the trends of the Rp0.1. First, both values decrease up to 873 K.

At 973 K the Rm recovers to 734±22 MPa while εf reaches its maximum of

1.08±0.14 %. At 1073 K both values decrease again to 689±9 MPa and

0.71±0.06 %, respectively.

To understand the differences in mechanical performance and the cause

of failure, the fracture surfaces are examined by SEM. Figure 6.14 shows

the characteristic features observed in OX 45-3 ODS after fracture at 293 K

to 1073 K. The insets show the region of the crack origin as identified by

the typical star-like crack pattern forming around it. Three main failure

modes are observed: trans-lamellar (TL), inter-granular (IG) and feathery

trans-lamellar (FTL) fracture. The trans-lamellar modes are observed in

the lamellar colonies of α2 + γ. The TL mode shows a very ragged crack

Figure 6.13: Mechanical performance of nonODS OX 45-3 and OX 45-3 ODS
from 293 to 1073 K.
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surface following the lamellar interfaces before crossing individual lamellae.

The FTL mode crosses several lamellae without directional change along the

interfaces. The IG mode is observed in the equiaxed region following the

grain boundaries of the γ phase. It is evident from the micrographs that

OX 45-3 ODS shows a very similar fracture mode at all temperatures. The

origin of the crack is related to a cleavage fracture of the intermetallic matrix.

Based on the size of these cleaved regions it is believed that is related to the

lamellar colonies in the material. No mass contrast between the crack origin

TLIG

TLTL

FTL

TLinclusion

(a)

TLIG

TLTL

FTL

(b)

TLIG

TLTL

FTL

(c)

TLIG

TLTL

FTL

1 mm10 mm

(d)

Figure 6.14: SE SEM micrographs of the fracture surface of OX 45-3 ODS
tensile tested at a) 293 K, b) 873 K, c) 973 K and d) 1073 K in vacuum. Insets:
BSE SEM micrographs of the origin of fracture. The characteristic fracture
modes trans-lamellar (TL), feathery trans-lamellar (FTL), inter-lamellar (IL)
and inter-granular (IG) are indicated. The scale bar in d) applies for a-d).
Insets: scale bar = 10 µm.
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and the surrounding matrix is observed, indicating intrinsic crack initiation in

the microstructure. At room temperature a small inclusion is observed close

to the cleaved region. Although probably responsible for ultimate fracture its

influence on the mechanical performance appears to be minimal based on the

superior strength of the material. Figure 6.15 shows the fracture surfaces of

OX 45-3 after testing at 293 K to 1073 K. The same three fracture modes

as in the ODS-variant are observed plus the additional inter-lamellar (IL)

mode. The IL mode is observed in the lamellar colonies and separates the

individual lamellae leading to large planar features. At 293 K the predominant

TLTL

TLIG
TLTL

FTL

(a)

TLIG

TLTLFTL

TLIG

(b)

TLTL

TLIG

IL

(c)

1 mm20 mm

IL

TLTL

TLIG

TLIG
IL

(d)

Figure 6.15: SE SEM micrographs of the fracture surface of OX 45-3 tensile
tested at a) 293 K, b) 873 K, c) 973 K and d) 1073 K in vacuum. The
characteristic fracture modes trans-lamellar (TL), feathery trans-lamellar (FTL),
inter-lamellar (IL) and inter-granular (IG) are indicated. The scale bar in d)
applies for a-d). Inset a): scale bar = 1 µm, insets b, d): scale bar = 2µm.
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fracture mode is the TL mode (Figure 6.15a). The IG and FTL modes

are also observed in the γ-rich regions and across lamellae, respectively. At

873 K the FTL mode appears on larger areas while the equiaxed γ shows very

distinct inter-granular fracture with no apparent ductility (Figure 6.15b). At

973 K the IL mode is observed, thereby completely changing the appearance

of the fracture surfaces. At the same time the FTL mode vanishes (Figure

6.15c). The fracture surface at 1073 K is similar to the one observed at

973 K showing TL, IG and FTL modes (Figure 6.15d). The inset shows also

separation cracks forming in between the IG and IL zones in the equiaxed

γ and lamellar colonies. The change in fracture mode between 873 K and

973 K is accompanied with a strong increase in ductility and reduced yield

strength (Figure 6.12). This indicates that the IL mode is actually a ductile

fracture mode compared to the brittle IG and TL modes. The replacement

of the FTL mode by the IL mode could indicate that also the FTL mode is

a ductile fracture mode. However, based on the macroscopic ductility this

cannot be confirmed due to its limited occurrence within the fracture surface.

Also the ODS-variant shows an increased ductility at high temperature with

abundance of the FTL mode (Figure 6.14d). This indicates that indeed the

FTL mode is a sign of ductility in the lamellar colonies and can explain the

increased strain at fracture. Furthermore, the IL and FTL mode appear to

be strongly related with the direction of the crack growth changing from

trans-lamellar at low temperature to inter-lamellar in the IL mode at high

temperature in the ODS-free variant while the predominant direction remains

trans-lamellar in the ODS-variant. Consequently, the IL mode is not observed

there.

The significant increase in yield point of the ODS-variant can be attributed

to the addition of dispersoids. However, the underlying mechanism for the

higher yield point is not only depending on the presence of the dispersoids and

their interaction with dislocations. A second and very important contribution is

from the microstructure itself. The ODS-variant has a fine microstructure with

equiaxed γ between small lamellar colonies forming a duplex to near-lamellar

alloy. The ODS-free alloy has less γ surrounding larger lamellar colonies and

is thus closer to a near-lamellar alloy (see Figure 5.4). It is well known that
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in TiAl alloys all constituents, equiaxed γ, lamellar colonies and the lamellar

structure itself follow a Hall-Petch relationship with increased strength with

reduced feature size [48]. Duplex microstructures combining lamellar colonies

and a significant fraction of equiaxed γ have typically already high strength,

but are inferior to near-lamellar microstructures providing the highest strength

in TiAl alloys [44]. Taking into account these findings, the microstructure

of the ODS-free variant should actually provide the higher strength than

the structure richer in equiaxed γ found in the ODS-variant based on its

general microstructure. A refinement effect upon ODS addition of each

microstructural feature can however lead to significantly enhanced strength as

the Hall-Petch constants of TiAl alloys for lamellar microstructures have been

found to be unusually high up to 5 MPa·m1/2 compared to common metals with

values close to or below unity [48]. Separation of the individual effects however

remains difficult as microstructure, properties and alloy composition are

intertwined in TiAl alloys. At elevated temperature the abnormal mechanical

behavior of the intermetallic phases contributes to the strength retention. The

single-crystalline γ and α2 show an abnormal strength increase with increasing

temperature with their maximum yield stress around 873 K and 1173 K,

respectively [46]. In technical alloys this leads to a ductile-to-brittle transition

around 923 K to 1073 K, as γ starts to soften. This is in agreement with

the observations in the ODS-free OX 45-3 alloy. The addition of dispersoids

suppresses the softening reaction found in OX 45-3 which is a clear benefit for

the ODS variant providing stable yield stress for all tested temperatures. The

softening is probably caused by increased mobility of previously dissociated and

locked super-dislocations recombining due to thermal activation [46]. While

the dissociating contribution disappears, the dispersoids remain stable and

continue to hinder dislocation movement. Consequently, superior yield stress

is maintained to higher temperature in ODS TiAl alloys.
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6.3 Conclusions

• The addition of Y2O3 increases the oxidation resistance of mechanically

alloyed Ti-45Al-3Nb at 1073 K by a factor of two compared to the

ODS-free variant.

• Upon oxidation at a complex oxide scale is formed. XRD shows the

presence of TiO2, Al2O3 and TiN and Ti2AlN nitride phases, where

TiO2 forms the outermost layer. All alloys form protective Al2O3 as

part of their oxide scales.

• The Y-based dispersoids remain stable at 923 K and 1073 K up to

1000 h with minimal changes in median size from 29 nm in the initial

state to 26 nm at 923 K and 32 nm at 1073 K, respectively. Increased

number densities from 4.4 to 5.3·1020 m-3 indicate precipitation of new

particles at 923 K.

• At room temperature, SPS OX 45-3 ODS has a 34% higher yield point,

14% higher ultimate tensile strength at a reduction in fracture strain of

17% compared to SPS OX 45-3. The ODS variant retains its superior

yield point and ultimate strength up to 1073 K.

• The fracture surfaces of OX 45-3 show increased tendency for inter-

lamellar failure at high temperatures. OX 45-3 ODS shows similar

fracture surfaces from 293 K to 1073 K with preferred trans-lamellar

fracture.

The achieved oxidation behavior is comparable to a commercial TNB-V5

alloy richer in Nb and additionally alloyed with C and B. The addition of

<0.2 mol.% Y2O3 provides similar resistance as the effects of additional

2 at.% Nb and 0.2 at.% C and B each. The addition of dispersed Y2O3 opens

a new possibility to further enhance the oxidation resistance of TiAl alloys

alloyed already to their maximum allowable contents of Nb or other elements

as W and Mo based on the desired set of phases. Based on the presented

results, the addition of ODS particles is considered a promising way to further

enhance the properties of TiAl alloys in the future.
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In this Chapter the SLM processing of ODS Ti-45Al-3Nb-<0.2Y2O3 (OX 45-3

ODS, P-3) is discussed. First, the experimental details are presented followed

by the results and discussion of the obtained data. The process development

is started from single lines and layers and later continued to multi-layer SLM

to massive blocks and complex 3D lattices. The focus lies on the formation

of stable melt pools and the occurrence of cracks due to thermal stresses.

The dependencies of cracking on energy input, scanning strategy and part

geometry are discussed before the chapter is concluded. The experimental

part of this work has been performed in the frame of a Master Thesis at

ETH and Empa (G. Dasargyri, January - July 2015) with all SLM tests being

performed at Inspire, St. Gallen. The major findings are summarized here

and additional analysis on cracking frequencies has been performed.

7.1 Experimental details

7.1.1 Single line deposition

As a first step towards SLM of ODS TiAl, single line deposition on commercially

pure Ti (ASTM grade 2) is performed. Based on these experiments, the melt

pool stability and size is obtained as function of laser power and scanning

speed. The powder layer thickness and the laser spot diameter are kept

constant at 80 µm and 100 µm, respectively. The powder layer thickness

is chosen to be representative for later SLM processing at a nominal layer

thickness of 50 µm. Assuming a height reduction of 35 % due to consolidation

upon melting, the thickness of the powder layer deposited onto a previously

melted area is around 80 µm for nominal 50 µm layers. The laser power is

varied from 50 to 200 W in steps of 50 W, the scanning speed is varied from

25 to 400 mm·s-1 in steps of 25 mm·s-1. At 200 W the slowest scanning
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7 Selective laser melting of a β-solidifying ODS γ-TiAl alloy

speed is omitted, while for 50, 100 and 150 W an additional data point at

12.5 mm·s-1 is generated. In order to get preliminary data on the formation

of layers, the hatch distance is reduced from 1 mm to 0.075 mm (1 mm,

0.25 mm, 0.1 mm, 0.075 mm). The lines formed at 1 mm hatch distance are

analyzed to obtain the melt pool width at surface level. Eight measurements

at different locations along the melt lines are used to calculate the mean width

and the standard deviation. The effect of laser re-scanning on the surface

condition is analyzed on selected layers with 0.1 mm hatch distance.

7.1.2 Laser re-melting of sintered ODS TiAl

While single layer deposition is a fast method to obtain initial melt pool

stability data, the resulting material is a changed alloy due to dilution with the

base plate material. Consequently, the microstructural evolution is changed.

Additionally, the reflectivity of the ground base-plate may affect laser-material

interaction and the effective energy input. In order to obtain data on the

true alloy composition, selective laser re-melting using the SLM equipment is

applied to bulk OX 45-3 ODS produced by SPS sintering (see Chapter 3.1.3).

A total of 16 melt lines are produced where the laser power is varied from

50 to 200 W in steps of 50 W and the scanning speed is 50, 100, 200 and

400 mm·s-1. Top view and cross section micrographs are analyzed to obtain

the melt pool width and depth. The cracking frequency in the irradiated area

is evaluated using the line intersection method yielding the number of cracks

per unit length.

7.1.3 Multi-layer deposition and 3D lattices

With the obtained data from single line deposition and laser remelting, process-

ing parameters for multi-layer deposition are identified. Deposits consisting of

7 layers are produced with various parameters with laser powers of 50, 100

and 150 W and scanning speeds from 50 to 400 mm·s-1. The hatch distance

is chosen based on the mean melt pool width obtained from the single line

deposits to ensure an overlap of 50 % between individual melt lines. The

powder layer thickness is 50 µm. A unidirectional cross-hatch melting strategy
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is chosen. Re-scanning is performed using two main strategies, re-melting

with the same parameters as for deposition and remelting with doubled scan-

ning speed and consequently reduced input energy density. The re-melting

direction is parallel to the deposition melt lines. Additionally, re-melting tests

are performed with changed re-scanning direction (45° and 90°) with respect

to the initial deposition direction as well as with multiple re-scans with reduced

energy density. Examination of the surface by SEM is performed to study

the influence of the processing parameters on the formation of cracks in the

alloys. Using the line intersection method, the crack length per unit area LA
can be calculated using [205]

LA =
(π
2

)
· PL (7.1)

where PL is the number of intersections per test line length. The unit of LA
is mm·mm-2 which can be reduced to mm-1, the unit of PL.

SLM processing of massive blocks and 3D lattices is performed using laser

powers from 50 to 150 W and scanning speeds from 50 to 1000 mm·s-1.
The hatch distance is adapted accordingly to ensure an overlap of 50 %. The

powder layer thickness is 50 µm. Re-scanning is applied on selected specimens

with 90° orientation difference to the deposition step. The lattice geometry

is a body-centered cubic structure consisting exclusively of trusses oriented

with 45° to the unit cell. This allows to build them without any support. The

integrity of bulk and lattice structures is later analyzed based on the crack

length per unit area and cracking frequencies along the trusses, respectively.

7.1.4 Energy density considerations

When it comes to quantify energy inputs in AM, usually the line, area and

volume energy densities El , Ea and Ev , respectively, are defined as

El =
P

v
, Ea =

P

v · hL
, Ev =

P

v · hL · tL
(7.2)

where P is the laser power, v is the scanning speed, hL is the hatch distance

and tL is the powder layer thickness. These quantities allow a comparison

151



7 Selective laser melting of a β-solidifying ODS γ-TiAl alloy

of processing parameter combinations and their influence on the observed

properties. The characteristics of the laser, such as the energy profile and

shape, are neglected in Equation 7.2. The circular shape of a typical laser

beam cross-section is taken into account in the radiant exposure R, defined

as

R =
4 · P

π · v · dL
(7.3)

with dL the diameter of the laser focus spot. In the case of overlapping melt

tracks, the effective radiant exposure R′ can then be expressed as

R′ = R · dL
hL
=

4 · P
π · v · hL

(7.4)
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7.2 SLM processing results

7.2.1 Single line deposition

The deposition of single lines is performed to study melt pool formation,

stability and width. Figure 7.1 shows the observed resulting characteristic

morphologies of the formed melt pools. Three major classes are distin-

guished, the smooth melt pool, occurrence of splattering and the formation of

strongly elongated melt pools with a rough surface. Using this classification,

the observed morphologies are combined in a parameter-morphology map

(Figure 7.2). Splattering is caused by droplet ejection from the melt pool due

100 mm

(a)

200 mm

(b)

100 mm

(c)

Figure 7.1: Appearance of melt lines showing a) splattering, b) smooth and
c) elongated behavior for single line SLM deposition of ODS TiAl.The scan
direction is indicated by a white arrow (→) and applies for all micrographs.
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to increased recoil pressures upon material evaporation [206]. Smooth melt

pool formation is observed for laser powers of 100 to 200 W at low scanning

speeds. At high scanning speeds the formed melt pools become strongly

elongated with a rough surface. Based on the obtained results, the studied

TiAl alloy needs rather high energy inputs to produce smooth melt lines. An

observation already made by Löber et al. [134]. The mean line width of the

produced melt pools naturally increases with increasing power and decreasing

scanning speed (Figure 7.3a). At a power level of 50 W the width is only

slightly increasing with reduced scanning speed. At high scanning speeds, the

melt pool width approaches the laser diameter (100 µm). Laser powers of

100 W and higher show good energy absorption with a strong increase in

melt pool width at low scanning speeds. This effect can be attributed to the

formation of a metal-vapor filled keyhole and increased energy absorption as

the beam penetrates deep into the material reducing reflection losses from

the surface. Comparing the radiant exposure to the obtained line width shows

a common behavior of 100, 150 and 200 W (Figure 7.3b). This allows to

predict the line width based on the calculated radiant exposure for arbitrary

Figure 7.2: Parameter-morphology map for single line SLM processing of ODS
TiAl showing the characteristic morphologies of splattering, strongly elongated
and smooth melt pools.
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parameter combinations at these power levels. The linewidth and the hatch

distance define the overlapping of adjacent scans forming the individual layers

and are thus important parameters. The inefficient energy absorption at 50 W

is also evident here and is observed as a saturation of linewidth for high radiant

(a)

(b)

Figure 7.3: Linewidth of single line SLM deposition of ODS TiAl as a function
of a) the scanning speed and b) the radiant exposure for 50 to 200 W and
12.5 to 400 mm·s-1
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exposures. It can be summarized that a stable SLM processing window is

expected for laser powers in the range of 100 to 200 W and relatively low

scanning speeds for the ODS TiAl alloy. The resulting radiant exposures are

relatively high compared to SLM processing of conventional materials.

7.2.2 Laser re-melting of sintered ODS TiAl

Having established the stability range for a single powder layer, the interaction

of the laser beam with SPS sintered OX 45-3 ODS and the formation of melt

pools and their shape is studied. Figure 7.4 shows the observed microstructure

after laser re-melting with a laser power in the range of 5o to 200 W at a

scan speed of 100 mm·s-1. At 50 W a small and shallow melt pool is formed

which increases in width and depth at 100 W. At 150 W the elongated melt

pool shape indicates the formation of a keyhole and consequently a deep

penetration of the laser into the material. This effect is further increased at

200 W where also large porosity in the 100 micron range is observed. This is

believed to be caused by trapping metal vapor upon collapse of the keyhole

upon cooling. Figure 7.5a shows the observed width and depth of the formed

melt pools as a function of the scanning speed. The width of the melt lines

is in close agreement with the observations on the single layer tests. This

indicates a major influence from the alloy itself and a reduced influence of the

presence of the powder and the base plate. This can be understood taking

into account the shape of the HEBM powder particles. The powder surface

is rough and supports diffuse scattering of the incoming laser beam. It is

thus expected that the laser beam interacts only with the powder particles

present on top of the powder layer and does not propagate deep into the

powder layer by multiple scattering. Apparently, a ground surface of sintered

ODS TiAl alloy shows a very similar absorption behavior. This is further

strengthened by resulting width and depth compared to the radiant exposure

(Figure 7.5b). Again a common behavior is found for the laser tracks with a

power level equivalent or exceeding 100 W. The shape of the melt pools can

be evaluated using the depth to half-width ratio r (Figure 7.6a). This allows

a fast classification of the obtained shapes. At r<1 a shallow melt pool is
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formed. At r=1, a half-spherical melt pool is expected. At r>1.73 the depth

of a melt pool exceeds its total width. This is considered as the threshold

to deep welding and the formation of a keyhole. In the range of 1<r<1.73

melt pool shapes suitable for a sufficient re-melting depth without excessive

formation of porosity due to collapsing keyholes are expected. At a power of

50 W only shallow melt pools are observed. For 100 W all obtained ratios are

in the range of 1 to 1.73, where the higher energy densities saturate at the

upper boundary. For 150 W the higher radiant exposures lead to the formation

of exceedingly deep melt pools, which is also observed for all scanning speeds

50 W, 100 mm/s

(a)

100 W, 100 mm/s

break-out

(b)

150 W, 100 mm/s

(c)

150 mm200 W, 100 mm/s

pore

(d)

Figure 7.4: Cross-section of melt pools created in SPS OX 45-3 ODS by laser
re-melting with a) 50 W, b) 100 W, c) 150 W and d) 200 W at a scan speed
of 100 mm·s-1. The melt pool at 50 W is outlined in white for better visibility.
The scale bar in d) applies for all micrographs.
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width

d
e
p
th
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Figure 7.5: Linewidth of SLM re-melted sintered ODS TiAl as a function of a)
scanning speed (inset: cross-section of a melt pool in the deep welding regime,
scale bar = 200 µm) and b) radiant exposure for 50 to 200 W deposition.
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(a)

(b)

Figure 7.6: a) the melt pool depth-to-half-width ratio and b) the cracking
frequency perpendicular to the scanning direction as a function of the radiant
exposure for SLM re-melted ODS TiAl (inset: top-view micrograph showing
the crack pattern, scale bar = 200 µm). The ideal melt pool shapes for r = 1
and r = 1.73 are shown in a).
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at 200 W. The observed cracking pattern of the melt lines shows typically

a central crack parallel to the scanning direction as well as multiple cracks

propagating perpendicular through the melt pool into the surrounding material.

The latter are used to study the influence of the radiant exposure on cracking

frequency (Figure 7.6b). A common behavior is observed showing reduced

cracking frequencies with increased energy input. Such behavior has also

been reported by Liu and DuPont on DMD Ti-48Al-2Cr-2Nb [125]. With an

increasing energy input and melt pool size the cooling rate is reduced and

consequently the temperature remains for a longer period of time above the

ductile-to-brittle transition of TiAl alloys. The plastic deformation leads then

to stress relief during processing.

7.2.3 Influence of re-scanning and its orientation

The clear effect of the energy input onto cracking frequencies can only be

exploited in a narrow parameter range. Excessively high laser powers and

low scanning speeds reduce cracking frequency but at the same time are

clearly in the regime of deep welding, leading to additional porosity (see Fig.

7.4). Instead of depositing the entire energy in one scan, re-scanning allows

to deposit high total radiant exposures using processing parameters in the

y
x

(a) (b)

1 mm

(c)

Figure 7.7: Low resolution BSE SEM micrographs of 7 layer structures de-
posited with 100 W and a) 100 mm·s-1, b) 200 mm·s-1 and c) 400 mm·s-1.
The scale bar is valid for a-c). The scan direction (x) and the beam translation
(y) are indicated.
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7.2 SLM processing results

parameter window determined earlier. Figure 7.7 shows top-view micrographs

of 7 layer deposits processed with increasing scanning speed from 100 over

200 to 400 mm·s-1. The observed crack length per unit area is 2.38±0.18,
2.76±0.20 and 4.51±0.25 mm·mm-2, respectively. The behavior observed

on single re-molten lines is directly reproduced in SLM deposited material.

Comparing the radiant exposure of single scanned (scan speed=v) to re-

scanned layers with the same deposition conditions and one re-scan using

the same parameters (vrescan = v) and such with doubled scanning speed

(vrescan = 2 · v), the common behavior of reduced cracking frequency with

increased energy input is reproduced (Figure 7.8).

Upon close examination of the data, two areas are distinguished. Starting

from a highly cracked single scanned layer, also the re-scanned layers show

large crack lengths. If the initial deposition step provides sufficiently low

cracking, re-scanning increases the integrity of the layers. This clearly shows

the possibility to increase part integrity by repeated scanning parallel to the

deposition direction. The observed crack pattern is related to the scan

direction and is predominantly oriented perpendicular to it with connecting

re-scanning beneficalre-scanning detrimental

Figure 7.8: The crack length per unit area as a function of radiant exposure
of 7 layer SLM deposits.
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7 Selective laser melting of a β-solidifying ODS γ-TiAl alloy

cracks in between. Re-scans parallel to the initial deposition scan can thus

cross many cracks per scan line. Figure 7.9 shows 7 layer deposits produced

with the same laser parameters, but with different re-scan orientations. For

the parallel or 0° re-scans, the cracking pattern is oriented perpendicular

to the scan tracks (Fig. 7.9a). Using a cross-hatch re-scan strategy with

90° rotation between deposition and every rescan, the cracks are predominantly

formed vertically on Figure 7.9b. A rotation of 45° produces a diagonal crack

pattern (Fig. 7.9c). The obtained data clearly shows the relation between

scanning and crack orientation. The obtained crack lengths per unit area are

1.84±0.16, 1.67±0.15 and 1.97±0.16 mm·mm-2 for 0°, 90° and 45° re-scans,

respectively. The lowest crack length is observed with a 90° rotation re-scan

strategy. Figure 7.10 shows the cross-sections of 7 layer deposits. Single scan

deposited material shows cracks propagating from the interface towards the

substrate completely through the material to the top surface (Fig. 7.10a).

The large crack width illustrates the high strain imposed on the material finally

leading to fracture. Re-scanning with the same parameter as well as with

reduced radiant exposure at doubled scan speed for deposition in every layer

also leads to continuous cracks (Fig. 7.10b and 7.10c). Upon re-scanning

y
x

90°

(a)

y
x

90°

(b)

400 mm

y x

90°

(c)

Figure 7.9: BSE SEM micrographs of 7 layer structures deposited with 100 W
and 100 mm·s-1, re-scanned with 200 mm·s-1, 400 mm·s-1 and 400 mm·s-1
with a) 0°, b) 90° and c) 45° rotation in between every scan. The scanning
direction (x) and the beam translation (y) of the last scan are indicated. The
build direction is out-of-plane. The scale bar is valid for a-c).
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7.2 SLM processing results

with 200 W and 800 mm·s-1 arrested cracks are observed below the surface

leading to a low cracking frequency of the surface (Fig. 7.10d). Multiple

100 W, 100 mm/s

(a)

100 W, 100+100 mm/s

Ti substrate

OX 45-3 ODS

(b)

100 W, 100+200 mm/s

(c)

100 W, 100 mm/s + 200 W, 800 mm/s

crack arrest

(d)

100 W, 100+200+400+400 mm/s, 90°

150 mm

crack arrest

z
y

(e)

Figure 7.10: Polarized light optical micrographs of cross-sectioned 7 layer
SLM deposits produced with a laser power of 100 W and a) 100 mm·s-1, b)
100+100 mm·s-1, c) 100+200 mm·s-1, d) 100 mm·s-1 + 200 W, 800 mm·s-1
and e) 100+200+400+400 mm·s-1, rotated by 90° in every layer. The scale
bar in e) applies for all micrographs. The build direction (z) is indicated.
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7 Selective laser melting of a β-solidifying ODS γ-TiAl alloy

re-scans at reduced exposure with a 90° rotation between every re-scan as well

as in consecutive layers lead to a dense top part of the deposit with arrested

cracks close to the Ti substrate (Fig. 7.10e). Figure 7.11 shows the observed

normalized crack length per unit area for non-rescanned, 0° rescanned and

90° rescanned layers with an initial deposition with 100 W and 100 mm·s-1.
The crack length is significantly reduced by 0° re-scanning by 28 to 32 %. The

90° rescan strategy is superior for all cases and reduced crack length by 30

to 47 % compared to the non-rescanned deposit. Although the effectiveness

of the re-scan strategy is depending on the chosen parameters, re-scanning

along the formed cracks seems to be beneficial compared to a strategy where

the cracks are crossed. It is hypothesized that stress concentration is severe

on a freshly solidified melt pool bridging the underlying crack and will again

lead to local fracture. This is illustrated by the continuous cracks through

the complete deposit in Figures 7.10b and 7.10c. However, the results clearly

show reduced cracking frequencies upon re-scanning. This indicates that the

amount of cracks is reduced by closing part of the cracks, while others are still

able to propagate to the surface. Based on the promising results, re-scanning

is an option to be considered for processing of TiAl alloys in addition to

external pre-heating to reduce the cracking of consolidated material.

Figure 7.11: Effect of the re-scanning strategy and its direction on normalized
crack length in 7 layer SLM deposits of ODS TiAl.
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7.2 SLM processing results

7.2.4 Bulk and lattice deposition

Based on the performed experiments on single line deposition, laser remelting

and re-scanning, a suitable process window is identified at radiant exposures

of less than 20 J·mm-2. The laser power needs to be kept below 200 W due

to formation of very deep melt pools and porosity. Taking into account the

powder layer thickness of 50 µm, the re-melting depth does not need to exceed

250 µm or 4 solid layers. Consequently, the line width is also ideally kept below

300 µm based in the depth to half-width ratio. In order to reduce the cracking

of deposited material, re-scanning should be applied with a 90° rotation.

Figure 7.12 shows the observed crack length on 5x5x5 mm blocks depending

on radiant exposure for single scanned and re-scanned blocks. Re-scans

are performed with multiples of the deposition scan speed v . In the single

scanned case, the lowest crack lengths are observed for intermediate radiant

exposures between 8 and 10 J·mm-2. The lowest crack lengths are obtained

for re-scanned blocks with multiple re-scanning being superior to single time re-

re-scan effect

low cracking

Figure 7.12: The observed crack length as a function of radiant exposure for
single scanned and re-scanned massive blocks. The radiant exposure of the first
scan is used for plotting. One to three re-scans are performed with multiples
of the scan speed v used for deposition and with 90° rotation. The parameter
window of lowest cracking is shown shaded.

165



7 Selective laser melting of a β-solidifying ODS γ-TiAl alloy

scanned blocks. Re-scanning is also effective at radiant exposures smaller than

8 or larger than 10 J·mm-2 reducing the crack length significantly. However,

the achieved crack length remains larger than for intermediate exposures. The

beneficial effect of re-scanning for small radiant exposures is in contrast to

the tests on 7 layer deposits, where re-scans at low radiant exposure are not

effective. Based on the beneficial effect observed by a 90° rotation in the 7

layer deposits, all re-scans for the blocks are performed in the rotated fashion.

It is believed that this explains the efficiency at low radiant exposures. Figure

7.13 shows the observed cracking frequencies measured along the trusses of

3D lattice structures. No clear dependency on the energy input is observed.

Cracking frequencies below 0.5 mm-1 are observed for single-scanned as well

as re-scanned lattices at low and high radiant exposure. The lowest cracking

frequencies are observed for single-scanned lattices with radiant exposures

from 6 to 10 J·mm-2. Generally, cracking frequencies are substantially lower

than in massive blocks. This can be understood based on the thermal history

and geometry of the 3D lattice structures. Their open, powder-filled structure

is thermally better isolated than fully consolidated bulk blocks. Consequently,

the lattice structure experiences a lower cooling rate and thus less cracking.

re-scan effect

low cracking

Figure 7.13: Cracking frequencies of 3D lattice structures produced with single
scanned and re-scanned deposition strategies.
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7.2 SLM processing results

The body-centered cubic unit cell consists entirely of overhanging trusses

that have reduced heat transport towards the base plate. A second effect is

the reduced stress in a compliant structure. While massive blocks are stiff,

a 3D lattice has higher compliance depending on its structure. The chosen

structure provides no solid elements parallel to the build plane and has thus

reduced stiffness in the x-y direction. Consequently, global stresses over the

complete part are expected to be reduced leading to less cracking. Figure

7.14 shows two lattices produced from the very same source file with 150 W

having cracking frequencies of 0.99 ± 0.11 mm-1 and 0.38 ± 0.07 mm-1 for

150 mm·s-1 and 300 mm·s-1. The retention of the fine lattice structures

is improved for lower energy input while the truss diameter is increased for

higher energy input in accordance with a larger melt pool size. Figure 7.15

shows detailed views of the lattice produced with 150 W and 150 mm·s-1.
A side view shows the exposed nodes and the bcc lattice geometry (Fig.

7.15a). Numerous cracks along the build direction are visible. Opened cracks

show preferential cracking close to the nodes where the individual trusses

intersect (Fig. 7.15b). At this location local stress concentration is severe

due to the sharp contact line between trusses in the bcc structure. The crack

propagates through both trusses until reaching the top surface of the part

(a) (b)

1 mm

(c)

Figure 7.14: The source stl file of the 5x5x5 body-centered cubic lattice
structure (a) and BSE SEM micrographs of the produced lattices with a laser
power of 150 W and a scanning speed of b) 150 mm·s-1 and c) 300 mm·s-1.
The build direction is out-of-plane. The scale bar is valid for b-c).
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7 Selective laser melting of a β-solidifying ODS γ-TiAl alloy

(Fig. 7.15c). Detailed analysis of the fracture surface shows trans-granular

failure indicating fracture at low temperatures in the intermetallic state of

the alloy. Based on phase diagram information, α2 with low ductility is only

present at temperatures below the eutectoid reaction at 1373 K for the binary

Ti-Al system. It is thus concluded that cracking occurs in the fully solid and

intermetallic state and is caused by residual stresses in the part.

500 mm

crack

unit cell

z

(a)

500 mm
opened crack surfaces

(b)

500 mm100 mm

top layer truss

(c)

5 mm

pore

trans-granular fracture

(d)

Figure 7.15: SEM micrographs of the bcc lattice produced with 150 W and
150 mm·s-1, a) side view showing the bcc unit cell and exposed nodes, b)
side view after opening the existing cracks exposing the fracture surfaces, c)
detailed view of a top level truss and d) the truss fracture surface. The build
direction (z) is indicated.
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7.3 Summary and conclusion

7.3 Summary and conclusion

To summarize this Chapter, it is shown that

• formation of smooth melt pools is observed in single line deposition

for laser powers of 100 to 200 W at low scanning speeds. Processing

energies exceeding 150 W lead to deep weld pools and increased porosity.

• cracking frequency is directly related to the radiant exposure upon laser

melting of massive parts. Re-scanning with a rotation of 90° is superior

to parallel re-scanning and reduces cracking by up to a factor of ∼2.

• complex 3D lattice structures can be produced from an ODS TiAl alloy

by SLM. Their cracking frequency is independent of radiant exposure

which is explained by their compliant structure and reduced cooling rate

due to overhanging features.

It can be concluded that the studied OX 45-3 ODS alloy can be consolidated

into complex shapes by SLM. The resulting cracking frequency can be greatly

affected by adapted parameters and re-scanning strategies, which shows the

potential of this approach. Despite the achieved improvement, it was not

possible to produce crack-free specimens on the commercial machine used

for this study. The studied alloy is thus not suitable for SLM processing

without any pre-heating. Alloy adaptions towards higher ductility or extensive

preheating and consequently stress-relief at high temperature during processing

are possible solutions to be exploited in the future. This work is a contribution

towards combining the beneficial material properties of advanced TiAl alloys

with the geometrical complexity and freedom of AM to produce light-weight

high-temperature resistant structures for demanding applications.
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8 Summary and Outlook

In the frame of this thesis the complete alloy development sequence has been

performed, starting from basic studies and computational alloy design, contin-

ued with processing trials and a characterization of the obtained properties.

Finally the AM of complex structures of the novel class of ODS TiAl alloys

has been demonstrated. Additionally, novel experimental methods have been

developed, specifically designed to study alloy behavior under non-equilibrium

conditions as observed in beam-based AM. These methods are universally

applicable to any material and provide a great base for further studies.

The summarized results of this work are:

• The rapid solidification behavior of Ti-Al between 102 and 104 K·s-1

To study the alloy behavior in the relevant range of cooling rates ex

and in situ methods have been successfully developed. A combina-

tion of arc melting of small specimens producing spherical specimens

with finite element modeling and high-speed imaging allows to study

the influence of cooling rate and composition on microstructure for-

mation. Extending this approach to a setup combining laser melting

and quenching on Cu of similar specimens at a synchrotron beamline

allows the real-time in situ study of the solidification and phase trans-

formation sequence. Both methodologies have been applied to binary

Ti-(44-48)Al. In the ex situ experiments three different microstructural

types have been observed: the coarse-grained α/α2 in Ti≤46Al, the
mixed α/α2 + γseg + γm + L(α2 + γ) in Ti-(46-47)Al and the dendritic

L(α2 + γ) + γseg + γm in Ti-48Al. The microstructural type is depend-

ing on the alloy composition and the solidification sequence. However,

the observed behavior deviates from the expected alloy behavior under

near-equilibrium conditions. The deviations are explained by a com-

putational framework based on the CALPHAD approach taking into
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8 Summary and Outlook

account the non-equilibrium conditions of rapid solidification. The de-

veloped approach relies on the composition dependence of the relevant

T0 temperatures. Finally, phase selection hierarchy maps were calcu-

lated accurately predicting the observed alloy behavior. The predicted

change in primary phase formation in Al-rich Ti-48Al was confirmed

by combined in situ microXRD and high-speed imaging, validating the

novel approach. Based on the T0-approach novel alloys can be designed

for AM taking into account the processing characteristics involving high

cooling rates.

• The influence of alloying elements on rapid solidification behavior
The influence of the important alloying elements Nb and Mo has been

studied applying the previously developed ex situ methodology com-

bined with calculated phase selection hierarchy maps. Experimental

microstructure-composition maps at 4.5(±0.2)·103 K·s-1 show the in-

creased occurrence of the coarse-grained α/α2 type in the range of

Ti-(45-47)Al-(0-7)Nb and Ti-(45-47)Al-(0-2)Mo due to a stabilization

of the β-phase by Nb and Mo. It was shown that both elements have

strong effects on the T0 temperatures of the relevant phase transforma-

tions and solidification. Additionally, a sub-type of the coarse-grained

α/α2 microstructural type has been observed for intermediate Al and

high Nb or Mo levels. This sub-type was found to be stabilized by the

combination of β-solidification without significant Al-segregation and

of a high driving force to massively transform the parent α-phase into

γm. The driving force was estimated based on the T0 approach. This

demonstrates the versatility of this approach that can be applied not

only for non-equilibrium solidification but also for composition-invariant

solid state phase transformations.

• Alloy selection for additive manufacturing The results of the funda-

mental study on the microstructure formation in binary Ti-Al and ternary

Ti-Al-Nb and Ti-Al-Mo have been used to compile a general picture

of the influence of composition on alloy behavior. The influence of Nb

and Mo has been combined in the spirit of a Schaeffler-like diagram
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using the equivalent Nb content Nbeq. Based on this information three

general classes of TiAl alloys are defined: The Al-lean, β-solidifying

Ti-(43-45)Al-(0-8)Nbeq alloys, the Al-rich, quasi-peritectic Ti-(47-48)Al-

(1-8)Nbeq alloys and the Ti-(45.5-46.5)Al-(3-8)Nbeq alloys combining

enhanced Al-content and Nbeq-alloying levels for good oxidation resis-

tance and strength. The expected behavior of the individual classes

and the individual advantages and disadvantages for AM processing

have been discussed. This provides a guideline to alloy selection and

development specifically for AM.

• ODS titanium aluminides produced using powder-based processing
The developed ODS TiAl alloy has been successfully produced by me-

chanical alloying and been consolidated using SPS. The addition of

dispersoids in SPS material leads to superior microstructural stability at

temperatures as high as 1673 K. While the fraction of lamellar colonies

is increasing with increasing temperature, their size does not change

substantially. This allows to retain fine grained material after high

temperature heat treatments or during service at elevated temperatures.

Additionally, the microstructure is refined in the SPS process upon

dispersoid addition. The ODS-free variant was found to form a consider-

able coarser microstructure involving porosity. In the ODS-variant TEM

analysis shows the presence of dispersoids at grain boundaries leading

to a pinning effect. It was also observed that the particles interact

with the dislocations in the material. Hardness measurements show

superior properties of the ODS-variant. After the post-SPS stabilization

441±29 HV and 477±16 HV were measured for the ODS-free and ODS

variant, respectively. After high temperature annealing at 1673 K for

15 min the ODS-free variant shows a loss in strength with 409±26 HV

while the ODS variant shows a slight hardness increase to 485±15 HV.

This demonstrates the potential application of ODS TiAl alloys for

high temperature service providing good mechanical performance and

microstructural stability.
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• Microstructure and texture of laser-processed titanium aluminides
In agreement with the previous results of this work, the α/α2 microstruc-

tural type was observed in the β-solidifying OX 45-3 ODS after SLM

and LMD. After both processes are columnar structure of α/α2 is ob-

served with a multitude of dispersed particles. No segregation of Al was

observed, validating the chosen alloy design strategy to avoid an inhomo-

geneous particle distribution. The non-equilibrium α/α2 microstructure

was successfully transformed to conventional near-lamellar microstruc-

tures by adapted heat treatments. The texture of the deposited material

was analyzed for LMD deposited material comparing OX 45-3 ODS to

the commercial GE 48-2-2 alloy. A significantly reduced texture was

observed for the developed ODS alloy in terms of maximum m.r.d. as

well as in the spatial orientation of the phases. The GE 48-2-2 alloy

formed a distinct fiber texture with a strong out-of-plane component

while the OX 45-3 ODS provides a speckled but more evenly distributed

texture. This can be attributed to the different solidification paths

of the two alloys. The reduced texture of OX 45-3 ODS renders the

alloy less susceptible for changed building directions and local heat flow

direction in a part. Consequently, reduced anisotropy can be achieved

after processing. It was observed, that the achieved size distribution of

dispersoids depends on the processing energies. In solid state SPS the

smallest particle distribution is achieved. After SLM and LMD particle

coarsening is observed. The differences are explained based on the

processing energies and consequently the lifetime of the melt pool.

• Performance of ODS titanium aluminides at elevated temperature
The performance of SPS OX 45-3 ODS and the ODS-free OX 45-3 has

been analyzed in terms of the oxidation resistance and the mechanical

properties. The addition of Y-based dispersoids reduces the parabolic

growth rate by a factor 2 upon oxidation in air at 1073 K. The ODS-

variant achieves a similarly low growth rate as the commercial TNB-V5

alloy, despite the lower alloying levels in OX 45-3 ODS. In both alloys

the sub-surface barrier layer consisting of Al2O3 is stabilized based
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on XRD measurements. Consequently, a similar scale morphology is

observed for OX 45-3 ODS and TNB-V5 while the ODS-free variant

shows a significantly coarser scale. Upon exposure to air at 1073 K for

924 h as well as 923 K for 987 h the dispersoids in the material remain

stable. For the ODS-variant superior yield stress and ultimate tensile

strength was observed compared to the non-ODS counterpart in the

range of 293 K to 1073 K. At room temperature an Rm and Rp0.1 of

856±0.1 MPa and 794±12 MPa and 751±8 MPa and 593±10 MPa are

achieved for the ODS and ODS-free variant, respectively. At elevated

temperature OX 45-3 ODS shows a stable Rp0.1 while the ODS-free

variant softens at 973 K before recovering at 1073 K. The fracture

surfaces at different temperature also shows very similar behavior of OX

45-3 ODS at all tested temperatures while a change in fracture mode

is observed in the ODS-free variant at the softening temperature of

973 K. The low sensitivity of the mechanical properties depending on

temperature combined with superior yield and ultimate strength are a

clear advantage for the ODS TiAl alloy. Superior oxidation resistance

can be combined with high strength in low alloyed TiAl alloys by Y2O3

addition.

• Complex structures from ODS TiAl by selective laser melting Finally,

the processing of complex 3D geometries from ODS TiAl by SLM was

demonstrated. Stable melt pool formation was observed in single line

deposition at laser powers of 100 to 150 W at low scanning speeds.

The observed cracking frequency of processed blocks and lattices was

correlated with the processing parameters and the resulting cumulative

radiant exposure. Higher energy input leads to reduced cracking in

solid blocks. Additionally, re-scanning was studied to increase the

cumulative radiant exposure while keeping or decreasing the energy

input of the individual scans. Re-scanning in an orientation of 90° to

the deposition scan was found to be superior to 0° or 45° re-scanning

and could decrease the cracking frequency by up to a factor of 2. In

lattice structures the compliance and the intrinsically lower cooling
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rates attenuate the cracking problem. Additionally, no clear influence

of energy input on cracking frequency was observed, allowing to select

processing parameters for optimal feature retention. This study provides

a first insight into the influence of part design and processing strategy

on integrity of ODS TiAl alloys.

In the future, TiAl alloys will be increasingly applied in weight-critical

applications as aerospace industry. With the great success of the introduction

of GE48-2-2 as cast blades in the GEnx engine, TiAl alloys will be already

state-of-the-art materials for the next turbine engine generation currently

being developed by Snecma, GE, MTU, Pratt & Whitney and Rolls Royce.

With this in mind, AM of these materials is increasingly studied for production

but also repair. This thesis provides the methodology to examine the influence

of the alloy composition on its behavior under the non-equilibrium processing

conditions. The important alloying systems Ti-Al-Nb and Ti-Al-Mo being

the parent ternaries of most TiAl alloys considered for or in operation have

been studied providing guidance for alloy selection and design. In order

to achieve the best combination of properties, state-of-the-art TiAl alloys

contain typically more than four elements including additions of B and C for

precipitation hardening. The promising ODS approach can be extended to

such complex alloys to ideally further increase the specific strength of TiAl

material rendering it even more competitive to Ni-base alloys. Such alloys can

be studied, developed and tested using the methods provided in this thesis.

TiAl alloys are processed using very high preheating temperatures to avoid

cracking. Such approaches need specific equipment and in many cases will

probably not evolve beyond the proof of concept in the lab. This explains

the success of EBM for TiAl due to the inherent preheating capability of the

method and the low material contamination in vacuum processing. Laser-

based AM methods however operate typically in a shielding gas atmosphere

and usually rely on either inductive or resistive heating, if present at all. At

high temperatures the confinement of the hot shielding gas and contamination

of the build material become increasingly problematic. Consequently, any

reduction in the necessary preheating temperature to achieve high integrity
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TiAl parts, such as re-scanning or alloy composition, favors the laser-based

methods. This work provides the base for process and alloy development

towards optimized materials for AM. In the future this approach can be ex-

tended to more complex alloy systems, with or without ODS addition, to

achieve higher high-temperature ductility and lower stresses by stabilization

of additional or modified phases. The application of such novel alloys for

AM requires complete certification involving high temperature degradation in

various atmospheres, static mechanical properties in the relevant temperature

range, fatigue testing to establish the Wöhler curves at various loading condi-

tions, creep and relaxation testing, and the influence of potential anisotropy

as well as different heat treatment states.

Beyond the development of TiAl alloys, the novel experimental and com-

putational approaches can be applied to other important alloy systems. For

example the behavior of γ’-hardening Ni-base super alloys is a matter of

great problems for AM as the precipitation upon solidification and during the

intrinsic heat treatment affects the processability. Additionally, this class of

alloys has been optimized for different processing routes in the past by alloying

to form highly complex multi-component systems. The understanding of the

non-equilibrium behavior of these alloys is crucial for future alloy development

and successful AM.
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